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Foreword:  Frank  Lee  Galeener 


Frank  Lee  Galeener  passed  away  on  June  6,  1993  in  Fort  Collins, 
Colorado,  where  he  was  Professor  of  Physics  at  Colorado  State 
University.  Fie  left  in  great  sorrow  his  family,  his  students,  his 
Faculty  Colleagues,  and  everyone  with  whom  his  lifeline  inter¬ 
sected,  in  and  outside  the  Physics  Community.  He  died  of 
esophageal  cancer.  In  his  illness,  as  in  all  of  his  life,  Frank 
displayed  the  consideration  and  style  that  was  characteristically  his. 
Immediately  after  his  illness  was  diagnosed,  his  first  thought  was  to 
secure  the  future  of  those  who  depended  on  him  in  any  way, 
especially  his  family  and  his  students  at  Colorado  State.  Having 
attended  to  that,  he  (with  his  wife  Janet  and  his  two  sons  Keith  and 
Matthew  at  his  side)  waged  a  long,  valiant,  but  in  the  end  a  losing 
battle  with  the  merciless  killer  that  it  was  his  fate  to  encounter. 
Frank  handled  the  inevitable  in  a  manner  that  can  only  be  described 
as  inspiring  to  anyone  who  knew  him  and  reflected  precisely  the 
responsible,  considerate,  and  rational  character  by  which  he  lived 
his  entire  life.  In  the  last  months  of  his  life  he  concentrated  on 
devoting  all  his  personal  attention  to  his  family,  his  friends,  and  his 
students.  Because  of  Frank’s  style,  these  final  months  became  the 
highest-quality  time  that  anyone  had  spent  with  him. 

Frank  Lee  Galeener  Frank  was  a  Californian,  born  in  Long  Beach  on  July  31,  1936, 

1936-1993  a  famijy  that  moved  to  the  Golden  State  in  the  days  of  the  Dust 

Bowl,  with  a  story  behind  them  not  unlike  Steinbeck’s  Grapes  of 
Wrath.  For  his  college  education  he  went  to  M.I.T.,  where  he  earned  his  S.B.  degree  in  Physics  in  1958  and  his 
S.M.  degree  in  Solid  State  Experimental  Physics  in  1962.  His  S.M.  research  was  carried  out  under  the  joint 
direction  of  Benjamin  Lax  and  George  B.  Wright  in  magneto-optical  studies  of  III-V  semiconductors,  at  a  time 
when  that  field  was  just  beginning  to  blossom.  At  the  time  of  his  S.M.  research,  Frank  served  on  the  staff  of  the 
M.I.T.  Lincoln  Laboratories,  and  upon  completion  of  his  S.M.  he  was  appointed  as  a  staff  member  of  the  M.I.T. 
National  Magnet  Laboratory  (1961-1964).  His  intention  was  to  be  exposed  to  real  life  before  continuing  with 
his  PhD  studies. 

He  thus  returned  to  graduate  school  (at  Purdue  University)  as  a  mature  physicist  and,  although  an 
experimentalist  at  heart,  Frank  elected  to  do  a  theoretical  thesis,  so  as  to  round  himself  out  in  order  to  become  a 
more  complete  scientist.  His  thesis  topic  involved  multiple  scattering  of  electromagnetic  waves  in  a  magnetized 
solid  state  plasma  consisting  of  a  random  distribution  of  semiconductor  particles.  His  work,  carried  out  in  the 
group  of  J.K.  Furdyna,  has  led  to  several  new  seminal  concepts  (e.g.,  magnetic-dipole-excited  cyclotron 
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resonance)  that  were  exploited  by  other  students  in  at  least  five  subsequent  dissertations  at  Purdue.  More 
importantly,  Frank’s  thesis  contained  elements  both  of  magneto-optics  (on  which  he  could  draw  from  his  own 
past  experience)  and  of  random  media.  It  is  thus  likely  that  in  his  PhD  research  lay  the  early  seeds  of  Frank’s 
interest  in  random  and  amorphous  media,  the  study  of  which  had  such  a  major  impact  later  in  his  career. 

Following  the  receipt  of  his  PhD  in  physics  from  Purdue  University  in  1970,  he  became  a  founding  member 
of  the  research  staff  at  the  Xerox  Palo  Alto  Research  Center,  rising  to  manager  of  the  Amorphous  and 
Crystalline  Semiconductors  Research  Area.  He  was  promoted  to  Principal  Scientist  in  1977.  During  and  just 
after  his  tenure  at  Xerox  P.A.R.C.,  he  was  a  Visiting  Scholar  at  the  University  of  Oxford  (1982),  a  Visiting 
Professor  at  the  Cavendish  Laboratory  of  the  University  of  Cambridge  (1983-84),  and  a  Visiting  Scientist  at  the 
Laboratory  for  Elementary  Particle  Theory  of  the  University  of  Paris  VI  (1988).  His  move  to  Colorado  State 
University  took  place  in  1987.  He  was  a  fellow  of  the  American  Physical  Society  and  of  the  American  Ceramic 
Society. 

Although  his  PhD  studies  were  in  solid  state  theory,  Frank  Galeener  remained  a  consummate  experimentalist, 
developing  a  state-of-the-aTt  Raman  spectroscopy  laboratory  at  Xerox  P.A.R.C.,  which  he  later  transferred  to 
Colorado  State  University  to  form  the  nucleus  of  a  diversified  glass  physics  laboratory.  Early  in  his  post-PhD 
career,  his  interests  became  centered  on  the  atomic  and  vibrational  structure  of  amorphous  solids  and  thin  films. 
Among  his  most  important  achievements  were  his  demonstration  of  LO-TO  splitting  in  glasses,  his  empirical 
and  theoretical  determination  of  selection  rules  for  Raman  and  infrared  absorption  in  glasses,  the  definition  and 
study  of  intermediate  range  structural  order  in  glasses,  and  the  identification  of  planar  three-membered  ring 
structures  in  glassy  Si02.  In  recent  years,  he  left  the  relative  security  of  these  subfields,  in  which  he  was  an 
acknowledged  leader,  and  bravely  shifted  into  the  arcane  and  highly  competitive  area  of  point  defects  and 
radiation-damage  mechanisms  in  silica  glasses,  where  he  and  his  collaborators  promptly  discovered  unantici¬ 
pated  dependencies  of  defect  production  efficiency  on  the  fictive  temperature  of  the  glass  and  on  the  energy  of 
the  inducing  X-ray  photons.  In  recognition  of  his  aggregate  achievements  in  elucidating  the  structures  of  silica 
and  other  non-crystalline  solids,  Frank  Galeener  was  chosen  to  receive  the  1993  George  W.  Morey  Award  of  the 
Glass  and  Optical  Materials  Division  of  the  American  Ceramic  Society.  His  enthusiastic  plans  to  go  through 
with  the  award  lecture,  at  least  by  way  of  a  prerecorded  video  tape,  were  overtaken  by  his  disease.  The  award 
was  accepted  posthumously  by  his  widow  Janet  at  the  Society’s  November  1993  PAC  RIM  Meeting  in 
Honolulu,  Hawaii. 

Frank  Galeener  was  greatly  admired  for  the  energy  and  originality  which  he  brought  to  the  study  of  the 
physics  and  chemistry  of  glasses  and  for  the  extremely  rigorous  standard  of  proof  which  he  imposed  on  all 
proposed  models  of  glass  structure  including,  especially,  his  own.  He  was  greatly  loved  and  will  be  long 
remembered  by  his  numerous  friends  and  colleagues  for  his  courage,  his  kindness,  and  his  rich  sense  of  humor. 
He  was  generous,  helpful,  fair,  and  never  less  than  considerate  in  his  dealings  with  his  students,  his 
collaborators,  and  even  his  (very  rare)  detractors. 

In  the  last  few  months  of  his  life,  some  of  Frank’s  friends  got  together  and  decided  hold  a  symposium  in  his 
honor,  that  would  be  concerned  with  his  main  lifetime  interest,  Amorphous  Insulators.  This  plan  was  presented 
to  Frank  over  lunch  at  his  home  and  he  enthusiastically  endorsed  the  idea.  Characteristically  he  helped  plan  the 
format,  suggested  invited  participants,  and  where  the  symposium  was  to  be  held.  He  wanted  the  meeting  to  be  in 
a  remote  location  in  the  Rocky  Mountains  of  Colorado,  that  he  had  grown  to  love  in  recent  years  and  Pingree 
Park  was  agreed  upon,  as  it  was  a  conference  center  operated  by  Colorado  State  University.  Only  one  month 
before  the  symposium,  forest  fires  severely  damaged  Pingree  Park  so  that  it  was  no  longer  available.  Professor 
Robert  G.  Leisure  of  Colorado  State  University  scrambled  to  find  an  alternative  location,  and  succeeded 
admirably  with  the  choice  of  the  Iron  Horse  Resort  and  Retreat  in  Winter  Park,  also  in  the  Rocky  Mountains  of 
Colorado. 
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Section  1.  Introduction  and  rings 

Evidence  for  rings  in  the  dynamics  of  tetrahedral  glasses 

Roger  Elliott 

Theoretical  Physics,  University  of  Oxford,  1  Keble  Road,  Oxford  0X1  3NP,  UK 


Abstract 


Following  Galeener,  the  experimental  evidence  and  qualitative  arguments  for  the  existence  of  small  regular  rings  in 
amorphous  Si02  and  similar  AX2  tetrahedral  glasses  are  reviewed.  The  vibrations  of  planar  three-rings  and  puckered 
four-rings  are  calculated  using  central  and  non-central  forces  in  a  Born  potential,  while  the  rest  of  the  network  is  modelled 
by  Bethe  lattices.  It  is  shown  that  the  symmetric  oxygen  motions  in  the  rings,  which  are  expected  to  have  a  large  Raman 
polarisability,  are  nearly  decoupled  from  the  rest  of  network  and  are  in  quantitative  agreement  with  the  sharp  ‘defect’  lines 
Dj  and  D2  observed  in  the  Raman  spectra  of  Si02  at  495  and  606  cmH  respectively. 


1.  Introduction 

Frank  Galeener’s  scientific  interests  during  the 
past  decade  were  centred  on  the  properties  of  glassy 
materials  of  which  SiOz  is  the  archetype.  While  his 
experimental  work  focused  on  the  vibrational  proper¬ 
ties  of  these  materials  as  studied  by  optical  tech¬ 
niques,  his  insights  into  their  structures  were  far 
broader.  His  single  minded  pursuit  of  these  studies 
has  added  enormously  to  our  understanding  of  these 
complex  and  interesting  materials. 

Over  the  past  few  years  I  collaborated  with  Frank 
in  attempting  to  explain  some  of  the  features  of  the 
vibrational  spectra,  and  in  particular  the  sharp  peaks 
in  the  Raman  spectra  which  appeared  to  arise  from 
well  defined  ‘defects’.  This  collaboration  was  pur¬ 
sued  in  greater  depth  by  my  former  student  and 
long-time  colleague  Rafael  Barrio.  One  of  the  last 
scientific  tasks  completed  by  Frank  during  his  last 
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illness  was  the  writing  of  a  paper  [1]  which  reported 
these  results  and  the  implications  for  the  structure 
which  could  be  inferred  from  them. 


2.  Structure  of  amorphous  solids 

By  definition,  full  information  about  the  structure 
of  an  amorphous  solid  can  never  be  elucidated,  nor  is 
it  possible  to  find  by  experiment.  This  is  by  striking 
contrast  with  a  perfect  crystal  where  the  periodic 
symmetry  means  that  we  can  infer  the  structure  on 
all  length  scales  from  the  knowledge  of  the  structure 
of  a  unit  cell.  Galeener,  in  a  number  of  papers  [2,3], 
has  shown  that  it  is  useful  to  catalogue  the  elements 
of  order  on  different  scales.  Short  range  order  de¬ 
scribes  the  nearest  neighbour  bonding  environment 
of  each  atomic  species.  In  glassy  materials,  strongly 
directional  co-valent  bonding  is  usually  present. 
Thus,  in  Si02  we  expect  the  Si  to  be  surrounded  by  a 
tetrahedron  of  O  atoms  with  bond  lengths,  r,  close  to 
the  normal  value  of  1.61  A  and  the  O-Si-O  bond 
angle,  close  to  the  regular  tetrahedral  value  of 
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Fig.  1.  Atomic  arrangement  of  two  adjacent  silicon  tetrahedra 
centred  at  position  O  and  A  sharing  an  oxygen  at  position  1, 
defining  angles  <f)  for  O-Si-O,  6  for  Si-O-Si  and  8  the  dihedral 
angle. 


109.5°.  The  O  atoms  form  bridges  between  two  Si 
with  bent  Si-O-Si  bond  angles,  0,  peaked  at  its 
normal  value  of  144°  but  having  a  broader  distribu¬ 
tion.  Simple  short-range  order  assumes  that  there  is 
no  correlation  between  the  rotational  positions  of  the 
two  Si  tetrahedra  attached  to  a  single  oxygen.  The 
relative  rotational  angle,  <5,  is  called  the  dihedral 
angle  and  in  real  materials  is  affected,  for  example, 
by  steric  hindrance  [4]  (see  Fig.  1). 

These  Si  tetrahedra  with  their  O  bridges  must 
couple  together  into  a  continuous  network.  Over 
distances  involving  several  neighbours,  this  can  be 
described  as  intermediate  range  order.  One  of  the 
most  pertinent  questions  relating  to  order  on  this 
scale  is  the  size  of  the  rings  in  the  structure  which 
provide  the  shortest  non-repeating  path  which  returns 
to  the  origin. 

At  larger  distances  it  is  possible  that  regular 
crystal-like  arrangements  of  atoms  might  exist  over 
finite  volumes.  In  fact  the  width  of  the  diffraction 
peaks  observed  by  X-rays  and  neutrons  indicate  that 
such  crystallites,  if  they  exist  must  be  very  small.  It 
has  been  suggested  by  Phillips  [5,6]  and  others  that 
such  micro-crystals  would  be  heavily  strained  and 


would  have  a  significant  volume  of  connecting  mate¬ 
rial  which  would  be  disordered  and  possibly  show 
some  surface  like  properties.  While  it  is  clear  that  for 
some  purposes  there  is  value  in  emphasising  the 
possible  existence  of  micro-crystallites,  it  would  ap¬ 
pear  that  their  small  volume  means  that  they  do  not 
provide  a  good  starting  point  for  the  description  of 
many  properties,  and  in  particular  the  vibrational 
spectra. 

Galeener  [7]  in  his  review  strongly  endorses  the 
continuous  random  network  model  of  Zachariasen 
[8]  as  elaborated  by  Warren  and  others  [9]  which 
incorporates  the  short  range  order  properties  dis¬ 
cussed  earlier.  It  has  little  to  say  about  ring  statistics 
and  it  does  not  allow  for  any  crystallites.  On  a  global 
scale,  it  maintains  homogeneity  and  isotropy. 

3.  Ring  statistics 

The  main  difficulty  in  deciding  the  form  of  inter¬ 
mediate  range  order  present  in  an  amorphous  system 
lies  in  the  fact  that  there  are  no  experiments  which 
reveal  these  structures  directly.  Diffraction  experi¬ 
ments  yield  pair  distribution  functions  which  give 
useful  information  about  the  short  range  order  but 
which  are  less  sensitive  at  longer  ranges.  One  impor¬ 
tant  way  of  gaining  more  insight  into  these  structures 
is  to  construct  models.  The  pioneering  work  of  Bell 
and  Dean  [10]  who  constructed  physical  ball  and 
stick  models  gave  the  first  information  of  this  type. 
Recently  Vashishta  and  co-workers  [11]  have  deter¬ 
mined  the  structure  of  a  648-atom  cluster  using 
realistic  inter-atomic  potentials  including  three-body 
effects.  This  paper  analyses  the  structure  for  the 
existence  of  /z-membered  rings  for  small  values  of  n. 
Such  a  ring  contains  alternately  n  Si  and  n  O  atoms. 
They  find  a  distribution  which  is  peaked  around 
n  =  6  and  n  =  8  which  occur  in  the  crystalline  form 
of  crystabalite  and  quartz.  However  there  are  a  sig¬ 
nificant  number  of  smaller  rings  including  some  8% 
with  n  =  4  and  1%  with  n  =  3.  There  are  no  n  =  2 
rings  which  would  occur  if  Si  tetrahedra  shared  an 
edge.  It  seems  likely  that  such  ring  statistics  will  be 
sensitive  to  the  actual  potential  assumed.  Bell  and 
Dean  found  no  rings  with  small  n  but  they  were 
largely  forbidden  by  the  subjective  rules  applied  in 
the  construction  of  their  model. 
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4.  Vibrational  spectra 

The  vibrational  modes  of  the  glass  depend  in  the 
last  detail  on  the  actual  structure  of  the  network. 
They  can  indeed  be  derived  for  the  model  clusters 
discussed  above.  In  order  to  obtain  a  feeling  for  the 
factors  which  are  most  relevant  in  determining  the 
spectra,  it  is  valuable  to  have  an  analytic  solution, 
albeit  of  a  simplified  model.  The  essential  features  of 
the  spectrum  are  determined  by  the  short  range  force 
constants  and  therefore  by  the  short  range  order. 
There  are,  however,  long  range  Coulomb  effects 
which  give  rise  to  LO-TO  splitting  in  those  parts  of 
the  spectrum  where  there  is  local  polarizability  aris¬ 
ing  from  the  displacements.  This  was  first  pointed 
out  by  Lucovsky  and  Galeener  sometime  ago  [12]. 
These  long  range  Coulomb  forces  are  neglected  in 
the  rest  of  this  discussion. 

The  simplest  model  which  has  been  widely  used 
to  represent  the  long  range  order  while  allowing  for 
a  simple  analytical  solution  is  the  Bethe  lattice  (or 
Cayley  tree)  which  consists  of  infinite  branching 
chains  with  no  loops  so  that  it  reduces  to  an  effective 
one  dimensional  problem. 

Sen  and  Thorpe  [13]  showed  if  only  central  forces 
between  nearest  neighbour  atoms  were  assumed,  the 
spectrum  was  greatly  simplified.  For  Si02-like  mate¬ 
rials  it  consisted  of  two  broad  bands,  each  with  a 
sharp  peak  at  the  maximum  frequency.  Even  this 
highly  simplified  model  allowed  Galeener  and  Sen 
[14]  to  interpret  the  Raman  spectra  of  these  glasses. 

Much  more  realistic  spectra  can  be  obtained  if 
non-central  forces  are  included  and  the  simplest  ex¬ 
ample  of  this  is  the  so-called  Born  model  where  the 
potential  between  two  neighbouring  sites,  5,  with 
small  displacements  u(l)  away  from  the  equilibrium 
position  of  atoms  can  be  written 

V=j(a-/3)[(«(/)-u(/  +  S))-S]2 

+  {p[u(l)  —  «(/+  S)]2.  (1) 

Here  the  non-central  force  /3  represents  the  resis¬ 
tance  to  changes  in  the  bond  angles,  and  is  more 
properly  represented  by  a  three  body  potential.  Nev¬ 
ertheless  the  Born  model  has  proved  a  very  useful 
approximation  in  these  materials.  With  non-central 
forces,  the  relative  orientation  of  neighbouring  Si 
tetrahedra  becomes  significant  and  it  is  necessary  to 


make  assumptions  about  the  dihedral  angle,  8.  The 
most  detailed  calculations  have  been  carried  out  by 
Barrio  et  al.  [15]  assuming  that  the  dihedral  angle  is 
random. 

The  resulting  density  of  states  for  the  best  fit  with 
ot  =  507  N/m,  /3  =  78  N/m  and  d  =  154°  is  shown 
in  Fig.  2.  It  consists  of  three  main  peaks  in  the 
region  400-500  cm-1,  700-800  cm-1,  and  1000- 
1100  cm-1.  Similar  peaks,  with  different  weights 
reflecting  the  relative  cross-sections  of  the  two  nu¬ 
clei  are  found  in  neutron  scattering  [16]. 

The  model  may  also  be  used  to  give  the  Raman 
and  infrared  intensities  provided  appropriate  assump¬ 
tions  are  made  for  the  relevant  polarizabilities.  Mar¬ 
tin  and  Galeener  have  viewed  this  semi-empirically 
[17]  and  it  is  generally  believed  that  the  strongest 
Raman  intensity  comes  from  those  vibrations  which 
simultaneously  stretch  (and  compress)  the  Si-0 
bonds,  in  which  the  O  atom  moves  along  the  bisector 
of  the  Si-O-Si  bond  angle.  This  emphasises  the 
400-500  cm-1  region  of  the  spectrum  where  a 
strong  peak  is  seen  experimentally  (see  Fig.  3). 

5.  Defect  lines 

None  of  these  theoretical  considerations  give  any 
explanation  of  the  sharp  lines  called  Dj  and  D2 
which  occur  universally  in  Si02  samples  at  495  and 
606  cm-1,  respectively,  in  the  Raman  spectrum. 
Their  strength  and  position  have  been  studied  vari¬ 
ously  as  a  function  of  neutron  bombardment  [18], 
fictive  temperature  [19],  trace  water  content  [20], 
isotopic  substitution  of  Si[21],  isotopic  substitution 
of  O  [22],  tensile  stress  [23]  and  pressure  compaction 
[24]  as  well  as  in  Vycor  glass  [25]  and  sol-gel 
glasses  [26]. 

The  variation  with  isotopes  shows  that  the  mo¬ 
tions  involved  are  purely  oxygen  ones,  while  the 
strong  Raman  intensity  suggests  that  several  oxygens 
must  be  moving  coherently.  The  possibility  that  they 
are  associated  with  surfaces  has  been  extensively 
examined  by  Brinker  et  al.  [27]. 

After  extensive  investigation  of  other  models, 
Galeener  came  firmly  to  the  conclusion  that  these 
modes  must  be  associated  with  small  rings,  specifi¬ 
cally  D2  with  n  =  3  and  D!  with  n  =  4.  One  of  the 
main  initial  difficulties  with  this  interpretation  lay  in 
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the  sharpness  of  the  lines,  since  they  occur  at  fre¬ 
quencies  where  the  bulk  density  of  states  of  the 
network  is  not  zero.  In  order  to  be  so  sharp  within 
this  region,  the  defect  modes  must  be  effectively 


(b)  A 

d,d-  Averaged 

In 

Bethe  /  1 

)/=20  cm-1 

c 

n 

lattice  J  l 

A 

CO 

\ 

A  A 

15 

V. 

3 

f  ^ 

'A/l 

CO 

0 

A  i  i  i  i 

i  i  iM  1  iVj 

Fig.  2.  Vibrational  density  of  states  in  a  Bethe  lattice  model  (after 
Ref.  [15])  for  a  =  507  N/m,  (3  =  78  N/m  for  different  averages 
over  distributions  of  6  and  random  8  compared  with  the  his¬ 
togram  of  modes  in  a  large  cluster  [10].  The  parameter  rj  intro¬ 
duces  an  arbitrary  broadening  to  smooth  out  spurious  features. 


Fig.  3.  Measured  Raman  response  (a)  and  (b)  in  vitreous  SiO, 
compared  with  a  Bethe  lattice  calculation  (c)  (after  Ref.  [15]). 


de-coupled  from  the  rest  of  the  lattice.  This  is  consis¬ 
tent  with  an  oxygen-only  coherent  motion  within  the 
rings  which  leaves  the  intermediate  Si  atoms  station¬ 
ary.  It  was  shown  by  Barrio  et  al.  [1]  that  the  normal 
values  of  the  force  constants  nearly  satisfy  this  con¬ 
dition. 


6.  Dynamics  of  small  rings 

6.1.  Planar  three-ring 

If  we  assume  that  it  is  more  difficult  to  distort  the 
O-Si-O  away  from  </>  =  109.5°  than  to  distort  the 
Si-O-Si  angle,  9 ,  from  its  preferred  angle  of  about 
150°,  then  geometry  requires  that  in  a  planar  ring 
6  =  130.5°.  On  these  assumptions,  this  structure 
should  be  stable  since  any  puckering  of  the  ring  will 
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decrease  0  even  further  away  from  the  preferred 
value.  If  the  ring  was  distorted  in  a  regular  way,  it 
could  take  the  form  of  a  ‘crown’  with  the  O  atoms 
on  one  side  of  the  plane  defined  by  the  Si,  or  of  a 
‘chair’  where  two  atoms  lie  on  one  side  of  that  plane 
and  one  on  the  other.  In  the  model  calculations  of 
Vashishta  et  al.  [in,  the  small  number  of  three-rings 
found  appear  to  favour  the  crown  configuration  with 
4>  =  102°  and  0  =  131°.  This  runs  against  the  normal 
intuition  that  it  is  more  difficult  to  distort  </>  than  0 
and  must  be  due  either  to  the  special  nature  of  the 
three-body  forces  in  the  model,  or  to  the  effects  of 
more  distant  neighbours. 

In  order  to  have  zero  response  for  the  Si  atoms  in 
the  ring,  and  hence  no  coupling  to  the  rest  of  the 
network  in  an  oxygen  breathing  motion,  we  see  from 
Fig.  4  that  this  requires  the  exact  cancellation  of 
force  F  which  arises  from  the  central  forces  /  with 
the  force  G  which  arises  from  the  non-central  forces 
g.  This  requires 

(a/P)  =  tan  \ 6  tan  ~(f>,  (2) 

which  specifies  fi/a  =  0.326.  The  frequency  of  the 
O  motion  is  then  given  by 

\m{)  to2  =  a  cos2  {6  +  ft  sin2  { 0 

=  a  cos2  \ 6(1  +  tan  cos  (3) 

and  in  order  to  obtain  D2  at  the  appropriate  position 
gives  a  =  390  N/m  and  ft  =  127  N/m.  However, 
the  de-coupling  is  quite  insensitive  to  changes  in 


(BL)  (BL) 


Fig.  4.  Planar  three-ring  showing  forces  generated  at  a  Si  site  by 
O  motions.  (BL  =  Bethe  lattice). 


Fig.  5.  Sensitivity  of  linewidth  of  the  three-ring  breathing  mode 
D2  to  variations  in  the  force  constants  a  and  (3 . 

these  parameters,  as  is  shown  in  Fig.  5.  Force  con¬ 
stants  unchanged  from  those  used  in  the  Bethe  lattice 
calculation  still  show  a  comparatively  narrow  line  at 
approximately  the  correct  frequency.  Although  no 
detailed  calculations  have  been  carried  out  for  this 
case,  it  is  also  clear  that  line  width  is  insensitive  to 
motions  out  of  the  plane  which  would  exist  if  the 
ring  was  puckered  in  any  way,  as  is  demonstrated 
later  by  actual  calculations  of  this  type  of  effect  for  a 
four-ring. 

6.2.  Regular  four-ring  dynamics 

Similar  considerations  suggest  the  assignment  of 
Raman  line  D1  at  495  cm-1  to  the  breathing  motion 
of  regular  four-rings.  This  is  based  on  the  appropri¬ 
ate  observed  energy  of  formation  [25],  the  reported 
vibrational  frequencies  of  ring  molecules  [26]  and 
other  factors.  The  situation  here  is  more  complicated 
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since  a  planar  ring  with  </>  fixed  at  the  tetrahedral 
value  gives  6  =  160.5°  which  is  larger  than  the 
energetically  favoured  value  so  that  puckering  is 
likely  to  take  place.  Possible  regular  arrangements 
which  show  a  single  breathing  mode  frequency  are 
given  in  Fig.  6.  Of  these  eight  configurations,  only 
two  are  capable  of  perfect  de-coupling  of  the  breath¬ 
ing  mode  to  the  surrounding  lattice  where  the  Si 
atoms  stay  still  when  the  oxygens  move  along  the 
bisector  of  0.  Apart  from  the  planar  ring,  only  the 
oxygen  boat  can  show  a  cancellation  of  the  central  F 
and  the  non-central  G  forces. 

Using  an  oxygen  boat  with  0  =  154°,  as  taken  in 
the  Bethe  lattice  calculation,  gives  perfect  de-cou- 
pling  when  fi/a  =  0.207  and  a  response  at  the 
correct  frequency  495  cm-1  when  a  =  461  N/m 
and  p  =  91  N/m.  However  the  normal  lattice  force 
constants  a  =  507  N /m  and  ft  =  78  N /m  also  give 
a  sharp  response  at  the  slightly  lower  frequency  (Fig. 
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Fig.  6.  Regular  conformations  of  a  four-ring.  The  symbols  +  ,  - 
and  0  refer  to  positions  above,  below  or  within  the  plane  of  the 
paper. 
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Fig.  7.  Calculated  Raman  response  of  the  four-ring  oxygen  boat 
for  (a)  the  usual  force  constants  and  (b)  for  those  giving  perfect 
decoupling  of  the  O  motions.  The  infra-red  response  of  the  ring  is 
broadened  by  coupling  to  the  lattice  modes  as  shown  in  (c),  and 
exists  across  the  whole  range  of  the  density  of  states  in  (d). 


7).  The  line  width  is  extremely  insensitive  to  changes 
in  the  force  constants  (Fig.  8).  Detailed  calculations 
also  show  that  it  is  relatively  insensitive  to  changes 
in  the  puckering  angle. 


7.  Conclusion 

The  short  range  bonding  structures  of  the  Si02 
glasses  are  well  established,  while  the  long  range 
isotropy  and  homogeneity  of  such  glasses  is  well 
known.  However,  there  is  no  conclusive  experimen¬ 
tal  evidence  available  about  the  nature  of  intermedi¬ 
ate  range  order,  and  in  particular  the  ring  statistics  in 


R.  Elliott  /  Journal  of  Non-Crystalline  Solids  182  (1995)  1-8 


1 


Fig.  8.  Sensitivity  of  the  linewidth  of  the  oxygen  breathing  mode 
in  a  four-ring  boat  to  changes  in  force  constants. 

these  materials.  The  pair  distribution  functions  ob¬ 
tained  from  diffraction  experiments,  and  the  bulk 
vibrational  spectra  obtained  by  optical  or  neutron 
experiments,  are  not  sufficiently  sensitive  to  these 
effects.  Model  calculations  can  and  do  give  predic¬ 
tions  of  this  intermediate  range  order,  but  they  de¬ 
pend  ultimately  on  the  accuracy  of  the  inter-atomic 
potential  which  have  to  be  assumed. 

This  author  is  entirely  persuaded  by  Galeener’s 
hypothesis  that  small  rings  are  a  feature  of  such 
glasses  and  in  particular  that  the  sharp  ‘defect  lines’ 
observed  in  the  Raman  spectra  are  the  signatures  of 
such  rings.  This  identification  depends  on  the  inter¬ 
pretation  of  a  large  mass  of  related  experimental 
evidence,  much  of  which  was  pieced  together  by 
Galeener  in  a  sustained  attack  on  this  problem.  In 
particular,  since  the  planar  three-ring  does  not  occur 
in  any  known  crystalline  form  of  Si02,  he  has 
suggested  that  its  presence  may  significantly  inhibit 


crystallisation  upon  quenching.  The  concentration  of 
planar  three-rings  increases  with  the  fictive  tempera¬ 
ture  so  that  at  the  melting  temperature  there  may  be 
a  large  concentration  of  the  structural  units  which 
must  first  be  broken  in  order  to  build  any  known 
crystaline  form.  The  existence  of  large  concentra¬ 
tions  of  these  rings  may  therefore  be  a  key  to 
understanding  the  strong  glass  forming  tendency  of 
molten  Si02.  In  general,  Galeener  believes  that  the 
tendency  to  form  a  glass  rather  than  a  crystal  may  be 
due  to  specific  elements  of  intermediate  range  order 
in  the  melt,  in  the  form  of  small  regular  rings  of 
bonds,  which  do  not  exist  topogicaliy  in  any  crys¬ 
taline  form  of  the  substance.  Similar  arguments  have 
been  applied  to  GeO  and  are  no  doubt  relevant  to 
other  tetrahedral  glasses. 
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Abstract 

This  article  discusses  a  theoretical  approach  to  the  description  of  the  ring  structure  in  the  amorphous  Si02  elaborated  in 
common  with  Frank  L.  Galeener  and  Rafael  Barrio  in  1988-1990.  After  recalling  briefly  the  theoretical  model  of 
agglomeration  and  growth  of  general  networks,  the  first  model  of  ring  agglomeration,  produced  in  1988  and  1989,  is 
presented.  Partial  results  obtained  with  this  model  are  shown  and  its  shortcomings  are  criticized.  Next,  a  brief  description  is 
given  of  the  last  version  of  the  model  of  ring  formation  and  growth,  adapted  also  to  other  glasses,  in  particular  to  the 
amorphous  B203,  and  elaborated  partly  along  the  recommendations  concerning  the  model  that  Frank  Galeener  gave  in  one 
of  his  last  letters. 


It  happens  sometimes  that  the  trail  left  by  a  little  snail 
may  be  seen  one  thousand  years  later  on  the  petrified  sand . 

Who  can  be  sure  to  leave  a  trace  that  will  be  seen  after  a  thousand  years ? 
Chinese  poem  (Song  Dynasty,  ~  1000  years  ago). 


1.  Introduction 

Although  as  humans  we  may  feel  as  frail  and 
fragile  as  little  snails  when  confronted  with  the 
unrelenting  and  pitiless  flow  of  time,  there  is  one 
magic  property  of  the  traces  left  by  us  in  the  minds 
and  hearts  of  our  fellow  human  beings  that  no  snail’s 
trail  could  possess:  they  can  grow  and  develop, 
becoming  bigger  and  more  important  with  time. 

Without  any  doubt  this  is  happening  with  the 
reminiscence  of  our  common  work  with  Frank  and 
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the  marvellous  collaboration  we  had  together  since 
1987,  as  well  as  the  valuable  contribution  which 
Rafael  Barrio  has  made  after  he  joined  our  project  on 
rings  in  amorphous  Si02  in  1989. 

Although  we  never  published  our  results,  the  ap¬ 
proach  we  developed  to  the  problem  has  been  used 
in  the  theoretical  study  of  many  glasses  whose 
short-range  structure  turned  out  to  be  much  simpler 
than  that  of  the  amorphous  Si02,  and  has  given  rise 
to  a  number  of  papers,  either  published  or  about  to 
appear  (cf.  Refs.  [1-5]). 

It  can  be  said  that  the  side-effects  have  momentar¬ 
ily  overgrown  the  scope  of  our  initial  project  that 
was  concerned  exclusively  with  the  rings  in  amor¬ 
phous  Si02.  This  was  also  due  to  Frank’s  excep- 
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tional  scientific  honesty  and  the  rigorous  standards 
that  he  imposed  on  the  quality  of  material  that  he 
would  deem  worth  publishing.  That  is  why  partial 
results  concerning  the  applications  of  our  model  to 
xB203  +  (1  —  x)Li20,  xSiS2  +  (1  -  x)Li2S  and 
other  binary  glasses  have  been  published  since  a  few 
years,  while  the  work  on  the  amorphous  Si02  still 
remains  in  a  preparatory  stage. 

However,  I  feel  the  time  is  ripe  to  unveil,  at  least 
partly,  the  main  content  of  our  common  theoretical 
work,  and  to  pay  tribute  to  Frank’s  inventiveness  and 
to  his  extraordinarily  deep  insight  in  the  domain  of 
glass  science.  Frank’s  main  concern  during  the  few 
years  of  our  common  work  has  been  related  to  rings 
in  the  amorphous  Si02,  whose  characteristic  breath¬ 
ing  modes  he  discovered  via  Raman  spectroscopy 
experiments  (cf.  Refs.  [6,7]). 

This  article  intends  to  be  a  tribute  to  a  dear  friend, 
a  history  of  a  ten  years  long  search  with  its  highs  and 
lows,  a  sketch  of  our  approach  to  the  theory  of  the 
glass  transition  and  its  consequences  for  the  short- 
range  order  in  amorphous  Si02  -  all  these  things 
impose  an  internal  structure  of  this  contribution, 
which  will  also  highlight: 

(a)  a  description  of  the  first  model  of  agglomera¬ 
tion  and  growth; 

(b)  first  attempts  to  model  Si02  glass  (in  com¬ 
mon  with  R.  Barrio); 

(c)  a  generalization  of  the  model  applied  to  bi¬ 
nary  glasses; 

(d)  last  developments  and  new  prospects. 


2.  First  model  of  agglomeration  and  growth 

In  1986  and  1987,  I  introduced,  in  collaboration 
with  Dina  Maria  dos  Santos,  a  model  of  agglomera¬ 
tion  and  growth  of  amorphous  or  quasi-crystalline 
networks  that  could  be  used  -  as  it  seemed  -  as  a 
theoretical  support  for  the  description  of  local  ring 
structure  in  amorphous  Si02  (cf.  Refs.  [8,9]).  Our 
first  toy  model  was  two-dimensional  and  was  based 
on  the  idea  that  the  energy  cost  of  adding  a  new 
polygon  to  a  network  can  be  directly  related  to  the 
local  curvature  it  is  supposed  to  introduce.  Thus,  in  a 
tri-coordinate  planar  network  with  equal  bond 
lengths,  the  hexagons  were  considered  as  zero-curva¬ 
ture  entities,  whereas  a  pentagon  or  a  heptagon 


Fig.  1.  Elementary  agglomeration  process:  (a)  two  singlets  form  a 
doublet;  (b)  a  cell;  (c)  a  chain  formed. 


created  equal  amounts  of  positive,  (resp.  negative) 
curvature  (Fig.  1) 

If  the  initial  probabilities  of  observing  an  /2-sided 
polygon  in  the  reservoir  are  denoted  by  P^0),  with 
k  —  5,  6  or  7,  then  the  probabilities  of  six  different 
doublets  can  be  evaluated  as 

Pi',1,  =  (1/0(2  -  8lm)Pj»P, i0)  t~El,"/kT ,  (1) 

with  k  <m,  and  Q  the  normalizing  factor  assuring 
that  the  sum  of  all  probabilities  of  doublets  is  equal 
to  1. 

This  can  be  thought  of  as  an  idealized  description 
of  the  first  elementary  step  of  the  network  formation. 
Now,  supposing  a  maximal  homogeneity  of  the  net¬ 
work  amounts  to  stating  that  on  the  average  the 
probability  of  finding  a  £-sided  polygon  among  these 
doublets  is  the  same  as  the  initial  one,  i.e.,  the 
probabilities  do  not  evolve  anymore  during  the  ag¬ 
glomeration.  Of  course,  the  realistic  hypothesis  would 
be  to  assume  that  the  saturation  of  this  type  is 
observed  when  some  critical  size  of  clusters  is  at¬ 
tained,  probably  much  bigger  than  just  two  polygons 
sharing  one  side. 

The  probability  of  finding  the  elementary  configu¬ 
ration  (which  in  this  model  corresponds  to  a  /:-sided 
polygon,  k  =  5,  6,  7)  among  the  doublets  is  given  by 

Pl')  =  {(2Pl\)+  E  (2) 

'  i*k  ! 

The  requirement  of  maximal  local  homogeneity  at 
this  stage  amounts  to  setting 

p<»-pr=o. 


(3) 
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Let  us  emphasize  here  that  this  set  of  equations 
refers  to  the  probabilities  observed  in  small  volume 
elements  which  can  exchange  the  singlets  with  the 
rest  of  the  reservoir,  thus  changing  locally  the  values 
of  the  P<0) 

Only  two  out  of  three  equations  above  are  inde¬ 
pendent,  because  the  variables  P^0),  representing 
probabilities ,  satisfy  the  obvious  constraint  £*  P*0) 
=  1. 

These  equations  can  be  interpreted  as  a  system  of 
ordinary  differential  equations  if  we  suppose  that  the 
amount  of  doublets  is  growing  with  time,  while  the 
number  of  singlets  is  decreasing.  If  we  take  into 
account  the  relative  probabilities  of  elementary  con¬ 
figurations  computed  on  the  set  of  singlets  and  dou¬ 
blets  only  (which  may  be  a  reasonable  approxima¬ 
tion  at  the  very  beginning  of  the  agglomeration 
process),  then  we  may  introduce  a  time-dependent 
function  s  =  s(t)  which  is  equal  to  0  when  there  are 
no  doublets  formed,  and  equal  to  1  when  all  the 
singlets  have  agglomerated.  The  only  requirement 
concerning  the  function  s(t)  is  that  it  is  positive  and 
growing  with  t. 

The  probability  Pk{t)  at  a  given  time,  t,  can  be 
evaluated  then  as 


rk(t)=(i-s)p^  +  sPC.  (4) 


Then,  if  the  time  derivative  of  the  temperature,  T , 
can  be  neglected,  the  derivative  of  Pk(t)  with  respect 
to  t  is  given  by 


dP*  =  dx  cLP* 
dt  d t  ds 


(5) 


Fig.  2.  The  phase  diagram  of  the  differential  system  (6). 


These  equations  are  only  an  approximation  whose 
validity  is  restrained  to  the  infinitesimal  neighbor¬ 
hoods  of  singular  solutions. 

From  now  on  we  can  study  the  dynamical  system 
and  interpret  its  singular  points  (i.e.,  constant  solu¬ 
tions  corresponding  to  the  vanishing  right-hand  side) 
as  stable  or  unstable  average  statistics,  following  the 
nature  of  the  eigenvalues  of  the  linearized  system  in 
the  vicinity  of  these  solutions. 

The  overall  behaviour  of  the  system  depends  on 
the  energies,  Ekm,  we  attribute  to  each  elementary 
agglomeration  process.  In  our  first  model  (cf.  Refs. 
[8,9]),  we  have  chosen  the  energies  to  be  propor¬ 
tional  to  the  angular  (curvature)  defect  introduced  by 
a  given  polygon  in  planar  tri-coordinate  network,  in 
which  the  mean  value  of  the  number  of  sides  of  a 
polygon  is  six  in  agreement  with  Euler’s  theorem. 
This  means  that  we  have  set 

Ess  =  2  e ,  E5f)  —  e ,  ES1  —  0,  E66  =  0, 

E„  =  e,  E77  =  2e.  (6) 


No  wonder  that  with  such  energy  attributions  the 
phase  diagram  of  the  system  displayed  perfect  sym¬ 
metry  around  the  axis  corresponding  to  the  line 
P5=PV  (Fig.  2). 

The  space  of  probabilities  P5,  P6  and  P7  is 
contained  in  a  triangle;  there  are  five  singular  solu¬ 
tions  represented  by  the  points  A,  B,  C,  D  and  E. 
The  points  A  and  C  are  unstable  (repulsive),  the 
points  B  and  D  are  stable  (attractive)  and  the  point  E 
is  meta-stable  (it  is  often  called  ‘saddle  point’,  but 
such  a  denomination  makes  sense  only  with  two 
independent  variables).  It  is  obvious  that  the  charac¬ 
ter  of  these  singular  points  corresponds  quite  well  to 
the  physical  reality  of  planar  tri-coordinated  net¬ 
works:  the  trajectories  converge  towards  the  point  B 
(pure  hexagonal  lattice)  because  it  represents  the 
natural  tiling  of  the  plane  requiring  no  effort  at  all 
(zero  curvature,  and  correspondingly,  zero  energetic 
cost,  E66  =  0). 

Another  attractive  point  corresponds  to  the  solu¬ 
tion  P5  =  P1  =  P6  =  0;  finally,  the  point  E  whose 
position  varies  with  the  temperature,  T,  clearly  rep¬ 
resents  an  amorphous  configuration  which  is  a  mix- 
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ture  of  all  the  three  types  of  ring;  the  configurational 
entropy  computed  as 

5c„„f=  -*bE^  In  Ptf  (7) 

i,m 

has  its  maximum  exactly  at  this  point. 

With  growing  temperature,  the  point  E  ap¬ 
proaches  the  point  P5  =  P7  =  Pb  =  \  in  the  limit 
T  — »  x. 

The  description  of  the  process  of  agglomeration 
and  growth  corresponds  at  this  stage  to  the  first 
linear  approximation;  the  same  approach  may  be 
continued  onwards,  with  the  analysis  of  the  second 
step,  consisting  in  joining  of  a  third  polygon  (ring)  to 
one  of  the  doublets;  this  process  is  more  differenti¬ 
ated,  because  it  may  lead  either  to  chains  or  to  cells 
(Fig.  1(b)). 

The  energies  involved  in  the  corresponding  Boltz¬ 
mann  factors  have  been  maintained  as  before,  i.e., 
proportional  to  the  absolute  value  of  the  curvature 
defect  induced  by  a  given  configuration.  The  proba¬ 
bilities  of  all  possible  triplets,  denoted  by  P$,  have 
been  evaluated,  taking  into  account  different  statisti¬ 
cal  weights  coming  from  the  fact  that  some  of  the 
triplets  can  be  obtained  in  many  different  ways  (e.g., 
Pl-l)  contains  the  contributions  from  the  processes 
like  (56)  +  (7),  or  (67)  T  (5),  etc,  while  the  probabil- 
ity  Pljl  contains  one  contribution  only). 

From  these,  the  new  probabilities  of  elementary 
configurations  P^2)  can  be  evaluated  by  a  similar 
procedure,  and  new  set  of  equations  can  be  pro¬ 
duced,  by  requiring  either  -  PA0)  =  0,  or  by 
trying  to  find  a  parabola  passing  through  the  three 
points  Pl°\  P^])  and  Pj>2)  and  writing  the  second- 
order  differential  equation  it  satisfies. 

The  results  of  the  second  approximation  (pub¬ 
lished  in  Ref.  [9])  were  quite  close  to  those  obtained 
in  the  first  approximation,  which  could  be  interpreted 
as  an  illustration  of  the  fact  that  our  model  was  very 
primitive  indeed,  and  whatever  useful  information  it 
could  give  has  been  discovered  already  in  the  first 
approximation. 

The  mode]  suffered  from  its  lack  of  touch  with 
real  physical  process.  We  badly  needed  contacts  with 
the  experimentalists,  who  would  tell  us  if  in  real 
physical  systems  such  progressive  agglomeration  of 
rings  can  occur,  and  if  the  energy  costs  and  statistical 
weights  of  elementary  agglomeration  processes  may 


be  evaluated  with  the  help  of  some  sound  physical 
principles. 

3.  Application  to  amorphous  Si02:  first  attempt 

Frank  Galeener  was  very  much  interested  in  a 
theoretical  possibility  of  describing  the  rings  in  the 
amorphous  Si02,  whose  presence  he  detected  in  the 
Raman  spectroscopy  experiments  performed  on  vari¬ 
ous  quenched  or  annealed  glasses  (cf.  Refs.  [6,7]), 
and  we  decided  to  try  to  adapt  the  model  to  a  more 
complex  case  of  three-dimensional  networks,  like  the 
amorphous  Si02.  We  worked  together  in  1988  and 
1989,  while  Frank  was  visiting  the  University  of 
Paris;  later  on,  Rafael  Barrio  has  joined  the  project 
and  tested  it  on  the  computer  program  that  he  had 
elaborated. 

Our  results  were  not  very  convincing  because  in 
our  first  attempts  we  stuck  too  closely  to  the  ‘toy 
model’  described  in  the  previous  section,  which 
turned  out  to  be  too  primitive  when  applied  to 
three-dimensional  structures.  Nevertheless  I  think  it 
is  appropriate  to  present  the  main  lines  of  our  work 
because  it  will  show  most  of  the  basic  ingredients 
that  have  been  applied  since  then  quite  successfully, 
although  to  other  types  of  glass. 

The  main  difference  between  the  planar  model  of 
agglomerating  equilateral  polygons  and  the  real  rings 
in  amorphous  Si02  is  that  the  latter  are  three-dimen¬ 
sional,  and  that  the  energy  cost  of  creation  of  an 
edge-sharing  doublet,  and  later  a  cell  of  three  con¬ 
nected  rings,  cannot  be  put  in  a  correspondence  with 
any  ‘curvature  versus  flatness’  argument.  According 
to  Frank’s  insight,  the  main  contribution  to  the  po¬ 
tential  energy  stored  in  a  ring  should  come  from  the 
variations  of  the  angle  between  the  covalent  bonds  in 
the  oxygen  bridges  Si-O-Si.  These  contributions 
may  be  evaluated  from  the  Newton-Gibbs  curve  that 
gives  the  bond-bending  energy  versus  the  angle,  0 , 
between  the  two  adjacent  bonds  (Fig.  3). 

It  is  known  that  in  the  amorphous  Si02  the  angles 
between  the  bonds  around  a  Si  atom  are  stiff  and 
very  close  to  109°. 47',  which  is  the  central  angle  of  a 
regular  tetrahedron;  in  order  to  evaluate  the  potential 
energy  stored  in  a  ring  made  of  n  silicon  atoms 
connected  via  n  oxygen  bonds,  we  had  to  figure  out 
the  most  plausible  geometrical  form  such  a  ring 


R.  Kerner /Journal  of  Non-Crystalline  Solids  182  (1995)  9-21 


13 


would  take  on  when  completely  relaxed;  then  when 
it  shared  an  oxygen  bridge  with  another  ring  (for¬ 
ming  a  ‘doublet’,  as  in  the  planar  toy  model);  finally, 
when  it  formed  a  ‘cell’  of  three  rings  sharing  two 
Si-O-Si  bonds  simultaneously  with  two  other  rings, 
or  when  it  formed  a  ‘fan’  sharing  one  common 
oxygen  bond  with  two  other  rings  at  once  (Fig.  4). 

Frank’s  idea  was  that  the  rings  must  be  inevitably 
puckered  whenever  forced  to  share  one  or  more 
bonds;  if  we  know  the  difference  between  their 
relaxed  form  and  the  shape  they  take  on  after  being 
put  together,  we  will  be  able  to  compute  the  average 


Fig.  4.  (a)  A  doublet  formed  by  two  rings;  three  different  triplets 
of  rings:  (b)  a  chain;  (c)  a  cell;  (d)  a  fan. 
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Fig.  5.  (a)  A  ‘crown’  with  puckering  angle,  V;  (b)  Two  puckered 
rings  (‘crowns’)  sharing  a  Si-O-Si  bond. 

angle  of  their  oxygen  bonds,  and  then  read  on  the 
Newton-Gibbs  curve  the  energy  difference  that  has 
to  be  assigned  to  the  particular  doublet;  the  same 
reasoning  can  be  reproduced  at  the  next  step  of 
agglomeration,  when  the  triplets  of  rings  are  being 
considered. 

Of  course,  any  n- sided  ring  made  of  Si-O-bridges 
has  many  degrees  of  freedom;  in  order  to  reduce 
their  number,  we  made  the  following  symmetry  as¬ 
sumptions,  reducing  the  problem  to  a  simple  exercise 
in  three-dimensional  Euclidean  geometry. 

Consider  regular  rings  of  Si-0  bonds  with  com¬ 
mon  bondlength,  r,  common  Si-O-Si  angle, 
<p  =  cos  1  (— -j)  =  109°47',  and  either  planar  or 
puckered  in  the  crown  configuration  (Fig.  5). 

Then,  each  ring  can  be  obtained  by  taking  the 
planar  ring,  and  rotating  each  Si  atom  above  the 
plane  along  the  adjacent  0-0  line  by  the  same 
angle,  W  (the  ‘puckering  angle’).  Note  that  the  O 
atoms  all  form  a  regular  n- sided  polygon  which  is 
unchanged  by  this  procedure.  Also,  note  that  as  the 
increases,  the  Si-O-Si  angle,  0,  decreases.  A 
relationship  giving  6  as  a  function  of  ^  for  a  given 
n  has  the  following  form: 


where  Rn  and  R'n  are  the  radii  of  the  circles  circum¬ 
scribing  Si  atoms  and  O  atoms,  respectively,  and 
which  are  given  by  the  formulae 
Rn/r  =  sin(0/2)/sin(7r/2), 

R'  R  ( ir  \  (  <P\ 

— "  =  — !L  cos(  j  +  cos2 1  —  |  cos^.  (9) 
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Now,  consider  two  such  rings  of  order  n  and  ri , 
which  share  a  common  Si-O-Si  bridge  and  both 
have  identical  Si-O-Si  angles  6,  everywhere.  For  a 
given  pair  («,  ri)  we  can  determine  this  common 
angle  (denoted  by  6nn>)  by  requiring  the  most  sym¬ 
metric  (i.e.,  regular)  shape  for  both  crowns  and  by 
solving  the  equation  that  will  give  the  common 
puckering  angle,  tF,  which  follows  from  the  fact  that 
the  distance  between  two  Si  neighbors  must  be  the 
same  in  both,  because  they  share  a  common  Si-O-Si 
bond.  The  equation  determining  in  a  given  ( n ,  ri) 
pair  is 


/  77  \  sin(<£/2)  cos(  77 / n) 

sin  -  - — — — - -+cos 

\nj  sm(77 /n) 


cos 


'  \  0  \  /  77  ( ri  —  2) 

+  cos - \  =2  sin  —  sin  - 

2  2  2  ri 


where  <P  =  109°47'. 

The  results  for  ten  doublets  of  rings,  n ,  ri  = 
3,  4,  5,  6,  where  each  pair  ( n ,  ri)  is  followed  by  the 
computed  angle,  6fl  n>,  and  the  corresponding  energy 
difference  deduced  from  the  Newton-Gibbs  curve  is 
given  in  Table  1. 

For  triplets  of  rings  we  have  chosen  the  following 
rules  for  computing  the  average  bond  angle,  9n„>n», 
from  the  angles  of  doublets  involved: 

0||  n  +  ®n'n”  +  ®n"n 

fan»  = - r -  tor  cells  and  fans 


r "  3 

j  „  6nn'  +  en'n"  c  ,  . 

and  unn,n,r  = - - -  for  chains. 

Again,  the  corresponding  energy  costs  of  the 


for  chains. 


triplet  forming  could  be  read  on  the  Newton-Gibbs 
curve,  and  then  inserted  into  the  definitions  of  the 
probabilities  and  ?$n„  to  be  inserted  in  the 

equations  defining  the  metastable  singular  points  in 
the  model  of  polygon  agglomeration. 

Flere  is  an  outline  of  the  computational  program 
as  it  has  been  produced  by  Rafael  Barrio  in  1989. 

(I)  We  first  define  the  initial  probabilities  of 
forming  three-,  four-,  five-  and  sixfold  rings,  which 
we  denote  by  P/0),  with  E ^=3P/0)  =  1. 

We  shall  also  suppose  that  the  glass  formation 
during  annealing  takes  place  at  fictive  (because  it  is 
a  non-equilibrium  process)  temperature  in  Si02  equal 
to  1500  K,  i.e,  p  =  7.752  eV^1. 

(II)  Start  forming  pairs  of  rings,  which  define 
new  pair  probabilities 

Pip  =  (1/G)(2  -  (10) 


G“E(2-8,;)P/0)J7%»  (11) 

i<j 

where  the  factor  (2  —  8-)  comes  from  counting  ( ij ) 
and  ( ji)  as  different  agglomeration  processes;  the 
energy  factors,  Ei  -  are  defined  in  the  following  way: 

Eij  =  Q~PO+j-  \  )Eng(6u\  (12) 

with  the  energies  £7(0^)  taken  from  the  Table  1. 

(Ill)  After  forming  the  pairs,  the  singlet  probabili¬ 
ties  change: 


Table  1 

Results  for  doublet  of  rings  n,  n'  =  3,  4,  5,  6,  with  the  computed 
angle,  6nn>,  and  the  corresponding  energy  difference,  ENG 


n , 

*  fa 

Eng  «W>(eV) 

3  3 

109.5 

0.860 

3  4 

124.7 

0.290 

3  5 

129.7 

0.190 

3  6 

130.5 

0.175 

44 

148.4 

0.001 

45 

158.8 

0.035 

46 

160.3 

0.048 

55 

177.1 

0.150 

5  6 

167.8 

0.095 

66 

141.0 

0.036 

Now  we  can  try  to  solve  the  system  of  equations 
defining  singular  points,  and  draw  the  information 
from  the  meta-stable  configuration  found: 


p.(D~/>(o>  =  0 


or  proceed  to  the  computation  of  the  probabilities  of 
different  triplets,  P$,  using  a  similar  method;  then, 
after  defining  the  new  set  of  probabilities,  P;(2)  as 

Pl2)  =  iL  £(i  +  su  +  8ik)p$, 

j=  3  k>j 


(15) 
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Fig.  6.  The  obtained  distribution  of  Si-O-Si  angles. 

approach  the  development  of  probabilities  introduc¬ 
ing  a  continuous  parameter,  and  setting 

P,(  s)  =P/0)  +  s(P/l>-/f)) 

+  —  (  P}2)  —  2  P/1 }  +  P/0))  (16) 

and  find  stationary  solutions  to  a  system  of  linear 
equations  of  the  second  order  satisfied  by  functions 
Pt(s) 

After  the  program  has  been  performed  and  solved 
numerically,  the  results  we  have  got  were  far  from 
satisfactory.  Although  the  (55),  (56)  and  (66)  pairs  of 
rings  were  dominant,  there  were  still  too  many 
three-sided  rings  (more  than  12%  versus  3%  deduced 
by  Frank  Galeener  from  his  Raman  spectroscopy 
experiments);  the  only  non-trivial  result  was  the 
distribution  of  Si— O-Si  angles,  although  it  was  a 
very  coarse  approximation,  too  (Fig.  6) 

The  reason  for  these  unsatisfactory  results  could 
be  easily  understood:  the  approximation  we  used  was 
too  tough;  we  needed  a  more  sophisticated  scheme  in 
which  both  energy  and  entropy  (statistical  weight  of 
each  configuration)  should  be  evaluated  with  much 
better  care. 

That  is  why  we  have  put  aside  for  a  while  the 
problem  of  rings  in  pure  amorphous  Si02,  looking 
for  the  application  of  the  model  to  glasses  whose 
local  structure  is  simpler,  and  at  the  same  time  to 
make  use  of  information  that  could  be  drawn  form 
the  behaviour  of  binary  glasses. 


4.  Testing  the  model  on  covalent  binary  glasses 

It  has  become  clear  after  the  analysis  of  the 
results  of  our  first  model  based  on  the  agglomeration 
of  rings,  that  the  approximation  in  which  the  rings 
were  conceived  as  the  only  independent  entities  that 
agglomerated  in  doublets  and  triplets  was  too  coarse 
and  did  not  take  into  account  all  the  intermediate 
structures  present  in  the  liquid  Si02  close  to  the 
glass  transition  temperature. 

This  unrealistic  approximation  altered  the  statisti¬ 
cal  weights  attributed  to  each  configuration,  because 
we  ignored  the  number  of  ways  in  which  a  given 
ring  could  be  created,  thus  attributing  from  the  be¬ 
ginning  equal  chemical  potential  to  all  rings,  which 
is  certainly  erroneous. 

In  order  to  repair  this,  we  have  tried  (in  collabora¬ 
tion  with  Matthieu  Micoulaut)  the  approach  in  which 
the  elementary  configuration  was  taken  to  be  the 
‘n- pod’,  i.e.,  a  single  atom  of  a  glass-former  (B,  Si, 
or  Ge)  with  m  valencies  ready  to  form  a  bridge.  We 
have  decided  to  apply  the  model  to  binary  glasses, 
containing  an  alkaline  modifier,  e.g.,  (xB203  + 
(1  -  x)Li20  or  (xSi02  +  (1  -x)CaO  or  (xSiS2  + 
(1  —  x)Li2S.  Such  an  approach  has  been  also  studied 
by  Bray  and  co-workers  [10,11]. 

By  doing  so,  we  drifted  away  from  the  initial  goal 
which  was  the  study  of  pure  Si02;  however,  even 
without  the  possibility  of  analyzing  the  ring  struc¬ 
ture,  we  could  test  the  model  against  the  experimen¬ 
tal  data,  which  are  abundant  and  which  have  a 
clearly  pronounced  and  unambiguous  character,  like 
the  dependence  of  the  glass  transition  temperature  on 
the  modifier’s  rate,  x,  etc. 

It  was  very  encouraging  to  see  how  the  model 
displayed  its  predictive  power  even  at  the  lowest 
order  approximation.  We  recall  very  briefly  the  main 
features  of  the  new  version,  in  which  the  probability 
factors  corresponding  to  various  ways  of  agglomera¬ 
tion  are  computed  more  attentively.  In  binary  glasses 
they  are  much  more  important,  because  even  at  the 
first  step  of  agglomeration  we  have  to  do  with 
different  elementary  configurations,  because  the 
modifier  (usually  an  alkali  oxyde  or  sulfide)  either 
increases  the  valency  of  a  glass-former,  or  decreases 
it  by  saturating  oxygen  bonds  and  making  it  impossi¬ 
ble  for  them  to  participate  in  the  agglomeration 
process. 
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It  is  very  enlightening  to  compare  the  contrasting 
effects  of  the  modifier  on  borate  and  silicate  glasses. 
It  has  been  observed  experimentally  that  in  a  B203 
glass,  the  alkali  modifier  Li20  has  the  effect  of 
transforming  the  three-valenced  B  atoms  into  four- 
valenced  B4  ions  (for  the  concentration  of  Li20 
below  30%),  whereas  in  Si02  the  only  result  of 
adding  some  amount  of  modificator,  be  it  Na20  or 
CaO,  is  transforming  a  four-valenced  Si  atom  into  a 
three-  or  even  two-valenced  one. 

We  can  treat  both  these  cases  simultaneously,  at 
least  if  we  consider  the  first  agglomeration  step  only. 
Let  us  describe  the  simplest  agglomeration  process 
as  a  creation  of  a  new  oxygen  bridge  between  two 
atoms  whose  valencies  are  equal  to  m  and  m', 
respectively,  for  an  atom  in  its  ‘ordinary’  state  and 
for  an  atom  in  its  ‘modified’  state. 

We  perform  the  analysis  when  only  two  types  of 
atom  are  present,  with  respective  valencies  m  and 
m\  which  is  a  good  approximation  when  the  amount 
of  modificator  does  not  exceed  10%.  We  denote  the 
first  type  of  atom  by  A  and  the  second  type  by  B; 
their  relative  parts  in  the  entire  ‘soup’  is  denoted  by 
x  and  1  —x,  respectively. 

The  probabilities  of  the  doublets  are  easily  com¬ 
puted,  as  shown  in  Fig.  7. 

The  normalized  probabilities  of  the  doublets  cor¬ 
responding  to  the  processes  A  +  A  and  A  +  B  are 
given  then  by  the  following  formulae: 

m2x2EAA 

AA  m2x2EAA  +  2miri  x(l  —  x)EAB 


^AB 


2  mm'  x(  1  —  x)  EAB 
m2x2EAA  -\-  2mm' x(l  —  x)E/ 


where  the  factors  Eaa  and  ^AB  should  include  both 
Boltzmann  factors  containing  the  corresponding  en¬ 
ergies  involved  in  these  processes,  as  well  as  kinetic 
factors,  if  necessary.  As  usual,  we  evaluate  the  rela¬ 
tive  probability  of  observing  the  configuration  A 
among  the  newly  formed  doublets 

*(])  =  U2Paa+Pm)-  (19) 

Now  we  can  form  the  equation  that  tells  us  that 
the  agglomeration  process  does  not  alter  the  relative 
probabilities  of  finding  an  A  or  a  B  atom  in  newly 
formed  clusters;  this  amounts  to 


—  x  =  0, 

m2x2EAA  +  mm' x(  1  —  x)£A] 
m2x2EAA  +  2mm'x(l  —  x)  EA 


x  =  0.  (20) 


The  corresponding  ordinary  differential  equation  will 
read  then 


dx/dr  =  x(l  -x) \\Eaa  -2 


It  has  three  obvious  constant  solutions  (singular 
points),  which  are 

Xj  =0,  x2  =  1,  and 

( rri/m)EAA 

Xam  K  /™\  r  _  r  ‘  (22) 


2(  m' /m)  Eab  —E, 
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Fig.  8.  Two  diagrams  representing  the  behaviour  of  the  system: 
(a)  when  m'EAB  <  mEAA;  (b)  when  m!EAB  >  mEAA. 


Recalling  that  the  variable  x  is  a  probability,  the  last 
of  three  solutions  is  contained  between  0  and  1  under 
the  condition  that 

(m'/m)EAB>EAA.  (23) 

If  the  last  equation  is  satisfied,  then  the  intermediate 
solution,  which  we  identify  with  tendency  to  form 
homogeneous  amorphous  configurations,  is  an  at¬ 
tractive  singular  point,  whereas  two  extremal  solu¬ 
tions,  x  =  0  and  x  =  1,  are  repulsive ;  when  the  last 
equation  is  not  satisfied,  the  point  x  =  0  is  repulsive , 
whereas  the  solution  x  =  1  is  attractive  (Fig.  8). 

Let  us  suppose  now  that  the  formation  of  larger 
clusters  is  a  process  that  requires  an  activation  en¬ 
ergy  specific  to  each  pairing.  Then  we  can  admit  that 
the  most  important  contribution  to  the  expressions 
E ^  and  £AB  are  the  Boltzmann  factors;  i.e.,  let  us 
put 

EM=c'E'/kT,  Eab  =  t~El/kT  (24) 

and  the  condition  for  the  existence  of  the  intermedi¬ 
ate  solution,  xam,  which  we  interpret  as  the  tendency 
to  form  locally  an  amorphous  network,  reads 

exp[(£2  —  Ex)/kT\  <  rri/m.  (25) 


A  good  glass  former  should  conserve  this  ten¬ 
dency  even  when  the  amount  of  the  modifier  tends  to 
0,  i.e.,  with  xam  ->  1,  which  happens  when 


(26) 


This  equation  defines  the  relation  between  the  en- 
tropic  and  energetic  factors  that  are  the  most  impor¬ 
tant  for  binary  glass  formation.  If  ni  >  m,  the  loga¬ 
rithm  of  rri/m  is  positive,  which  means  that  the 
energy,  E2,  involved  in  the  formation  of  the  bond  of 
type  AB  is  greater  than  the  energy  needed  to  form 
the  bond  AA;  in  the  case  when  ni  <m,  one  must 
have  E2  <  Ex . 

This  is  in  agreement  with  what  should  be  intu¬ 
itively  expected  from  a  good  glass  former,  which 
should  behave  on  a  microscopic  scale  in  a  ‘frustrated’ 
way:  indeed,  our  formulae  show  that  the  main  contri¬ 
butions  to  the  probability  of  formation  of  new  clus¬ 
ters  act  always  in  opposite  directions:  when  the 
modifier  raises  the  number  of  possible  bonds,  thus 
creating  more  entropy  and  raising  the  probability  of 
agglomeration  {rri  >  m),  the  corresponding  Boltz¬ 
mann  factor  is  smaller,  thus  reducing  the  same  prob¬ 
ability,  and  vice  versa. 

It  is  this  very  undecided  character  of  the  process 
that  leads  to  amorphous  rather  than  a  pure  (crystal¬ 
line)  state 

This  view  is  akin  of  and  greatly  inspired  by  the 
theory  of  glass-forming  proposed  by  Phillips  in  his 
pioneering  works  [12]. 


Fig.  9.  Two  curves  Tg(n)  for  binary  glasses.  Left:  xB202  +  (1  -*)Li20.  Right:  *Si02  +  (1  -  *)(CaO,  Na20). 
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The  fairness  of  this  approximate  model  can  be 
tested  against  another  characteristic  behaviour  of  bi¬ 
nary  glasses,  namely  the  dependence  of  the  glass 
transition  temperature  on  the  modifier’s  rate,  which 
in  the  vicinity  of  x  =  1  is  equal  to  n  =  1  —  x.  Two 
characteristic  curves  are  shown  in  Fig.  9. 

Let  us  investigate  the  derivative  of  the  glass 
transition  temperature,  Te  with  respect  to  modifier 
concentration  n  in  the  vicinity  of  n  =  0:  we  have  to 
evaluate 


fd/ 

r  dr 

fl-FI 

d/2 

/!  =  () 

dx 

x  =  1 

where  T{)  is  the  glass  transition  temperature  at  n  =  0, 
i.e.,  in  the  absence  of  a  modifier.  The  last  expression 
is  easily  computed  giving  the  result 


dA 

d  n 


J  n  -  0 


m  E 


AB 


m  E 


AA 


m  (  ^AB  ^AA  ) 


m 


kT 2 


In  | 

(m’\ 

(  rn 

T=TU 


(28) 


because  we  have 


m  Eab 

- =  l  at  T=  T{),  and 

m  E 


AA 


(£2-^) 

kT{) 


The  formula 


K /d'T-o- V(1"(«'/™))  (29) 

is  very  significant  and  may  be  interpreted  as  a 
universal  law: 


The  modifier  that  increases  the  average  coordina¬ 
tion  number  of  the  glass  former  tends  to  raise  the 
glass  transition  temperature  (e.g.y  as  in  ByO^  + 
nLi20),  while  the  modifier  that  decreases  the  aver¬ 
age  coordination  number  tends  to  lower  the  glass 
transition  temperature  (e.g.,  as  in  Si02  +  nCaO). 

We  can  now  compare  the  experimental  data  repre¬ 
sented  in  Fig.  1 1  with  the  last  formula.  For  the  alkali 
borate  glass  the  derivative  dTg/dn  at  T  =  T0  can  be 
roughly  estimated  as  1200  K/mol,  and  T{)  ~  550  K; 
this  yields  \n(m'/m)  =  0.458  and  m'/m  =  1.58, 
which  is  close  to  f . 

For  an  ordinary  silicate  glass,  we  have  the  corre¬ 
sponding  derivative  of  the  order  of  — 1900  K/mol  at 
r0  =  1700  K;  this  yields  In (m,/m)=  —1.118  and 
m'/m  =  0.327,  which  is  close  to  i.  These  values 
describe  fairly  well  the  two  situations  displayed  in 
Fig.  10. 

We  can  also  evaluate  the  energy  differences  E2  - 
E]  for  each  of  these  glasses:  E2~  E{=  0.021  eV  for 
borate  glass,  and  E2~  E{=  -0.181  eV  for  silicate 
glass.  These  simple  results  together  with  a  good 
agreement  of  the  model  applied  to  the  description  of 
rapid  quenching  (see  Ref.  [2])  have  encouraged  us  to 
continue  developing  of  the  model  along  these  lines, 
and  to  apply  it  to  the  situations  when  the  rings  start 
to  appear,  i.e.,  to  continue  the  analysis  of  the  next 
steps  of  agglomeration.  The  technical  problems  were 
quite  important,  because  the  number  of  configura¬ 
tions  grows  quasi-exponentially  with  each  step. 

Since  1993,  Dina  Maria  dos  Santos-Loff  has 
drawn  and  computed  eleven  steps  of  the  agglomera¬ 
tion  process,  taking  into  account  the  formation  of 
hundreds  possible  rings  and  chains.  We  have  applied 
the  model  to  the  pure  B203  and  Si02  glasses,  with 
encouraging  results,  although  the  work  is  not  yet 


Fig.  10.  Two  elementary  agglomeration  processes:  (a)  in  a  B203  +  nLi20  glass  (B4  +  B3  (ni  =  3,  m  -  2));  b)  in  a  Si02  +  «(CaO,  Na20) 
glass  (Si 2  +  Si4  (/»'  =!,/«  =  3)). 
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finished.  We  present  it  briefly  in  the  next  section;  it 
follows  the  recommendations  concerning  our  model 
Frank  gave  us  in  one  of  his  last  letters. 

5.  New  developments  and  prospects 

Let  us  sketch  the  new  approach  to  the  problem  of 
ring  modeling  in  amorphous  Si02  and  incidentally  in 
other  glasses,  elaborated  recently  in  collaboration 
with  D.M.  dos  Santos-Loff  and  M.  Micoulaut  along 
the  lines  suggested  by  Frank  Galeener. 

We  follow  the  construction  of  clusters  starting 
from  the  elementary  configuration  reduced  to  a  sin¬ 
gle  Si  atom  with  for  oxygen  bonds  (a  singlet);  these 
form  oxygen  bridges  with  next  Si  atoms,  and  so  on. 

Of  course,  in  the  liquid  Si02  about  to  undergo  a 
glass  transition,  such  ‘singlets’  represent  a  rare  vir¬ 
tual  state,  most  of  the  Si02  molecules  being  already 
organized  in  clusters;  however,  during  the  glass  tran¬ 
sition,  new  oxygen  bridges  must  form  in  order  to 
produce  the  final  solid  network.  Whatever  the  order 
in  which  this  occurs,  the  configurational  entropy 
relative  to  a  given  cluster  can  be  evaluated  with  a 
fair  exactitude  by  computing  the  number  of  indepen¬ 
dent  agglomeration  pathways  leading  to  this  cluster. 

Parallelly,  the  energy  cost  of  forming,  or  the 
energy  stored  in  a  given  cluster,  can  also  be  treated 
as  an  additive  quantity  and  evaluated  by  summing  up 
the  energies  involved  in  each  creation  of  a  new 
oxygen  bridge  during  the  process.  Whenever  the 


doublets  or  triplets  of  rings  will  be  formed,  we  use 
the  energies  evaluated  in  Section  3  with  the  help  of 
the  Newton-Gibbs  curve  and  the  ring  model. 

At  each  step  n  we  shall  find  normalized  probabili¬ 
ties  of  each  particular  cluster  being  produced;  the 
overall  normalizing  factors  of  these  probabilities  can 
be  used  as  consecutive  approximations  for  the  big 
statistical  sum,  i.e.,  the  partition  function  identifying 
different  energies  stored  in  a  given  cluster  as  Classi¬ 
cal  Ensemble  state  energies. 

It  should  be  emphasized  at  this  point  that  by 
contrast  with  usual  equilibrium  thermodynamics,  the 
‘partition  function’,  Z(r),  does  not  refer  here  to  an 
ensemble  of  momentaneous  states  of  the  same  sys¬ 
tem,  but  rather  to  an  ensemble  of  evolution  processes 
(or  pathways)  leading  to  the  set  of  all  geometrically 
acceptable  clusters  of  a  given  size  n.  This  approach 
has  been  recently  tested  on  a  simpler  glass,  B203 
[12]. 

In  order  to  obtain  a  reliable  information  concern¬ 
ing  the  ring  distribution,  one  should  follow  this 
scheme  up  to  the  15th  or  16th  step  of  agglomeration; 
at  the  moment,  this  is  yet  to  be  achieved.  Neverthe¬ 
less,  some  of  the  most  important  features  of  the 
model  can  be  investigated  at  a  lower  degree  of 
approximation. 

Let  us  show  how  we  shall  evaluate  the  probabili¬ 
ties  of  the  pathways,  and  then  how  we  shall  use 
them.  The  first  step  consisting  in  doublet  creation 
has  a  relative  probability  equal  to  1;  because  there 
are  no  alternatives  (Fig.  11),  we  exclude  here  the 


Fig.  1 1 .  First  two  steps  of  agglomeration  in  Si02:  (a)  the  only  doublet;  (b)  a  chain;  (c)  a  cell. 
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possibility  of  creation  of  two  or  three  oxygen  bridges 
between  two  Si  atoms. 

During  the  next  step  (Fig.  11(b)),  two  possibilities 
have  to  be  taken  into  account,  formation  of  a  chain 
or  of  a  three-ring.  It  is  easy  to  see  that  the  corre¬ 
sponding  statistical  factors  (or  multiplicities)  are  24 
and  108,  respectively;  we  shall  multiply  them  by  the 
factors  c,  and  e3  that  are  supposed  to  take  into 
account  both  energetic  and  kinetic  factors  character¬ 
izing  each  of  the  two  processes. 

The  normalized  probabilities  of  the  two  triplets 
displayed  above  are 


p3A  — 


24  c,  +  108  c, 


p  3B  = 


24c,  +  108c^ 


The  next  step  leads  to  five  different  clusters:  a  chain, 
a  star,  a  three-ring  with  an  extra  Si  atom  attached,  a 
four-ring  and  a  doublet  of  two  three-rings  (Fig.  12). 

The  corresponding  normalized  probabilities  are 

24c,  8c, 

p4A=  — — p3A;  p4AA  =  — — p3A; 

*^3A  U3  A 


p4AB 


p3A  + 


p  4BB 


where  the  normalizing  factors  Q3A  and  Q3B  are 
Q3a  =  32  c,  +  108  c4  +  144  c3, 

Q3B  =  24  c,  +  144c33. 


The  common  denominator  of  all  these  fractions  is 
interpreted  as  the  «th  approximation  to  the  partition 
function. 

Although  we  are  still  far  from  the  adequate  de¬ 
scription  of  the  situation,  we  can  draw  some  useful 
information  even  at  this  stage.  For  example,  assum¬ 
ing  that  the  expressions  e,,  c3,  etc.,  are  just  the 
Boltzmann  factors  related  to  the  particular  creations 
of  bonds  in  a  chain  or  in  a  three-ring,  c,  =  t~E'/kT, 
e3  =  e~E'/kT,  respectively,  we  can  limit  from  above 
the  difference  E3  —  Ex  requiring  that  no  more  than 


Fig.  12.  The  five  configurations  with  five  Si  atoms  and  the 
pathways  leading  to  their  creation. 


3%  of  Si  atoms  are  found  in  the  three-rings.  To  do 
so,  it  is  enough  to  solve 

p3B  =  9c3/(2c,  +  9c3)  <  0.03  (33) 

so  that 

e-(E3-Eo/kT  <  2/291,  (34) 

which  gives  (E3  -Ex)/kT>  -ln(2/291)  =  4.98. 

At  T  =  Tg  ~  1500  K,  this  gives  a  reasonable  esti¬ 
mate  of  the  energy  cost  of  formation  of  a  three-ring: 
E3  -  £,  >  0.698  eV. 

We  can  also  evaluate  the  approximate  partition 
function: 


where  N(l)  is  the  number  of  different  clusters  of  the 
/ th  step,  M{1)  is  their  average  mass  and  Q\p  is  the 
normalization  factor  of  the  pathway  labeled  a,  a  = 
1?  2, . . . ,  Ny_ 

We  have  calculated  the  approximation  to  the  spe¬ 
cific  internal  energy,  u(l),  as  usual: 

«,/>  ~  (1  /M(l))kT\d/dT)  In  Z(l).  (36) 


Then  we  have  found  cv  by  differentiating  it  with 
respect  to  T.  The  results  (for  B203  glass,  Ref.  [12]) 
are  displayed  in  Fig.  13. 
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The  work  along  the  lines  exposed  above  is  still 
being  pursued.  We  intend  to  perform  the  analysis  of 
cluster  formation  up  to  the  stage  when  the  multiple 
coupled  rings  of  the  Si-O-bonds  start  to  appear,  i.e., 
up  to  the  13th  or  even  15th  step  of  agglomeration, 
when  we  will  be  able  to  use  the  energies  evaluated  in 
Section  3  of  this  article. 
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Abstract 

The  Bethe  lattice  has  been  extensively  used  to  study  amorphous  and  glassy  solids,  due  to  the  abundant  and  easily 
obtainable  analytical  results.  However,  not  much  attention  has  been  paid  to  the  unphysical  and  spurious  features  that  make 
the  calculations  difficult  to  interpret.  In  this  paper,  some  of  the  results  extracted  from  Bethe  lattice  studies  are  critically 
reviewed  and  their  most  serious  drawbacks  are  discussed,  particularly  the  effects  of  an  unphysical  surface  on  local  and  long 
range  correlations.  A  study  of  the  localization  of  states  in  the  Bethe  lattice  is  also  included. 


1.  Introduction 

The  most  important  difficulty  when  studying 
glasses,  or  amorphous  solids  in  general,  is  the  ab¬ 
sence  of  long  range  translational  symmetry.  How¬ 
ever,  as  discussed  by  Frank  L.  Galeener  [1],  one 
usually  finds  local  chemical  order  and  some  type  of 
intermediate  range  order  in  these,  otherwise,  disor¬ 
dered  solids.  Covalent  amorphous  semiconductors 
and  AX 2  glasses,  for  instance,  present  nearest  neigh¬ 
bour  fixed  geometry  and  regular  coordination.  This 
fact  makes  the  Bethe  lattice  an  appropriate  network 
to  simulate  these  glassy  structures,  since,  as  we  shall 
see  below,  it  is  possible  to  define  a  local  unit  (or 
effective  site)  preserving  the  local  short  range  order, 
and  construct  an  infinite  random  network  without 
long  range  order.  This  method  is  sometimes  more 
convenient  than  building  disordered  clusters  with 
free  ends  or  periodic  boundary  conditions,  since  it  is 


Corresponding  author.  Tel:  +52-5  622  5085.  Telefax:  +52-5 
616  1535.  E-mail:  barrio@sysul2.ifisicacu.unam.mx. 


free  from  unwanted  finite  size  effects  and  artificial 
periodicities,  although  care  must  be  taken  when  in¬ 
terpreting  the  results  due  to  the  unphysical  properties 
of  the  Bethe  lattice.  The  main  advantage  of  Bethe 
lattice  models  is  that  most  results  are  obtained  ana¬ 
lytically. 

In  this  paper  we  present  a  new  discussion  of  the 
properties  of  the  Bethe  lattice  and  revise  a  series  of 
Bethe  lattice  models  for  glasses  made  in  collabora¬ 
tion  with  Galeener  in  the  past  ten  years,  and  referred 
to  in  the  following  text. 

2.  Properties  of  the  Bethe  lattice 

Suppose  one  is  interested  in  calculating  the  mag¬ 
netic  properties  of  a  large  system,  and  one  approxi¬ 
mates  it  by  a  small  cluster.  The  difficulty  in  doing  so 
is  that  the  magnetization  of  the  atoms  in  the  surface 
of  the  cluster  differs  from  those  in  the  interior.  One 
can  impose  periodic  boundary  conditions,  but  one  is 
likely  to  obtain  spurious  results  due  to  the  artificial 
periodicity.  The  idea  then  is  to  attach  to  the  surface 
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atoms  some  effective  medium  imposing  the  condi¬ 
tion  that  the  magnetization  of  the  surface  should  be 
equal  to  the  atoms  in  the  interior  of  the  cluster.  This 
is  called  the  Bethe-Peierls  approximation  [2]. 

If  one  asks  the  question  whether  there  is  a  net¬ 
work  in  which  the  Bethe-Peierls  approximation  is 
the  exact  result,  the  answer  is  the  Bethe  lattice  [3].  If 
one  studies  the  vibrations  of  a  tetrahedron  with  five 
atoms  and  devises  an  imaginary  impedance  attached 
to  the  four  surface  atoms,  imposing  the  condition 
that  the  amplitude  of  vibration  for  any  atom  in  the 
cluster  should  be  the  same,  one  is  talking  about  the 
‘structural  potential  approximation’  [4]  which,  not 
surprisingly,  turns  out  to  be  the  Bethe  lattice  again. 

Topologically,  the  Bethe  lattice  is  the  Cayley  tree 
[3],  which  can  be  visualized  as  a  simply  connected 
network  of  identical  units  with  constant  coordination, 
Z,  and  without  closed  loops  of  paths.  From  this  point 
of  view,  the  Bethe  lattice  is  a  first  approximation  to 
any  regular  network,  in  which  all  connected  dia¬ 
grams  without  closed  loops  are  summed  exactly. 
There  are  two  important  observations:  the  first  is  that 
there  is  no  long  range  order  or  periodicity  in  the 
Bethe  lattice,  and  second  is  that  there  is  only  one 
path  from  one  given  site  to  another. 

The  first  observation  has  been  used  as  a  justifica¬ 
tion  to  simulate  amorphous  infinite  networks  and 
calculate  electronic  [5],  vibrational  [6]  and  magnetic 
[7]  properties.  The  second  is  responsible  for  the 
drawbacks  and  non-physical  features  of  the  results.  If 
there  is  only  one  way  to  transit  from  one  place  to 
another,  one  should  expect  that  the  network  is  very 
similar  to  the  linear  chain;  in  fact,  some  of  the 
properties  of  the  Bethe  lattice  are  as  for  a  one-di¬ 
mensional  system,  and  a  linear  chain  can  be  consid¬ 
ered  as  a  Bethe  lattice  of  coordination  Z  =  2.  How¬ 
ever,  as  we  see  below,  the  linear  chain  is  singular 
and  different  from  the  other  Bethe  lattices.  If  one 
chooses  a  given  site  in  the  Bethe  lattice  as  being  the 
center,  the  number  of  steps,  n,  to  go  to  another  site 
defines  a  shell  shared  by  Z(Z  -  1)"" 1  sites.  Then,  as 
the  lattice  grows,  the  number  of  sites  in  the  surface, 
or  the  last  shell,  grows  exponentially.  The  total 
number  of  sites  in  a  Bethe  lattice  with  n  shells  is 
1  +  ZE'ToKZ  -  1  y  =  [Z(Z  -  1 Y  -  2 ]/(Z  -  2). 
Therefore,  as  the  number  of  shells  tends  to  infinity, 
the  proportion  of  surface  sites  tends  to  (Z  —  2)/(Z 
-1). 


Except  for  Z  =  2,  in  the  infinite  Bethe  lattice,  the 
number  of  sites  in  the  surface  is  not  negligible,  as  it 
is  in  any  other  physical  network.  More  than  half  of 
the  sites  belong  to  the  surface  and,  as  we  see  below, 
this  unphysical  fact  is  responsible  for  all  the  unde¬ 
sirable  properties  of  the  Bethe  lattice. 

In  order  to  illustrate  the  procedure  to  solve  analyt¬ 
ically  a  problem  in  the  Bethe  lattice,  let  us  take  the 
simplest  possible  Hamiltonian 

jr=v£l/>OI,  (i) 

ij 

where  sites  i  and  j  are  nearest  neighbours.  The 
equations  of  motion  for  the  Green’s  function  g  —  (E 
-  H)~]  are  explicitly 

£*00  =  1  +  ^*01  >  (^) 

£*01  =  K*oo +  (£-!)  ^*02  > 


£*0»-y*0(«-l)+(Z  1)^*0(«+1)> 


where  g0n  is  the  correlation  between  the  central 
atom  and  any  of  the  atoms  in  shell  n.  The  usual  way 
of  solving  this  set  of  equations  is  by  defining  a 
transfer  function  *o„  =  **o(n-i)>  which  is  obtained 
by  substituting  it  in  the  equations  of  motion  and 
solving  for  a  quadratic  equation  to  give 

E  ±[E2  —  4V2(Z  —  1)] 1/2 
2V(Z-1) 

and 

gm  =  (E-ZVty\  (4) 

The  reason  for  assuming  that  t  does  not  depend 
on  n  is  that  one  has  neglected  the  surface  atoms  at 
shell  N,  which  obey  a  different  equation: 

£*0V  =  y*0(V-l)-  (5) 

This  neglect  is  wrong,  because  there  are  as  many 
atoms  in  the  surface  as  there  are  in  the  interior. 
There  is  an  elegant  and  computationally  efficient 
way  of  solving  the  system  with  a  surface,  which  is 
considering  the  shell-dependent  transfer  functions 
*o«  =  £/i*o(«-i)  and  using  the  Tschevicheff  func¬ 
tions  of  the  second  kind  U(X/ 2),  where  X  = 
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E/(V]/Z  -  1 )  [8].  Eq.  (5)  shows  that  TN  = 

1  /(X]/Z  --  1  )  and  iterating  one  finds 

h  =  UN_{{X/2)/(UN{X/2)JZ^\). 

In  this  case  the  self-correlation  function  is  written  as 
goo  =  [E  —  ZVTj”1.  As  the  lattice  tends  to  infinity, 

(z  —  i)  1/2 

1  X  —  [\/X  —  (1/X—  . . .  )] 


which  means  that  for  a  large  enough  Bethe  lattice  the 
effect  of  the  surface  on  the  self-correlation  is  very 
small. 

One  could  say  that  properties  involving  only  the 
density  of  states,  p(E),  are  not  strongly  affected  by 
the  surface,  since 


p(E)  =  -(1/tt)  \m[E-ZVt]  '  (7) 

is  the  same  for  an  infinite  lattice  with  or  without  a 
surface,  giving  a  band  of  width  W  =  4V]/Z  ~  1  , 
according  to  Eq.  (3).  However,  there  is  a  subtle 
point:  if  one  neglects  the  surface,  one  finds  that 
perfectly  coherent  states  (constant  and  equal  ampli¬ 
tude  in  all  sites)  at  E  =  ±ZV  exist  out  of  the  band, 
since  they  are  eigenstates  of  Eq.  (2),  their  weight 
being  inversely  proportional  to  the  total  number  of 
atoms.  If  one  takes  into  account  the  surface,  ±ZV  is 
not  an  eigenstate;  thus,  the  presence  of  an  ever¬ 
growing  surface  prevents  the  existence  of  coherent 
states  and  the  band  shrinks.  One  may  say  that  even 
the  very  local  properties  of  the  Bethe  lattice  are 
affected  by  the  surface. 

The  case  is  even  worse  when  one  attempts  to 
calculate  properties  that  depend  on  long  range  corre¬ 
lations,  for  instance,  the  infrared,  Raman  and  inelas¬ 
tic  neutron  cross-sections  [9]  are  related  to  the  imagi¬ 
nary  part  of  quantities  like 

N 

E  =  E  So,  (8) 

N  j=  1 


which  can  be  calculated  in  the  Bethe  lattice  [10] 


L=(l-ZV(Z-l)Ng0N)/(E-ZV).  (9) 


This  equation  shows  that  the  result  is  entirely  domi¬ 


nated  by  the  surface  for  Z  >  2  because  of  the  very 
large  factor  (Z  -  l)N.  Again,  if  one  incorrectly  ne¬ 
glects  the  surface  (i.e.,  =  0),  there  appears  a 

8-function  response  at  E  =  ZV ,  but  if  the  surface  is 
taken  into  account  the  weight  of  the  8  function  is 
zero  because  g0N(E  =  ZV)=  1  /[ZV(Z  -  1)N  ]. 

As  a  final  point,  let  us  say  some  words  about  the 
effects  of  the  surface  in  the  localization  of  states  of 
the  Bethe  lattice.  Let  the  amplitude  of  the  wave 
function  of  a  site  in  shell  n  be  <j)n ,  and  define  a 
transfer  matrix 

'  E  1 

T=  (Z  -  \)V  (Z-  1) 

1  0 

such  that  Tcn_,  =  cn,  where  =  (<£„,  < j>n_{ ).  The 
eigenvalues  of  T  are 

A±=  |  A|  e*  ‘P, 

where  [  A  |  =  (Z  —  1)“  1/2  and  (3  =  arctan 
y4(Z-  1)  —E2/E.  From  here  one  defines  the  lo¬ 
calization  distance,  £,  through 

|^|  =  |Ar  =  e-/f 

or  f  =  2/ln(Z  —  1).  In  the  linear  chain  the  states  are 
extended  (£=cc)  but  in  any  other  Bethe  lattice  the 
states  are  localized,  explaining  the  'discreteness’  of 
the  continuum  discussed  elsewhere  [11].  The  same 
result  is  obtained  defining  the  localization  distance 
as  the  inverse  of  the  Lyapunov  exponent  calculated 
with  the  norm  of  the  transfer  matrix.  One  could  say 
that  the  shrinking  of  the  band  is  due  to  this  localiza¬ 
tion  of  states,  that  prevents  the  existence  of  coherent 
states  in  the  Bethe  lattice.  The  energies  of  the  states 
in  the  band  can  be  written  as  E  =  2V  cos  f3 

and  the  energy  gap,  A,  between  the  edge  of  the  band 
and  ZV  is 

A/V=(t'/f- l)2>l/£2,  (10) 

which  can  be  understood  in  general  if  one  considers 
that  for  long  wavelengths  E  ~  p 2,  and  £p  >  1, 
therefore  E  >  l/£2. 

3.  Bethe  lattice  models  for  glasses 

We  first  used  the  Bethe  lattice  to  study  electronic 
and  vibrational  excitations  in  amorphous  silicon  [12]. 
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Then,  when  I  met  Frank  we  started  trying  to  model  a 
random  network  of  AX4  units  to  study  glasses  as 
Si02,  Ge02,  GeS2,  BeF2,  etc.  We  obtained  reason¬ 
able  densities  of  vibrational  states  and,  as  Frank  was 
an  excellent  experimenter,  our  aim  was  to  compare 
the  results  of  the  theoretical  model  with  Frank’s 
infrared,  Raman  and  neutron  scattering  experimental 
spectra.  Consequently,  we  obtained  analytical  ex¬ 
pressions  with  Bethe  lattice  models  to  simulate  and 
compare  the  measurements.  The  results  were  in  gen¬ 
eral  quite  satisfactory  [13],  except  for  one  feature 
that  became  Galeener’s  obsession:  there  were  sharp 
peaks  in  the  Raman  spectra  of  some  glasses,  like 
Si02,  which  were  too  narrow  to  be  expected  in  a 
disordered  structure  [3].  Galeener  postulated  [14]  that 
these  features  were  the  signature  of  regular  interme¬ 
diate  range  order  structures  or  local  defects.  Thus, 
we  started  using  the  cluster  Bethe  lattice  method  [15] 
to  study  local  defects  in  a  cluster,  as  broken  bonds, 
wrong  bonds,  double  bonds,  and  square  rings  [16], 
with  the  surface  atoms  linked  to  appropriate  Bethe 
lattices.  The  results  showed  that,  although  some  of 
the  defects  could  produce  peaks  at  the  right  frequen¬ 
cies,  none  were  as  sharp  as  in  the  experiment  be¬ 
cause  it  was  impossible  to  disconnect  the  defect  from 
the  rest  of  the  lattice.  This  failure  is  important, 
because  some  people  were  assigning  the  sharp  Ra¬ 
man  peaks  to  local  defects  based  on  cluster  calcula¬ 
tions,  without  taking  into  account  that  they  should  be 
connected  to  a  network. 

The  experimental  evidence  supported  the  idea  that 
the  sharp  peaks  were  due  to  regular  and  almost 
planar  threefold  and  fourfold  rings  of  bonds  [14].  We 
were  able  to  show  that  threefold  rings  could  be 
detached  from  the  rest  of  the  lattice  at  the  Raman 
active  mode  if  the  ratio  between  central  and  angular 
forces  was  in  a  range  of  values,  perfectly  reasonable 
for  the  real  materials.  We  reproduced  the  experimen¬ 
tal  peaks  for  threefold  [17]  and  fourfold  rings  [18] 
with  our  models. 

Galeener  was  also  interested  in  vitreous  boron 
oxide  B203,  which  is  supposed  to  contain  large 
numbers  of  threefold  planar  rings  [19].  Therefore,  we 
built  up  a  Bethe  lattice  of  rings  and  obtained  reason¬ 
able  results  for  the  density  of  vibrational  states  [20] 
and  for  the  vibrational  spectroscopies  [21]. 

At  this  point  it  is  worthwhile  to  mention  that  the 
expressions  for  the  spectral  responses  have  to  be 


taken  with  care,  as  there  are  problems  with  6-func¬ 
tion  unphysical  responses  in  the  Bethe  lattice.  For 
instance,  if  one  calculates  the  infrared  response  from 
a  simple  effective  point  charge  e(n )  model  in  amor¬ 
phous  silicon,  one  obtains 

i=  m'-  w) 
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where  g  is  the  displacement-displacement  autocor¬ 
relation  and  f||  and  t±  are  the  components  of  the 
transfer  function  parallel  and  perpendicular  to  the 
bond  direction,  respectively.  It  can  be  shown  that 
this  expression  gives  a  8  function  at  the  maximum 
frequency,  a>max,  where  there  is  no  mode. 

The  Raman  scattering  response  from  a  bond  po¬ 
larizability  model  can  be  obtained 
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where  a  =  cos  3  <p,  and  <p  is  the  dihedral  angle.  For 
random  angles  (a  =  0),  this  expression  gives  a  broad 
response  highly  peaked  towards  the  optic  modes, 
which  is  qualitatively  correct,  but  for  the  staggered 
case  (a  =  1)  the  response  is  again  a  8  function  at 
cumax.  The  neutron  scattering  response  is  more  com¬ 
plicated  to  obtain  [9],  but  the  result  also  predicts  a  8 
function  response,  which  is  unreasonable. 

All  these  problems  are  due  to  the  significance  of 
the  enormous  surface  in  the  Bethe  lattice,  but  they 
can  be  corrected  if  instead  of  t  one  uses  qt  (with 
g~e-1/^<l)  in  all  the  above  expressions.  This 
means  that  the  coherence  of  the  response  is  de¬ 
stroyed  within  a  distance  of  the  order  of  f ,  due  to 
the  localization  of  the  states. 

In  the  models  for  the  vibrational  responses  for 
Si02  we  used  a  bond  polarizability  model  only  in  a 
local  environment  around  the  defect,  based  on  the 
fact  that  in  a  disordered  solid  the  coherent  responses 
fade  out  fairly  quickly.  The  results  for  the  Raman 
response  for  Si02,  Ge02  and  B203  agree  extremely 
well  with  the  experimental  results.  Even  a  study  of  a 
disordered  Bethe  lattice  with  three-coordinated  and 
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four-coordinated  boron  atoms  in  B203  to  simulate 
Li-doped  boron  oxide  gives  satisfactory  answers  [22]. 

4.  Conclusions 

The  Bethe  lattice  has  been  very  helpful  to  study 
glasses  and  amorphous  solids.  The  theoretical  results 
agree  extremely  well  with  experimental  probes  and 
allow  one  to  test  hypotheses  about  some  structural 
and  physical  properties  of  glasses.  We  have  pre¬ 
sented  some  examples  of  the  use  of  these  models, 
almost  exclusively  those  made  in  collaboration  with 
Frank,  and  we  mentioned  the  main  problem  when 
interpreting  the  results.  No  attempt  has  been  made  to 
mention  numerous  works  made  by  other  people  us¬ 
ing  the  Bethe  lattice. 

We  have  discussed  the  unphysical  features  of  the 
Bethe  lattice  from  a  new  point  of  view  that  relates  all 
these  features  to  the  existence  of  an  enormous  sur¬ 
face.  In  practice,  when  modeling  disordered  solids 
one  can  avoid  the  surface  by  arguing  that  there  is  a 
decay  in  the  long  range  correlations  due  precisely  to 
disorder;  therefore,  one  can  calculate  responses  lo¬ 
cally  and  also  deal  with  local  defects  with  the  Bethe 
lattice  and  be  confident  that  the  results  are  reason¬ 
able. 

One  of  the  authors  (R.A.B.)  wants  to  thank  Frank 
not  only  for  the  amazing  experience  of  working  with 
him  for  so  many  years,  but  also  for  the  warm 
friendship  that  he  always  offered  him.  This  work  was 
financed  partially  by  the  European  Economic  Com¬ 
munity,  contract  CI1-CT90-0864  and  by  Universidad 
Nacional  Autonoma  de  Mexico,  project  DGAPA 
IN103493. 
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Section  2.  Structure 

The  role  of  topology  and  geometry  in  the  irradiation-induced 
amorphization  of  network  structures 
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Abstract 

Network  structures  are  characterized  by  some  measure  of  directed  bonding  and  more  arbitrary  connectivity.  Crystalline 
networks  additionally  exhibit  long-range  translational  periodicity  and  orientational  order.  The  irradiation-induced  loss  of 
both  latter  features  —  commonly  known  as  amorphization  and  geologically  as  metamictization  -  actually  represents  a  loss  of 
topological  order  and  provides  a  measure  of  the  structural  redundancy  in  the  network.  Because  of  its  similarity  to  glass 
formation,  the  metamict  transition  can  provide  potential  insights  into  the  structures  of  network  glasses.  High-resolution 
electron  microscopy  and  energy-filtered  electron  diffraction  provide  important,  though  unfortunately  limited,  information 
about  the  process  and  the  products  of  the  topological  disordering. 


1.  Introduction 

The  structure  of  aperiodic  networks  has  exercised 
its  fascination  on  three  generations  of  structural 
chemists,  solid-state  physicists  and  ceramists,  not 
least  the  late  Frank  Galeener  who  made  the  seminal 
contributions  to  our  understanding  of  intermediate- 
range  order  and  defect  structures  in  network  glasses 
that  we  here  honor.  Network  structures  are  charac¬ 
terized  by  a  well-defined  measure  of  directed  bond¬ 
ing  and  may  be  distinguished  from  compact  struc¬ 
tures  by  some  arbitrariness  in  the  remaining  bond¬ 
ing.  Compact  structures  are  characterized  by  pro¬ 
nounced  structural  intimacy  of  polyhedral  coordina¬ 
tion  units,  which  seriously  constrains  their  ability  to 
form  glasses,  whereas  in  network  structures  such 
units  display  more  marginal  connections  to  each 
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other  and  possess  greater  freedom  to  take  on  aperi¬ 
odic  arrangements.  As  a  consequence,  structural 
topology  is  more  central  to  a  description  of  network 
structures  than  the  packing  or  space-filling  consider¬ 
ations  afforded  compact  solids  [1]. 

It  has  been  suspected  since  1914  [2]  and  con¬ 
firmed  in  1939  [3]  that  certain  initially  crystalline 
structures  -  at  first  silicates,  but  now  comprising  a 
range  of  ceramic,  metal  and  organic  solids  —  can  be 
induced  to  lose  all  vestiges  of  crystallinity  under 
bombardment  by  energetic  radiation.  Geological 
minerals  rendered  aperiodic  by  (it  is  now  known) 
alpha-decay  of  incorporated  U  or  Th  impurities  were 
originally  classified  as  metamikt  [4],  and  use  of  the 
term  metamictization  has  gained  some  currency  [5] 
-  in  preference  to  the  less  accurate  (but  also  less 
unwieldy)  epithet  amorphization,  which  has  regret¬ 
tably  but  ineradicably  entered  the  radiation  effects 
lexicon.  It  is  the  displacement  of  atoms  which  is 
responsible  for  the  disordering  transformation,  usu¬ 
ally  in  ballistic  collision  cascades  engendered  by  the 
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displacive,  rather  than  the  ionizing,  component  of 
particle  radiation;  however,  radiolytic  mechanisms 
function  in  silica  and  silicates  (Section  4)  and  or¬ 
ganic  crystals,  and  metamictization  by  single  ballis¬ 
tic  displacements  occurs  in  quartz  [6]  and  SiC  [7]. 
The  transformation  is  functionally  complete  at  dis¬ 
placement  densities  approaching  one  displacement 
per  atom  (dpa),  a  radiation  dose  one  to  two  orders  of 
magnitude  lower  than  encountered  in  other 
radiation-damage  phenomena  such  as  void  swelling 
[8].  Nevertheless,  amorphization  may  involve  dimen¬ 
sional  changes  in  excess  of  15%  in  some  systems. 

Fig.  1  depicts  the  progress  of  a  typical  transforma¬ 
tion  in  real  and  reciprocal  spaces,  in  this  case  the 
radiolytic  amorphization  of  quartz  in  a  200  keV 
electron  beam  [9].  It  is  clear  from  the  electron 
diffraction  patterns  and  the  high-resolution  transmis¬ 


sion  electron  microscopy  (TEM)  images  that  long- 
range  translational  correlations  are  lost,  but  it  is  also 
evident  from  the  diffraction  haloes  that  orientational 
correlations  are  likewise  lost.  In  solids  which  amor- 
phize  within  collision  cascades  or  by  overlap  of 
collision  cascades,  remanent  crystalline  islands  actu¬ 
ally  appear  slightly  rotated  with  respect  to  each  other 
[10],  but  for  solids  which  amorphize  by  single  dis¬ 
placements  the  origin  of  the  loss  of  orientational 
order  is  more  obscure  (see  Section  4).  Loss  of  both 
translational  and  orientational  correlations  corre¬ 
sponds  to  topological  disordering  [11],  and  the 
metamict  state  is  clearly  a  topologically  disordered 
one.  Glasses  are  topologically  disordered  too,  al¬ 
though  it  is  not  apparent  that  metamict  solids  exhibit 
a  glass  transition  and  should  be  called  glasses: 
metamict  materials  tend  to  recrystallize  when  heated, 


QUARTZ 


Fig.  1  High-resoiution  axial  TEM  images  along  [0  0  1]  for  three  different  stages 
corresponding  diffraction  patterns  [9]. 
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epitaxially  if  a  crystalline  interface  is  available  [12], 
and  may  recrystallize  as  fast  as  they  disorder  during 
irradiation  above  a  critical  temperature. 


2.  Experimental  procedures 

Irradiations  reported  in  this  study  were  performed 
with  fast  electrons,  fission-reactor  fast  neutrons  and 
energetic  ions.  Synthetic  a-quartz  crystals  from  the 
General  Electric  Company,  UK,  irradiated  between 
333  and  375  K  in  a  low-intensity  fission  reactor  at 
Oak  Ridge  National  Laboratory  with  fission  neutron 
fluences  ( >  0.1  MeV)  from  1021  to  1.5  X  10~4 
n/m2,  were  obtained  from  R.A.  Weeks  at  Vanderbilt 
University.  Hydrothermally  grown  a-quartz  crystals 
for  electron  irradiation  were  obtained  from  Sawyer 
Research  Company,  Eastlake,  OH,  USA.  Samples 
were  thinned  to  electron  transparency  by  a  combina¬ 
tion  of  mechanical  polishing  and  5  keV  Ar-ion  thin¬ 
ning.  These  were  irradiated  in  situ  by  the  scanned 
focussed  electron  probe  of  a  100  kV  scanning  trans¬ 
mission  electron  microscope  (STEM)  or  in  the  highly 
focussed  beam  of  a  200  kV  high-resolution  transmis¬ 
sion  electron  microscope  (HRTEM)  to  fluences  be¬ 
tween  1023  and  1027  e/m2  at  room  temperature. 
High-resolution  images  were  recorded  in  an  Akashi- 
ISI  002B  HRTEM  with  200  kV  electrons  and  condi¬ 
tions  close  to  Scherzer  focus  without  an  objective 
aperture.  Sawyer  a-quartz  crystals  were  also  im¬ 
planted  along  [0  0  1]  with  150  keV  Si+  ions  to  a 
fluence  of  2  X  1021  ions/m2  at  Naval  Research 
Laboratories. 

Natural  cristobalite  (collection  catalogue  number 
128694)  and  tridymite  (collection  catalogue  number 
119881)  crystals  in  the  form  of  powders  were  ob¬ 
tained  from  the  Harvard  University  Mineralogical 
Museum.  Electron-transparent  specimens  of  both  ma¬ 
terials  were  made  by  dispersing  the  powders  in 
methyl  alcohol  and  collecting  the  powders  on  holey 
carbon  films  supported  on  copper  grids.  These  mate¬ 
rials  were  electron-irradiated  at  room  temperature 
similarly  to  a-quartz. 

Lead  pyrophosphate  (Pb2P207)  single  crystals 
were  grown  by  slow  cooling  of  a  melt  containing 
equimolar  ratios  of  PbO  and  (NH4)2H2P04,  each 
starting  compound  with  <  10  ppm  nominal  impu¬ 
rity,  in  a  platinum  crucible  first  heated  to  775  K  to 


decompose  the  ammonium  dihydrogen  phosphate  and 
then  cooled  from  1150  K  at  a  rate  of  1  K/h.  The 
resulting  large  (40  X  30  X  0.3  mm3)  micaceous  crys¬ 
tals  grown  were  implanted  at  room  temperature  7° 
off  [0  0  1]  with  100  keV  P+  ions  to  fluences  be¬ 
tween  1017  and  2  X  1020  ions/m2. 

The  computer  code  TRIM-91  [13]  was  used  to 
compute  ion  implantation  depths,  rate  of  displace¬ 
ment  energy  deposition  as  a  function  of  depth,  and 
the  damage  energy  density  required  for  amorphiza- 
tion  from  the  critical  amorphization  fluence,  for  the 
ion  implantations  described  above  and  for  a  number 
of  ion  irradiations  carried  out  by  other  investigators 
reporting  a  critical  ion  fluence  for  amorphization  in 
other  materials.  Displacement  energies  of  between 
15  and  60  eV  were  assumed  for  atoms  in  all  solids 
considered  [8],  although  choice  of  values  made  little 
difference  to  the  critical  damage  energy  densities 
calculated.  The  damage  energy  was  taken  to  be  the 
energy  deposited  by  the  primary  ion  into  primary 
knock-on  atoms  less  the  losses  to  ionization  and 
phonons  in  the  subsequent  collision  cascades. 

Energy-filtered  electron  diffraction  (EFED)  data 
were  used  to  provide  information  about  radial  corre¬ 
lations  in  the  metamict  state  and  were  acquired  at 
room  temperature  in  100  keV  (Vacuum  Generators 
HB5)  and  300  keV  (Vacuum  Generators  HB603) 
field-emission  STEM  instruments  operating  in  a  se¬ 
lected-area  diffraction  mode  with  an  approximately 
parallel  incident  scanned  beam  ~  1  |xm  in  diameter. 
Inelastically  scattered  electrons  were  removed  by 
scanning  the  diffraction  pattern  across  the  entrance 
slit  of  a  serial  electron  energy-loss  spectrometer, 
operating  with  an  energy  window  of  about  2  eV 
centered  on  zero  energy  loss  [14].  The  angular  range 
scanned  corresponded  to  a  scattering  vector  q  = 
2(sin  0/2)/ A  <  qmax  =  16  nrn-1  (0  is  the  full  scat¬ 
tering  angle,  A  =  3.7  pm  for  100  keV  electrons).  A 
reduced  radial  density  function 

g(r)  =4'irr2[pe(r)  -  p J 


=  8-rr rf  qS{q)  sin(2  n  qr)  M(q)  dq  (1) 
Jo 

was  derived  by  Fourier  transformation  of  the 
Zernike-Prins  [15]  function 


s{q)  = 


/(g)-/(0)gqn 

Nj2 


(2) 
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as  modified  by  the  Lorch  [16]  function 


M{q) 


sin(TT  g/qm„) 

vq/q max 


(3) 


where  pe  is  the  scattering  density  for  electrons,  I(q) 
is  the  measured  scattered  intensity,  Nc  is  the  number 
of  units  of  composition  (wc),  and  /  =  /Si  +  2  f0  is  a 
sharpening  function  derived  from  the  atomic  scatter¬ 
ing  amplitudes  /Si  and  f0  for  electrons. 

Simple  modelling  of  initial  stages  of  metamictiza- 
tion  in  a-quartz  was  carried  out  using  the  Nagoya 
University  Molecular  Structure  Display  Program  [17] 
to  draw  perspective  diagrams  representing  atoms  and 
bonds,  and  a  simple  computer  code  [18]  was  used  to 
minimize  the  sum  of  the  weighted  squares  of  devia¬ 
tions  from  equilibrium  interatomic  distances.  The 
routines  were  carried  out  on  a  VAX  Station  II  com¬ 
puter.  Ring  counts  for  crystalline  silica  polymorphs 
were  carried  out  using  connectivity  tables  derived 
from  handbuilt  models  using  a  Symbolics  computer 
programmed  in  Lisp. 


3.  Topology  and  amorphization 

There  are  two  fundamentally  intriguing  questions 
about  the  metamict  transformation:  how  a  (damaged) 
structure  possesses  the  necessary  freedom  to  form  a 
topologically  disordered  arrangement,  and  why  crys¬ 
tallization  does  not  readily  recur.  Amorphization, 
like  glass  formation,  represents  fundamentally  a  fail¬ 
ure  to  crystallize.  Such  questions  are  topological  in 
nature  [1]. 

The  first  question  involves  an  assessment  of  what 
may  be  called  ‘structural  freedom’.  Many  elemental 
solids  and  compounds  exhibit  multiple  polymorphic 
crystalline  forms,  but  the  ability  to  adopt  or  retain 
more  arbitrary  atomic  arrangements  following  a  dis¬ 
ordering  event  involves  rather  more.  Structural  free¬ 
dom  is  governed  by  connectivity  and  is  most  easily 
demonstrated  in  two-dimensional  analogues  (Fig.  2). 
Structures  can  be  thought  of  as  comprising  identical 
rigid  structuring  elements  (generically  ‘polytopes’) 
connected  together  by  corner-,  edge-  or  face-sharing. 
In  compounds,  these  are  most  conveniently  the  cation 
coordination  polyhedra;  in  elemental  solids,  like  Si, 
they  are  more  representational  than  physical,  with 


Fig.  2.  Four  two-dimensional  networks  constructed  using  one-di¬ 
mensional  rod  and  two-dimensional  triangular  polytopes,  with  the 
corresponding  connectivities  and  structural  freedoms  indicated. 


their  vertices  defined  at  the  mid-points  of  inter-atomic 
bonds. 

Fig.  2  illustrates  one-dimensional  rod  polytopes 
and  two-dimensional  triangular  polygons.  Represent¬ 
ing  the  connectivity  by  { V ,  C},  where  V  is  the 
number  of  vertices  per  polytope  and  C  is  the  number 
of  polytopes  sharing  a  vertex,  the  structures  in  Fig.  2 
are,  respectively,  {2,  3},  (2,  6},  {3,  2}  and  {3,  3}.  The 
degree  of  structural  freedom,  /,  is  represented  by  the 
number  of  degrees  of  freedom  for  each  vertex,  equal 
to  the  dimensionality,  d,  of  the  structure,  less  the 
number  of  constraints,  h ,  imposed  by  connections  to 
neighboring  elements.  Gupta  and  Cooper  [11,19] 
show  that,  for  polytope  dimension,  8, 

f=d-C{8-  [5(5+  l)/2V]}-(d-  l)(Y/2) 

-[(p-l)d-(2p-3)](Z/p),  (4) 

where  Y  is  the  fraction  of  edge-sharing  vertices  and 
Z  is  the  fraction  of  vertices  sharing  p-sided  faces. 

The  {2,  3}  two-dimensional  (d  =  2)  arrangement 
of  rods  (6=1)  in  Fig.  2  highlights  an  important 
geometrical  consideration:  closure;  such  structures 
must  close  on  themselves  to  form  closed  circuits  or 
rings,  if  the  density  of  self-similar  elements  is  not  to 
increase  exponentially  [1],  For  the  structure  illus¬ 
trated,  one-third  of  the  angles  between  adjacent  rods 
are  specified  by  the  vertex  condition  and  half  by  the 
average  necessity  for  closure,  leaving  one-sixth  of 
the  network  angles  still  to  be  chosen;  the  structure  is 
therefore  underconstrained  and  free  to  adopt  an  arbi¬ 
trary  configuration,  as  reflected  by  the  value  of 
f=  +0.5  from  Eq.  (4).  By  contrast,  the  {2,  6}  ar- 
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rangement  of  rods,  for  which  /=  -1,  is  overcon¬ 
strained  and  is  required  to  be  crystalline.  Values  of 
/>  0  therefore  imply  freedom  to  arbitrarily  rear¬ 
range,  while  values  of  /<0  imply  rigid  crystalline 
options.  The  {3,  2}  arrangement  of  triangles  in  Fig. 
2,  for  which  /=  0,  is  marginally  constrained;  there 
is  no  freedom  once  the  boundary  is  set,  but  altering 
the  boundary  permits  other  possibilities.  In  three-di¬ 
mensions  (where  /=  +1),  this  is  the  structure  of 
B203,  a  facile  glass-former  whose  (undercon¬ 
strained)  structuring  polytopes  are  corner-sharing 
[B03]  triangles.  Finally,  the  two-dimensional  {3,  3} 
arrangement  of  triangles  is  again  overconstrained 
and  always  crystalline,  with  /=  -1. 

If  the  two-dimensional  {3,  2}  network  of  triangles 
is  decorated  with  points  and  these  points  joined 
similarly,  the  result  is  a  {2,  3}  network.  The  latter 
tiles  (or  tesselates)  the  two-dimensional  space,  with 
the  useful  property  that  each  point  has  three  rings 
passing  through  it;  application  of  Euler’s  theorem 
shows  that  the  average  size  of  these  rings  is  sixfold. 
There  is,  of  course,  an  infinite  number  of  larger  rings 
also  passing  through  a  point  in  an  infinite  network, 
but  attention  is  usefully  restricted  to  those  rings 
which  are  not  the  sum  of  two  smaller  rings;  these 
will  be  called  ‘primitive’  rings  [20].  For  a  number  of 
reasons,  it  is  advisable  for  triangular  and  three-di¬ 
mensional  structuring  polytopes  to  take  the  rings  as 


passing  through  the  edges  of  the  polytope;  the  two- 
dimensional  {3,  2}  network  in  Fig.  2  thus  has  three 
primitive  rings  of  average  size  6  passing  through 
each  triangle,  one  through  each  edge.  In  three-di¬ 
mensional  networks,  rings  no  longer  tile  the  (three- 
dimensional)  space,  but  it  is  nevertheless  useful  to 
retain  primitive  rings  as  a  descriptor.  The  set  of 
primitive  rings  passing  through  the  edges  of  a  given 
polytope  defines  a  set  of  polytopes  belonging  to 
those  rings  which  comprise  the  local  cluster  of  that 
polytope.  The  five  crystalline  network  polymorphs  of 
silica  can  be  uniquely  described  by  their  local  clus¬ 
ters  (see  Section  4),  without  recourse  to  the  crystallo¬ 
graphic  language  of  symmetry  and  periodicity  [21], 
so  this  approach  is  equally  applicable  to  describing 
non-crystalline  glassy  and  metamict  structures  [22]. 

In  three-dimensional  networks  (Fig.  3),  the  com¬ 
mon  structuring  polytopes  are  triangles  (as  in  B203), 
tetrahedra  and  octahedra.  All  silicas  but  stishovite 
and  all  framework  silicates  are  based  exclusively  on 
full  corner-sharing  of  [Si04]  tetrahedra  (or  substi¬ 
tuted  tetrahedra);  such  tetrahedral  network  arrange¬ 
ments  are  marginally  constrained  (/=  0).  Analogous 
[POJ  tetrahedra  in  P205  and  phosphates  share  only 
three  of  the  four  available  vertices  and  are  undercon¬ 
nected  (/-  +0.4).  The  comer-sharing  octahedra  in 
the  Re03  structure,  of  which  perovskites  (e.g., 
CaTi03)  are  a  stuffed  derivative,  are  only  somewhat 


Table  1 

Coordination,  connectivity,  structural  freedom  and  amorphizability  for  some  network  structures _ _ 

Polyhedra:  sharing”  M  7  Amorphization  ” 

dose  (eV  /atom) 


SiC 

Tetrahedra :  corners 

Si3N4 

Tetrahedra :  corners 

CaTi03 

~  Octahedra :  corners 

Re03 

Octahedra :  corners 

SiC  c 

Tetrahedra :  comers 

ZrSi04 

Dodecahedra :  edges;  tetrahedra :  edges 

CaSi03 

Octahedra :  edges;  tetrahedra:  corners 

Si  c 

Tetrahedra :  comers 

Si02 

Tetrahedra :  corners 

Pb2P207 

~  Tetrahedra :  corners 

P205 

Tetrahedra :  comers 

Si 

Rods :  ends 

B203 

Triangles :  corners 

{4,  4} 

-3 

44  [26] 

{4,  3} 

-1.5 

>700  [29] 

{6,2} 

<  -1 

66  [12] 

{6,2} 

-1 

{4,2} 

<0 

44  [26] 

-3  <£/<  -1 

36  [31] 

— 1.33  </<  0 

11  [31] 

{4,2} 

<0 

11  [32] 

{4,  2} 

0 

7  [31] 

{4,  1.75} 

<  +0.4 

<  0.5  [42] 

{4,  1.75} 

+  0.38 

{2,4} 

+  1 

11  [32] 

{3,2} 

+  1 

a  Low-temperature  values  for  critical  energy  density  required  for  amorphization. 
b  Not  measured. 

c  Based  on  atom-centered  polytopes  which  are  not  coordination  polyhedra  (see  text). 
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{3?  2} 


P2O5 
{4, 1.75} 


Si02 

{4,2} 


S13N4 

{4,3} 


SiC 

{4,4} 


Re03  (CaTi03) 
{6,2} 


Fig.  3.  Triangle,  tetrahedron  and  octahedron  polytope  connectivity 
in  some  three-dimensional  structures. 


more  constrained  (/=  -1),  but  addition  of  edge- 
(and  face-)  sharing  introduces  serious  structural  re¬ 
dundancies.  Rutile  (Ti02;  also  the  structure  of  the 
high-pressure  silica  polymorph  stishovite  and  a  poly¬ 
morph  of  Ge02),  for  example,  features  edge-sharing 
of  only  partly  corner-shared  octahedra,  with  a  large 
( f=  -4)  reduction  in  structural  freedom.  Octahedra 
in  the  rocksalt  structure  are  fully  edge-shared  (/  = 
—  10)  and  are  so  seriously  overconstrained  as  to  be 
unlikely  ever  to  be  found  in  more  random  aperiodic 
arrangements  [23]. 

Table  1  indicates  connectivities  and  structural 
freedom  for  the  tetrahedral  network  structures  Si, 
Si02,  Si3N4  and  SiC,  as  well  as  B203,  P205,  two 
silicates,  a  phosphate  and  the  largely  corner-shared 
octahedral  structure  of  CaTi03.  The  connectivity  of 
Si  can  be  described  as  {2,  4},  but  the  rigid  tetrahedral 
bonding  makes  it  topologically  more  accurate  to 
describe  tetrahedra  surrounding  each  Si  atom  (less 
space-filling  than  the  Voronoi  [24]  polyhedra)  with 
unoccupied  vertices  at  the  bond  mid-points  (cris- 
tobalite  without  the  oxygen)  with  {4,  2}  connectivity 
and  /=  0.  The  consequential  requirement  that  the 
Si-vertex-Si  angles  must  be  180°  adds  an  additional 
constraint,  so  that  f  may  be  <  0. 

Ease  of  metamictization  must  correlate  in  some 
way  with  structural  freedom,  because  the  fundamen¬ 
tal  question  is  how  atoms  rearrange  themselves,  per¬ 
haps  within  the  confines  of  unaffected  surrounding 
crystal,  after  a  local  disordering  event.  The  criteria 
are  not  unlike  those  for  identification  of  floppy 
(zero-frequency)  mode  thresholds  [25]  which  also 
involves  constraint  counting  (see  also  Section  4). 


Given  few  enough  constraints  and  sufficient  struc¬ 
tural  options,  the  rearrangement  can  be  arbitrary  and 
stochastic,  so  that  the  transformation  is  essentially 
irreversible,  and  the  crystal  can  be  recovered  only  by 
full-scale  recrystallization  -  for  example  epitaxially 
at  the  interface  with  unaffected  crystal  -  given  suffi¬ 
cient  atomic  mobility  at  high  temperatures.  There  is 
therefore  a  strong  temperature  dependence  for 
metamictization,  so  that  some  amorphizable  solids 
will  amorphize  only  at  low  or  cryogenic  tempera¬ 
tures.  SiC,  for  example,  amorphizes  at  room  temper¬ 
ature  at  about  0.6  dpa  [26],  but  not  at  1000  K  where 
it  instead  remains  crystalline  to  displacement  doses 
of  100  dpa  and  undergoes  dislocation-climb-driven 
void  swelling  [27].  Silicas  amorphize  equally  effi¬ 
ciently  at  4  K  [28]  and  well  above  room  temperature. 

Table  1  indicates  also,  where  a  critical  radiation 
fluence  was  measured,  the  calculated  critical  energy 
deposited  in  atomic  displacements  to  amorphize  the 
network  solids  listed  with  energetic  ions  at  room 
temperature  or  below.  To  a  large  extent,  the  order 
matches  with  broad  category  shifts  defined  by  the 
type  of  connectivity.  The  underconnection  of  phos¬ 
phate  tetrahedra,  for  example,  shows  up  very  clearly 
in  the  extreme  susceptibility  of  the  pyrophosphate 
Pb2P207  to  amorphization;  even  though  there  is 
some  edge  sharing  with  larger  Pb  polyhedra,  corner¬ 
sharing  of  three-connected  [P04]  tetrahedra  clearly 
dominates.  The  correlation  works  even  for  the  smaller 
structural  differences  among  silicates:  the  introduc¬ 
tion  of  larger  polyhedra  and  edge-sharing  in  wollas- 
tonite  (CaSi03)  and  zircon  (ZrSi04)  clearly  in¬ 
creases  connectivity  and  decreases  amorphizability. 
There  are  a  few  anomalies:  CaTi03  and  other  per- 
ovskites  exhibit  a  surprisingly  low  amorphization 
dose  for  strongly-ionic  solids,  which  suggests  that 
the  large  eight-coordinated  alkali  or  alkaline-earth 
cation  may  be  less  important  structurally  than  the 
corner-sharing  octahedra.  There  is  a  precipitous  in¬ 
crease  in  amorphization  dose  in  going  from  silicas, 
in  which  [Si04]  tetrahedra  are  shared  two  to  a  vertex, 
to  Si3N4,  in  which  [SiNj  tetrahedra  are  shared  three 
to  a  vertex;  in  fact,  Si3N4  may  not  be  amorphizable 
at  all  [29]  at  room  temperature,  some  earlier  reports 
to  the  contrary  [30]  being  likely  due  to  the  influence 
of  implanted  ions  at  high  concentration. 

SiC,  with  four  [SiC4]  (or  [CSiJ)  tetrahedra  to  a 
vertex,  is  only  somewhat  more  difficult  to  amorphize 
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at  room  temperature  than  silicas  or  Si,  and  is  clearly 
out  of  place  with  respect  to  its  apparent  redundant 
connectivities.  SiC  may  be  anomalous  because  of  the 
arbitrariness  of  assigning  the  centers  of  tetrahedra  to 
C  or  Si  atoms  (the  choice  of  tetrahedra  is  not  unique) 
and  the  possibility  of  antisite  disorder;  the  atom  sites 
(without  regard  to  atom  species)  of  (3-SiC  are  in  fact 
those  of  Si,  so  it  may  be  more  appropriate  to  con¬ 
sider  SiC  (like  GaAs  [30])  in  the  same  structural 
category  as  Si.  From  a  mechanistic  point  of  view,  the 
connectivity  redundancy  at  a  multiply-shared  vertex 
represents  a  liability:  displacement  of  a  single  vertex 
atom  destroys  four  tetrahedra. 

4.  Structure  of  metamict  silica 

Silicas  represent  an  informative  case  study  for 
metamictization  because  the  [Si04]  tetrahedron  is 
evidently  robust  and  there  exist  five  precursor  crys¬ 
talline  network  polymorphs.  Three  of  these  (quartz, 
cristobalite  and  tridymite)  with  well-defined  local 
clusters  are  listed  in  Table  2.  Cristobalite  and 
tridymite  have  only  primitive  six-rings,  twelve  in  the 
local  cluster,  which  encompasses  respectively  29  and 
27  tetrahedra.  Quartz,  with  a  much  large  local  cluster 
comprising  63  tetrahedra,  is  dominated  by  primitive 
eight-rings;  these  are  highly  convoluted  and  double 
back  on  themselves,  increasing  the  density  by  over 
14%.  Fig.  4  shows  the  density  changes  attendant 
upon  neutron  irradiation  of  quartz  and  vitreous  silica; 
the  largest  rate  of  density  change  for  quartz  corre¬ 
sponds  to  the  largest  rate  of  loss  of  topological  order 
as  evidenced  in  diffraction  observations.  Fig.  5  indi¬ 
cates  that  progress  to  the  metamict  state  is  heteroge- 


Fluence  (xIO24  n/m2) 


Fig.  4.  Density  changes  in  fission  neutron-irradiated  quartz  and 
vitreous  silica  [8]. 


neous  at  this  stage  of  neutron  irradiation,  with  single 
or  overlapping  collision  cascades  providing  the 
metamict  nuclei  observed  to  give  rise  to  the  strain- 
field  and  structure-factor  contrast  in  the  image.  The 
highly  geometric  inelastic  scattering  in  the  accompa¬ 
nying  diffraction  pattern  is  notable  in  that  it  resem¬ 
bles  similar  distributions  seen  in  soft  phonon-mode 
transitions  and  could  be  associated  with  floppy  modes 
involved  in  the  restructuring.  Both  quartz  and  vitre¬ 
ous  silica  precursors  approach  a  common  terminal 
density  during  irradiation,  quartz  expanding  by  over 
14%,  vitreous  silica  compacting  by  almost  3%.  The 
observed  correlation  of  density  and  ring  content  in 
silicas  [21]  suggests  that  the  structures  of  vitreous 
and  metamict  silica,  with  densities  near  that  of 
tridymite,  should  be  dominated  by  six-rings,  as  is 
found  in  iteratively-optimized  models  [33]  and  the 
best  simulations  currently  available  [34].  Similarly, 


Table  2 

Silica  polymorph  topology  [21] 

Polymorph 

Stability  regime 

Density 

Primitive  ring 
content 

Third 

neighbors 

Local  cluster 
size 

Quartz 

low  temperature 

2.65 

6  6-rings 

30 

63 

(810-1143  K) 

40  8-rings 

Cristobalite 

high  temperature 

2.32 

12  6-rings 

24 

29 

(1743-2001  K) 

Tridymite 

high  temperature 

2.26 

12  6-rings 

25 

27 

(1143-1743  K) 

Metamict 

low  temperature 

2.26 

n  ~  6? 

Vitreous 

high  temperature 

2.21 

n  <  6 

(rg  ~  1333  K) 
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assuming  both  metamict  and  vitreous  silica  remain 
fully-connected,  with  a  small  (<  1%)  concentration 
of  point  defects,  the  3%  density  difference  suggests 
that  metamict  silica  may  have  on  average  some 
larger  rings  than  vitreous  silica.  This  may  be  ex¬ 
pected  also  on  the  basis  of  polymorph  formation 
temperatures,  metamict  silica  being  a  low-tempera¬ 
ture  form.  The  lower-temperature  forms  of  silica 
(quartz,  keatite  and,  equivalently,  high-pressure  co- 
esite)  have  larger  ring  sizes  compared  to  those  of  the 
higher-temperature  forms  (cristobalite,  tridymite,  vit¬ 
reous  silica)  [21]. 


Fig.  6.  Proposed  radiolytic  displacement  mechanism  in  tetrahedral 
silicas  [35]. 


QUARTZ 


Fig.  5.  Weak-beam  dark-field  TEM  image  and  corresponding 
diffraction  pattern  of  a-quartz  fission-neutron  irradiated  to  a 
fluence  of  6X1023  n/m2,  near  the  maximum  rate  of  density 
change.  Both  structure  differences  and  strain-field  contribute  to 
contrast  in  this  imaging  mode.  The  highly  geometric  inelastic 
scattering  distribution  in  the  diffraction  pattern  may  be  related  to 
floppy  modes  involved  in  the  restructuring. 


Crystalline  tetrahedral  silicas  amorphize  by  elec¬ 
tron  irradiation,  as  shown  in  Fig.  1,  by  a  more 
uniform  radiolytic  process,  a  proposed  mechanism 
for  which  [35]  is  illustrated  in  Fig.  6.  Excitonic 
excitation  of  the  Si-0  bond  results  in  a  configura¬ 
tional  instability  of  the  oxygen  atom,  which  moves 
off-center  and  immediately  (or  eventually)  joins  a 
neighboring  (or  more  distant)  oxygen  in  an  [02] 
peroxy  linkage.  The  result  is  an  oxygen  Frenkel  pair: 
an  oxygen  vacancy  (an  E'  center  in  some  indetermi¬ 
nate  charge  state)  and  a  molecular  oxygen  crowdion 
interstitial.  Evidence  for  an  analogous  exciton- 
powered  radiolytic  displacement  mechanism  operat¬ 
ing  in  vitreous  silica  has  been  found  in  paramagnetic 
resonance  spectra  after  exposure  to  sub-gap  excimer 
laser  light  [36]. 

In  either  vitreous  or  crystalline  network  silicas, 
generation  of  the  Frenkel  pair  effectively  breaks  the 
connectivity  of  the  silica  network,  and  either  or  both 
adjacent  [Si04]  units  remaining  may  relax  into  a 
triangular,  rather  than  tetrahedral,  structuring  poly¬ 
tope,  with  concomitant  increase  in  structural  free¬ 
dom.  Accumulation  of  a  critical  density  of  such 
broken  linkages  evidently  results  in  local  structural 
collapse  and  stochastic  rebonding.  The  network  thus 
restructures  nearly  bond-by-bond  into  a  topologi¬ 
cally-disordered  arrangement. 

Structural  redundancy  is  particularly  relevant  in 
this  case,  and  network  silicas  -  having  none  -  are 
locally  free  to  restructure  with  even  a  single  pair  of 
proximate  broken  linkages  (a  bond  switch),  although 
steric  considerations  presumably  require  a  rather 
higher  critical  density  of  breakages.  Fig.  7  illustrates 
the  orientational  disorder  attendant  upon  even  one 
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such  bond  switch.  The  problem  here  is  to  determine 
how  many  Si-O-Si  linkages  need  to  be  broken  in 
some  prescribed  volume  to  impart  local  floppiness  to 
the  network  sufficient  to  allow  the  rebonding;  this 
problem  is  in  part  analogous  to  that  addressed  more 
globally  by  Thorpe  [25]  in  tetrahedral  glasses  and  by 
Dove  et  al.  [38]  in  silica  networks,  both  marginally 
constrained  systems  (/  =  0). 

The  high-resolution  transmission  electron  micro¬ 
scope  provides  a  convenient  source  of  radiolytic 
excitations,  in  the  ionizing  component  of  fast-elec¬ 
tron  energy  loss,  while  imaging  the  progress  of 
amorphization.  Complete  transformation  takes  place 
over  a  period  of  one  to  several  minutes  under  high- 
resolution  conditions  after  a  total  absorbed  ionization 
dose  of  about  1  GGy.  Of  the  three  polmorphs  de¬ 
scribed  above,  cristobalite  transforms  fastest,  with 
tridymite  not  far  behind;  quartz  is  the  slowest  [39]. 
Cristobalite  and  tridymite  progress  seamlessly  to  the 
metamict  state  (Fig.  8(a)).  The  radiolytic  transforma¬ 
tion  in  quartz,  however,  must  be  nucleated  heteroge¬ 
neously  -  along  extended  defects  (twin  boundaries, 
dislocation  cores),  at  point  defect  sites  (e.g.,  hydro¬ 
lyzed  bonds),  or  at  surfaces  of  thin-foil  specimens 
[28].  Metamict  inclusions,  which  begin  as  strained 
trigonal  prisms  [35]  (Fig.  8(b)),  grow  until  they 


intersect  or  are  engulfed  by  a  transformation  front 
nucleated  at  foil  surfaces.  The  necessity  for  nucle- 
ation  is  apparent  from  Table  2.  The  metamict  regions 
must  expand  by  14%,  generating  enormous  accom¬ 
modation  strains,  and  -  if  the  metamict  structure  is 
indeed  dominated  by  six-rings  as  in  cristobalite  and 
tridymite  -  the  transformation  must  involve  a  change 
from  the  30  third-neighbor  tetrahedra  in  quartz  to  24 
or  25  in  the  metamict  region.  The  contrasting  seam¬ 
less  transition  from  cristobalite  or  tridymite  suggests 
that  the  structure,  like  the  density,  of  the  metamict 
state  is  similar  to  these  crystalline  precursors.  The 
fact  that  the  transformation  nucleates  at  surfaces  of 
quartz  is  also  expected  on  the  basis  of  there  being 
fewer  structural  constraints  at  the  surface. 

The  small  volumes  transformed  under  highly  fo¬ 
cussed  electron  beams  preclude  high-resolution  neu¬ 
tron  diffraction  studies  of  the  metamict  state,  but 
electron  diffraction  has  proven  convenient  and  sur¬ 
prisingly  informative,  despite  a  range  of  scattering 
vector  only  a  quarter  that  accessible  to  neutron 
diffraction  [40].  The  result  for  metamict  quartz  (Fig. 
9)  shows  that  the  radial  density  functions  for  elec- 
tron-amorphized  quartz  and  (only  slightly  electron- 
irradiated)  vitreous  silica  are  in  very  close  agree¬ 
ment;  the  Si-0  (0.16  nm)  and  0-0  (0.26  nm)  bond 


Fig.  7.  Representation  of  64  unit  cells  of  a-quartz  (a)  with  two  central  tetrahedra  rebonded  and  (b)  the  resulting  structure  relaxed  by 
minimum  weighted  square  deviations  from  equilibrium  interatomic  distances  [37]. 
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lengths  are  the  same  as  in  unirradiated  vitreous 
silica,  which  suggests  the  [Si04]  structuring  tetrahe¬ 
dron  is  largely  preserved  intact.  A  small  reduction  in 
the  Si-0  peak  area  for  electron-metamict  quartz, 
corresponding  to  a  small  reduction  in  first-shell  oxy¬ 
gen  coordination  about  silicon,  is  in  accord  with  the 
proposed  radiolytic  damage  mechanism  (Fig.  6). 
Neutron-metamict  quartz  shows  significant  differ¬ 
ences  -  in  particular,  a  much-reduced  density  of 
Si-0  first-shell  coordination,  measurable  change  in 
the  vicinity  of  the  (unresolved)  Si-Si  correlations, 
and  other  differences  at  longer  range.  A  similar 
comparison  of  polymorphic  precursors  (Fig.  10)  re¬ 
veals  that,  while  radial  density  functions  for 


electron-metamict  cristobalite  and  tridymite  appear 
nearly  identical,  they  both  differ  from  the  result  for 
electron-metamict  quartz  -  in  particular,  exhibiting  a 
much-enhanced  0-0  correlation  peak  and  a  signifi¬ 
cant  shift  in  the  radial  position  of  the  intermediate- 
range  peak  at  0.4  nm.  These  differences  were  repro¬ 
ducible  for  two  sets  of  samples,  two  different  field- 
emission  STEM  instruments  (Vacuum  Generators 
100  kV  HB5  and  300  kV  HB601)  with  different 
energy-loss  spectrometers,  and  two  different  electron 
energies  (100  and  300  keV).  While  a  detailed  inter¬ 
pretation  of  these  results  in  terms  of  probable  net¬ 
work  topologies  has  still  to  be  made,  it  is  clear  that 
both  the  crystalline  precursor  and  the  mechanism  of 


TRIDYMITE 


QUARTZ 


Fig.  8.  Radiolytic  mctamictization  at  room  temperature  of  200  keV  electron-irradiated  silica  polymorphs  imaged  in  high-resolution  TEM:  (a) 
seamless  progress  to  the  mctamict  state  in  (3-tridymitc,  imaged  axially  along  [0  0  1];  (b)  nuclcation  of  strained  mctamict  inclusions  in 
a-quartz,  imaged  axially  along  [1  0  0], 
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Fig.  9.  Reduced  radial  distribution  functions  for  vitreous  silica, 
100  keV  electron-amorphized  a-quartz  and  fission  neutron- 
amorphized  a-quartz,  derived  from  energy-filtered  electron 
diffraction  [41]. 

formation  influence  the  structure  of  the  resulting 
metamict  state. 

The  potenitally  artefactual  role  of  ions  implanted 
to  high  concentrations  in  affecting  amorphization  - 
an  ever-present  concern  in  ion-induced  amorphiza¬ 
tion  [29]  -  is  readily  appreciated  in  observed  changes 
in  radial  distribution  functions  as  a  function  of  ion 
fluence.  Fig.  11  depicts  the  changes  in  single  crystals 
of  the  pyrophosphate  Pb2P207  amorphized  with  three 


Fig.  10.  Reduced  radial  distribution  functions  for  100  keV  elec¬ 
tron-amorphized  a-quartz,  p-cristobalite  and  (3-tridymite,  derived 
from  energy-filtered  electron  diffraction  [41]. 


Fig.  11.  Reduced  radial  distribution  functions  for  single-crystal 
Pb2P207,  amorphized  at  room  temperature  by  the  indicated  flu- 
ences  of  100  keV  P+  ions,  derived  from  energy-filtered  electron 
diffraction  [42]. 

different  100  keV  P+  ion  fluences.  While  the  two 
lower  fluences  yielded  similar  results,  fluences 
>  10 20  ions/m2  (corresponding  to  a  peak  implanted 
ion  concentration  >0.1%)  yielded  large  shifts  in  the 
second  and  subsequent  real-space  correlation  peaks. 
Substantial  differences  were  similarly  noted  between 
neutron-amorphized  quartz  and  quartz  amorphized 
by  150  keV  Si+  ions  to  a  fluence  of  2  X  1021 
ions/m2.  An  analogous  contribution  from  the  im¬ 
planted  ion  to  the  critical  amorphization  dose  for 
Pb2P207  or  CaTi03  is  unlikely  in  these  materials, 
given  the  very  low  amorphization  fluences  ( <  5  X 
1016  100  keV  P+  ions/m2  [42]  and  2  X  1018  100 
keV  Pb+  ions/m2  [12],  respectively)  which  corre¬ 
spond  to  implanted  ion  concentrations  of  <  10” 6 
and  10  “4.  An  effect  has  been  observed  for  Si3N4 
[29]  and  is  very  likely  for  A1203  and  MgO  which 
amorphize  only  at  ion  fluences  three  to  four  orders 
of  magnitude  greater  [23,30]  and  implanted  ion  con¬ 
centrations  of  several  percent. 

In  both  phosphate  and  silica  systems,  ion  implan¬ 
tation  resulted  in  a  large  depression  and  displace¬ 
ment  to  higher  q  of  the  first  sharp  diffraction  peak 
(FSDP).  The  evolution  in  the  FSDP  in  topologically 
disordered  silicas  can  clearly  be  seen  in  Fig.  12  in 
going  from  vitreous  silica  to  electron-metamict  quartz 
to  neutron-metamict  quartz  to  ion-implanted  metam¬ 
ict  quartz.  The  FSDP  represents  radial  near-periodic 
propagation  of  characteristic  intermediate-range 
structure  over  longer  correlation  lengths  [43];  an 
appropriate  sort  of  characteristically  propagated  in- 
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Fig.  12.  The  first  sharp  energy-filtered  electron  diffraction  peak  in 
vitreous  silica,  electron-metamict  quartz,  ncutron-metamict  quartz, 
and  quartz  rendered  metamict  by  implantation  with  2X1021  150 
keV  Si+  ions/m2.  Each  pattern  has  been  offset  by  50  arbitrary 
intensity  units  from  the  next  for  clarity. 

termediate-range  feature  could  be  structural  voids  - 
the  void  polytopes  bounded  by  six-rings,  for  example 
-  which  could  easily  fill  with  implanted  ions.  Stuff¬ 
ing  silica  with  Na+  ions  similarly  quenches  the 
FSDP  [44],  although  without  an  observed  shift  in  q. 

5.  Conclusions 

Irradiation  is  an  intriguing  way  to  introduce  topo¬ 
logical  disorder  into  network  solids,  and  ease  of 
amorphization  provides  a  useful  measure  of  the 
structural  freedom  inherent  in  a  given  structure.  The 
topological  basis  for  this  freedom  is  evident  from  the 
combinatorial  geometry  underlying  network  connec¬ 
tivity  and  confirmed  by  the  correlation  of  these 
connectivities  with  amorphizability.  High-resolution 
electron  microscopy  provides  limited  information 
about  the  progress  of  amorphization,  while  electron 
diffraction  measurements  highlight  the  lack  of 
uniqueness  in  the  metamict  state,  whose  structures 
depend  on  precursor  states  and  irradiation  modes. 
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Abstract 

The  structural  origin  of  the  first  sharp  diffraction  peak  (FSDP),  a  prepeak  in  the  structure  factor  of  network -forming 
amorphous  materials  which  exhibits  anomalous  behaviour  with  respect  to  temperature,  pressure  and  composition,  is  ascribed 
to  the  structural  ordering  of  interstitial  voids.  This  void-based  model  gives  a  quantative  description  of  the  behaviour  of  the 
FSDP.  The  real-space  quasi-periodicity  in  the  structure  of  amorphous  network  materials  necessary  to  produce  an  FSDP  as  a 
pseudo-Bragg  peak  has  been  identified  in  an  ultra-large  model  of  a-Si.  This  extended-range  order  is  found  to  result  from  the 
propagation  of  short-range  order  (second-neighbour  correlations)  in  the  case  of  a-Si,  or  of  medium-range  order  (fourth- 
neighbour  correlations)  in  the  case  of  AX2-type  materials. 


1.  Introduction 

The  nature  and  extent  of  medium-range  order 
(MRO)  in  network-forming  amorphous  solids  re¬ 
mains  one  of  the  most  controversial  issues  in  the 
field  of  non-crystalline  materials  [1,2].  One  feature 
that  has  often  been  taken  to  be  a  signature  of  MRO 
is  the  so-called  ‘first  sharp  diffraction  peak’  (FSDP) 
in  the  structure  factor  of  network-forming  glasses 
and  melts.  However,  the  real-space  structural  origin 
of  this  peak  continues  to  be  the  subject  of  much 
controversy  [2-8]. 

It  has  not  been  clear  in  the  past  [5,7,8]  precisely 
which  peaks  should  be  termed  FSDPs  since,  of 
course,  by  definition,  every  diffraction  pattern  must 
have  a  first  peak.  In  this  paper,  I  reserve  the  term 
FSDP  for  those  prepeaks  to  the  main  diffraction 
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pattern  that  behave  in  an  anomalous  way  compared 
with  other  diffraction  peaks,  as  a  function  of  temper¬ 
ature,  pressure  or  composition;  such  FSDPs  are  char¬ 
acteristic  of  cross-linked  network-forming  amor¬ 
phous  solids  [4,5].  A  prepeak  is  a  peak  lying  at  a 
value  of  scattering  vector,  Q{(=  4  it  sin  0/ A), 
smaller  than  Qp ,  the  position  of  the  principal  peak  of 
the  diffraction  pattern,  which  is  determined  by  the 
nearest-neighbour  distance,  r,,  in  real  space.  For  the 
case,  for  example,  of  a  dense  random  packing  (DRP) 
of  hard  spheres  with  diameter  (j(=r,),  the  princi¬ 
pal-peak  position  is  given  approximately  by  [8,9] 

Qp  —  7.7/Vj  .  (1) 

Since  0,  <  0p,  this  implies  that  a  prepeak  corre¬ 
sponds  to  real-space  structural  correlations  on  length 
scales  appreciably  larger  than  r,  [8],  i.e.,  in  the 
MRO  range. 

Prepeaks  can  arise  for  a  variety  of  structural 
reasons,  and  in  amorphous  materials  with  very  dif¬ 
ferent  structures  [10].  Thus,  molecular  systems,  e.g., 
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liquid  CC14  [11,12]  and  as-evaporated  films  of  As4S4 

[13] ,  exhibit  intense,  narrow  prepeaks  that  result 
from  molecular  packing  correlations.  In  such  cases, 
the  overall  measured  structure  factor  can  be  written 
as  the  sum  of  two  terms: 

S(Q)=L(Q)+Dm(Q),  (2) 

where  fm(Q )  is  the  molecular  form  factor  associated 
with  intramolecular  scattering,  and  Dm(Q)  is  the 
molecular-packing  structure  factor  describing  inter- 
molecular  interference.  It  is  the  interplay  between 
these  two  terms  that  leads  to  the  formation  of  a 
prepeak  in  this  case. 

Prepeaks  can  also  occur  in  ionic  amorphous  sys¬ 
tems,  where  a  number  of  structural  causes  may  be 
operative  [10].  Perhaps  the  simplest  mechanism  is 
Coulombic  ordering  [14],  wherein  highly  charged 
cations  (e.g.,  Y3+  in  YC13)  are  forced  to  be  well 
separated  due  to  their  mutual  Coulombic  repulsion; 
this  charge-induced  structural  ordering  produces  a 
prepeak  in  the  cation-cation  partial  structure  factor 

[14] .  Similar  Coulombic  effects  have  been  invoked 
[7,10]  for  ZnCl2,  an  example  of  AX2-type  glass-for¬ 
ming  materials.  The  charge  imbalance  between  dou¬ 
bly-charged  cation  and  singly-charged  anion  would 
be  expected  to  lead  to  a  depletion  of  cation  density  at 
the  next-nearest-neighbour  length  scale,  and  beyond 
(i.e.,  in  the  MRO  range),  leading  to  the  production  of 
a  prepeak  [7,10].  Prepeaks  can  also  arise  in  ionic 
systems  as  a  result  of  a  ‘size-ratio  effect’  [10,15];  in 
simulations  of  the  charged,  hard-sphere  AX2  system, 
prepeaks  appear  only  for  values  of  the  radius  ratio, 
R  —  crA/cr x,  in  the  range  0.25  <  R  <  0.5  [15]. 

From  an  experimental  point  of  view,  Coulombic 
effects  do  appear  to  be  significant  since  prepeaks  are 
observed  for  AX2  melts  [7]  in  the  Bhatia-Thornton 
[16]  concentration-concentration  partial  structure 
factor,  SCC(Q\  for  the  two-component  (A,  X)  atom 
system  which,  in  turn,  is  related  to  the  charge-charge 
structure  factor,  SZZ(Q),  via  [7] 

Scc(2)  =  cacxszz(Q)-  0) 

Such  experimentally  observed  fluctuations  in  charge 
on  MRO  length  scales  are  at  variance,  however,  with 
the  lack  of  such  fluctuations  found  in  hard-sphere 
simulations  where,  nevertheless,  prepeaks  are  found 
for  certain  values  of  radius  ratio,  R  [15].  This  im¬ 
plies,  in  fact,  that  charge-related  effects  are  not 


essential  to  the  production  of  prepeaks,  but  that 
network  formation  can  play  a  dominant  role  in  the 
formation  of  a  prepeak  or,  in  other  words,  an  FSDP. 
This  conclusion  is  borne  out  by  the  case  of  the 
monatomic  tetravalent  systems,  a-Si  and  a-Ge,  where 
prepeaks  are  also  observed  [6,17]  and  where,  of 
course,  charge  interaction  effects  are  completely  ab¬ 
sent.  However,  charge  interactions  may  act  to  accen¬ 
tuate  prepeak  formation,  when  it  is  otherwise  caused, 
through  charge  ordering  effects. 

2.  The  FSDP 

Earlier  in  this  paper,  an  FSDP  has  been  defined  as 
being  a  prepeak  (for  a  network-forming  amorphous 
material)  that  exhibits  anomalous  behaviour  as  a 
function  of  temperature,  pressure  or  composition 
compared  with  the  other  peaks  in  5(2).  In  the  case 
of  the  network-forming  materials  a-Si(Ge),  AX2-type 
glasses  and  melts  (oxides  and  chalcogenides),  etc., 
the  FSDP  lies  at  a  value  of  scattering  vector,  Qx,  in 
the  range  1-2  A-1. 

The  anomalous  temperature  dependence  of  the 
FSDP  is  that,  in  general,  its  intensity  increases  with 
increasing  temperature  (e.g.,  as  exemplified  by  a- 
As2S3  [18]),  unlike  the  other  peaks  in  5(2)  which 
decrease  in  intensity  according  to  the  normal  De¬ 
bye-Waller  behaviour.  The  FSDP  even  persists,  es¬ 
sentially  unchanged  in  intensity,  into  the  molten  state 
of  chalcogenides  [7].  In  this  regard,  v-Si02  seems  to 
be  somewhat  anomalous  since  the  FSDP  intensity 
has  been  found  to  be  temperature  independent  when 
measured  by  X-ray  scattering  [19],  whereas  it  de¬ 
creases  with  increasing  temperature  when  measured 
by  neutron  diffraction  [19].  This  behaviour  has  been 
ascribed  [4]  to  the  very  low  thermal  expansivity  of 
v-Si02,  together  with  the  fact  that  X-ray  and  neutron 
scattering  preferentially  probe  different  types  of  atom 
pairs,  themselves  subject  to  varying  degrees  of  dy¬ 
namic  disorder.  By  contrast,  prepeaks  resulting  from 
intermolecular  cluster  correlations,  e.g.,  as  in  CC14 
[11],  decrease  in  intensity  with  increasing  tempera¬ 
ture  in  the  normal  Debye-Waller  fashion. 

The  anomalous  pressure  dependence  of  the  FSDP 
is  that  the  intensity  decreases  strongly  (and  shifts  to 
larger  Q )  with  increasing  pressure,  unlike  the  other 
peaks  in  5(2)  which  are  relatively  unaffected;  this 
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behaviour  is  observed  for  both  glassy  chalcogenides 
[20]  and  silica  [21]. 

Finally,  the  FSDP  is  anomalous  in  its  behaviour 
with  composition,  specifically  modifier-ion  content. 
In  general,  the  FSDP  intensity  decreases  strongly 
with  increasing  modifier-ion  content,  e.g.,  as  in 
sodium  silicate  glasses  [22]  and  Ag-Ge-Se  glasses 
[23];  this  behaviour  is  even  observed  for  a-Ge  al¬ 
loyed  with  Mo  [24].  By  contrast,  the  behaviour  of  the 
neutron  scattering  FSDP  intensity  with  incorporation 
of  Li  is  anomalous;  addition  of  Li  leads  to  an 
increase  in  the  peak  height,  as  in  lithium  silicate 
glasses  [22].  This  behaviour  has  been  ascribed  [4]  to 
the  effect  of  the  negative  value  of  the  neutron  scat¬ 
tering  length,  b,  for  natLi.  This  hypothesis  has  been 
verified  by  a  neutron  diffraction  study  of  glassy 
Li2S-SiS2  [25],  in  which  isotopic  substitution  of  the 
Li  was  performed,  using  6 Li  (b  >  0)  and  natLi  (b  < 
0).  As  can  be  seen  from  Fig.  1,  of  the  isostructural 
samples,  that  containing  the  modifier  having  a  nega¬ 
tive  b  (natLi)  gives  the  most  intense  FSDP. 

It  is  clear  from  the  above  that  the  anomalous 
behaviour  of  the  FSDP  for  network  materials,  com¬ 
pared  with  that  of  the  other  peaks  in  S(Q),  implies 
that  it  has  essentially  a  completely  different  struc¬ 
tural  origin  from  the  rest  of  the  structure  factor,  by 
contrast,  say,  with  the  prepeaks  originating  from 


intermolecular  cluster  correlations  in  molecular  liq¬ 
uids  and  amorphous  solids.  This  being  the  case,  it 
would  appear  to  be  a  valid  procedure  then  to  isolate 
the  FSDP  and  to  analyse  its  real-space  structural 
origin,  for  example  by  means  of  Fourier  transforma¬ 
tion  [8],  Regarding  the  FSDP  as  an  isolated  peak  in 
reciprocal  space,  i.e.,  a  pseudo-Bragg  peak,  implies 
that  the  real-space  structural  correlations  responsible 
for  the  feature  are  quasi-periodic  in  nature,  with  an 
effective  periodicity,  R ,  given  by 

*~2  tt/Q,.  (4) 

The  correlation  length,  D,  over  which  such  quasi- 
periodic  real-space  density  fluctuations  are  main¬ 
tained  can  be  obtained  from  the  full  width  at  half 
maximum  (FWHM),  A Q},  of  the  FSDP  using  the 
expression  [5,8] 

D  -  2'ir/AQ,.  (5) 

o 

Correlation  lengths  in  the  range  15-30  A  are  found 
in  this  way  [6,26].  However,  no  attention  has  been 
paid  previously  to  the  nature  and  origin  of  such 
extended-range  quasi-periodicity  in  real  space  neces¬ 
sary  to  generate  the  FSDP;  this  topic  forms  the 
subject  of  Section  4.  Before  that,  I  discuss  a  model 
for  the  FSDP  which,  uniquely  at  present,  is  capable 
of  offering  a  quantitative  explanation  for  various 
aspects  of  the  FSDP. 


3.  Void-based  model  for  the  FSDP 

It  has  been  proposed  [3,4]  that  the  atomic-density 
fluctuations  responsible  for  the  FSDP  can  be  repre¬ 
sented  by  a  structural  model  in  which  ordering  of 
interstitial  voids  occurs  in  the  structure:  specifically, 
ordering  of  the  voids  is  assumed  to  take  place  around 
cation-centred  ‘clusters’  in  the  structure  (e.g.,  AX4/2 
tetrahedra  in  AX2-type  glasses).  That  voids  in  an 
amorphous  structure  can  lead  to  the  production  of 
prepeaks  has  also  been  demonstrated  by  Cervinka  et 
al.  [27]  in  2D  simulations,  and  by  Bletry  [28]  and 
Dixmier  [6]  in  analyses  of  the  transformation  of  DRP 
structures  to  low-coordination  (e.g.,  tetravalent) 
structures  by  the  incorporation  of  voids.  The  hole-in¬ 
flation  scheme  [6]  is  shown  schematically  in  the 
insets  to  Fig.  2.  Starting  with  a  DRP  structure  (as¬ 
sumed  to  be  characterized  by  twelve-fold  coordina- 
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tion  in  each  of  the  two  coordination  shells  around  a 
central  atom  shown  in  Fig.  2(a)),  holes  can  be  intro¬ 
duced  into  the  first  shell  such  that  the  overall  coordi¬ 
nation  becomes  tetravalent  and,  as  a  result,  a  prepeak 
(FSDP)  at  Q}  is  produced  below  Qp  (Fig.  2(b)). 
Introduction  of  additional  holes  into  the  second  coor¬ 
dination  shell  then  converts  the  overall  coordination 
from  tetravalent  to  4:2,  characteristic  of  AX2-type 
materials,  and  yet  another  prepeak  (FSDP)  is  pro¬ 
duced  at  Q\  (Fig.  2(c)). 

In  this  picture,  the  FSDP  is  simply  the  prepeak  in 
the  concentration-concentration  structure  factor, 
Scc(G),  (in  the  Bhatia-Thornton  (BT)  formalism 
[16])  reflecting  the  chemical  ordering  of  voids  in  the 
structure  represented  as  a  packing  of  atoms  [28],  or 
cation-centred  clusters  [3,4],  and  voids.  In  this  case, 


0  12  3 


Q/Qp 

Fig.  2.  Structure  factors  for:  (a)  DRP-like  structure  (a-Ni-P);  (b)  a 
tetravalent  structure  (a-Si);  and  (c)  a  4:2  structure  (a-GeSe2)  [6]. 
The  Q  scales  have  been  normalized  to  Qp,  the  position  of  the 
principal  peak  determined  by  the  nearest-neighbour  distance.  Peaks 
at  values  of  Q  smaller  than  Qp  are  prepeaks,  the  lowest-lying 
being  the  FSDP.  Shown  inset  are  the  hole-inflation  rules  to 
transform  a  DRP  (12-coordinated)  structure  (a)  into  a  four-coordi¬ 
nated  structure  (b)  and  a  4:2  coordinated  structure  (c).  Filled 
circles  in  (b)  and  (c)  are  four-coordinated  atoms,  filled  squares  are 
two-coordinated  atoms  and  open  circles  are  voids. 


Fig.  3.  Partial  {atom,  void}  structure  factors  in  the  Bhatia-Thorn¬ 
ton  formalism  calculated  [29]  for  a  13824  atom  model  of  a-Si 
[30]. 

the  overall  neutron  scattering  cross-section  can  be 
written  as  [16] 

=  ^nn(G)  2( ^>)( £>1-^2)^n c(Q) 

+(Vfc2)2scc(e)],  (6) 

where  N  is  the  number  of  atoms,  bt  is  the  neutron 
scattering  length  of  component  i  (atom/cluster  or 
void),  (b)  =  ltcibi  is  the  compositionally-weighted 
average  scattering  length  and  the  subscripts,  N  and 
C,  refer  to  number  and  concentration,  respectively. 

Support  for  this  identification  of  the  FSDP  with  a 
chemical-order  prepeak  in  SCC(Q )  for  an  atom/clus¬ 
ter-void  packing  comes  from  a  void  analysis  [29]  of 
an  ultralarge  (13  824  atom)  model  of  a-Si  [30],  where 
a  strong  peak  in  Scc(£?)  accounts  for  almost  all  of 
the  FSDP  intensity  (Fig.  3).  It  is  significant  that  there 
is  very  little  contribution  to  the  FSDP  from  SNN(Q), 
while  this  function  accounts  for  practically  all  the 
intensity  of  the  second  peak  in  S(Q)  at  Q2  -  3.5 
A“]  as  expected,  since  this  is  the  principal  peak 
determined  by  the  nearest-neighbour  separation. 

Further  support  for  the  void-based  interpretation 
comes  from  a  similar  analysis  [4]  made  for  a  model 
of  v-Si02,  where  again  the  FSDP  is  found  to  be  due 
primarily  to  a  prepeak  in  Scc(<2)  for  the  {atom 
cluster,  void}  packing.  (It  should  be  emphasised  that 
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the  approach  adopted  here,  and  previously 
[3,4,17,29],  is  to  apply  the  BT  formalism  to  the 
structure  regarded  as  a  packing  of  atoms/ clusters 
and  voids;  this  should  be  distinguished  from  the 
analysis  of  Salmon  [7],  who  uses  the  BT  formalism 
applied  to  two  different  atomic  species,  A,  X,  in 
binary  AX2  systems.) 

Bletry  [28]  has  given  a  very  simple  formula  for 
estimating  the  position  of  the  prepeak  in  the 
atom/cluster-void  SCC(Q\  namely,  the  FSDP,  in 
terms  of  d,  the  nearest-neighbour  interatomic  dis¬ 
tance  for  monatomic,  tetravalent  systems,  general¬ 
ized  to  the  intercluster  separation  (equal  to  the 
cation-cation  nearest-neighbour  distance)  for  AX2- 
type  materials  [3,4],  namely 

Q\  ~  3ir/2d.  (7) 

Use  of  Eq.  (7),  or  modifications  of  it  to  take  account 
of  size  differences  between  clusters  and  voids  or 
atom-cluster  overlap,  give  estimates  for  the  FSDP 
positions  in  good  agreement  (to  within  20%)  with 
experimental  values  for  a  number  of  tetravalent  and 
AX2-type  amorphous  materials  [3,4]. 

The  anomalous  temperature  dependence  of  the 
FSDP  intensity  can  be  understood  by  writing  the 
isobaric  temperature  dependence  of  the  scattering 
intensity,  /,  for  any  peak  in  S(Q)  as  [4] 

(9//W)p  =  (W/WOp  +  (U/*p)t(W*T)p.  (8) 

For  all  peaks  other  than  the  FSDP,  ( dI/dT)p  is  a 
negative  function  since  (bl/dT)  is  negative  due  to 
the  Debye-Waller  effect  and,  although  (9 1/bp)T  is 
found  to  be  nearly  zero  or  positive  from  simulations 
[31],  the  thermal  expansivity  (dp/dT)p  is  almost 
always  negative  (except,  for  example,  v-Si02  at  low 
temperatures).  For  the  FSDP  (dI/dT)p  is  still  nega¬ 
tive,  but  now  (9//9p)r  is  also  negative  [31],  and 
hence  the  overall  sign  of  (dI/dT)p  depends  on  the 
balance  between  the  two  terms  on  the  RHS  of  Eq. 
(8),  but  is  generally  positive.  As  the  density  of  an 
amorphous  material  is  increased,  obviously  the  void 
volume  is  concomitantly  reduced,  and  hence  the 
prepeak  intensity  in  SCC(Q)  will  also  decrease,  lead¬ 
ing  to  a  negative  sign  for  the  term  (9//9p)r  [4]. 

For  the  pressure  dependence  of  the  peak  intensity 
in  S(Q ),  the  important  factor  is  again  the  term 


(9//9p)r,  namely,  [4] 

(a//ap)r  =  (p/s)(a//aP)r,  (9) 

where  B  is  the  bulk  modulus.  As  seen  previously, 
for  the  FSDP,  (9//9p)7  is  negative  and  hence  the 
pressure  coefficient  (dI/dp)T  should  also  be  nega¬ 
tive,  as  observed,  and  the  estimated  value  [4]  for  the 
coefficient  is  in  good  agreement  with  experiment 
[20]. 

The  void-based  model  also  allows  an  understand¬ 
ing  of  the  anomalous  behaviour  of  the  FSDP  inten¬ 
sity  with  modifier-ion  content,  if  it  is  assumed  that 
the  extrinsic  atoms  simply  occupy  some  of  the  inter¬ 
stitial  voids.  For  modifier  ions  with  positive  neutron 
scattering  lengths,  b ,  the  contrast  term  (bl—b2)2 
multiplying  SCC(Q)  in  Eq.  (6)  will  therefore  be 
decreased  compared  with  the  unmodified  case  (b2  = 
0),  leading  to  a  diminution  in  the  FSDP  intensity,  as 
observed  [22-24].  On  the  other  hand,  for  modifier 
ions  having  negative  values  of  6,  the  FSDP  inten¬ 
sity  will  be  increased  because  of  the  contrast  term, 
as  found  for  Li-modified  glasses  [22]  -  see  Fig.  1. 
Simulations  [32]  involving  stuffing  the  interstices  in 
a  model  of  v-Si02  with  Na  or  Li  atoms  show  that, 
indeed,  the  incorporation  of  modifier  ions  having 
positive/ negative  neutron  scattering  lengths  leads  to 
a  diminution/ enchancement  of  the  FSDP  intensity 
(Fig.  4). 


Q  (A1) 

Fig.  4.  Calculated  total  structure  factors  for  a  model  of  v-Si02 

[32f  - ,  unmodified;  ( - )  Li-stuffed;  Na- 

stuffed.  The  compositions  of  the  alkali -stuffed  structures  were 
(M2)(Si02)2  (M  =  Li,  Na). 
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4.  Origin  of  the  extended-range  real-space  quasi¬ 
periodicity 

Thus  far,  I  have  considered  how  FSDPs  arise,  but 
not  why  they  appear.  The  atomic-density  fluctua¬ 
tions  in  the  structure  of  amorphous  (network)  materi¬ 
als  responsible  for  the  FSDP  have  been  represented, 
equivalently,  as  corresponding  to  a  packing  of 
atoms /  clusters  and  voids.  However,  the  nature,  and 
origin,  of  the  quasi-periodicity  of  such  atomic-den¬ 
sity  fluctuations  necessary  to  produce  the  pseudo- 
Bragg-like  FSDP  has  not  been  addressed  previously. 
A  theoretical  study  of  oscillations  in  atomic  density 
extending  over  correlation  lengths,  D  —  20-30  A,  as 
obtained  from  Eq.  (5)  [26],  necessitates  the  analysis 
of  ultralarge  structural  models.  We  have  therefore 
analysed  [17,29]  the  structural  characteristics  of  ul¬ 
tralarge  models  of  a-Si  [30],  that  contain  13  824  and 
110592  atoms  and  have  cubic  box  lengths  of  66  and 
132  A,  respectively.  Even  the  smaller  model,  which 
has  been  most  studied,  satisfies  the  criterion  [33]  for 
the  minimum  size  of  model  necessary  to  ensure  that 


the  (discrete)  calculated  diffraction  pattern  be  effec¬ 
tively  continuous  (with  respect  to  the  experimental 
resolution)  in  the  region  of  the  FSDP,  namely 

«mi„- 44.4/0,.  (10) 

For  the  case  of  a-Si,  for  which  Qx  ^  1.9  A  1  [34], 
Eq.  (10)  gives  amin  -  23  A,  considerably  smaller 
than  the  actual  cell  dimension  of  a0  =  66  A. 

The  atom— atom  RDF  of  the  13  824-atom  model 
of  a-Si  appears  effectively  featureless  beyond  ~  10 
A  when  plotted  on  a  normal  scale  (Fig.  5).  However, 
when  magnified  by  a  factor  of  20,  weak,  but  quasi- 
periodic,  density  fluctuations  are  evident  [17],  ex¬ 
tending  to  the  largest  calculable  distance  of  a0/2(  = 
33  A).  This  extended-range  order  (ERO)  is  equally 
apparent  in  the  atom-void  and  void-void  partial 
RDFs  (Fig.  6);  it  can  be  seen  that  ERO  oscillations 
in  the  atom-atom  and  void-void  partials  are  in 
phase  with  each  other,  and  in  antiphase  with  atom- 
void  correlations,  for  r  >  10  A  [29].  It  should  be 
noted  in  passing  that  the  observation  of  such  well- 
defined  ERO  in  the  atom-void  partial  RDF  (Fig.  6) 
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Fig.  5.  RDF,  g(r\  of  a  13824-atom  model  of  a-Si  [30]  (solid  line),  resolved  into  neighbour-specific  partial  functions,  gn(r),  (n  =  1-13), 
due  to  nth-neighbour  atoms.  A  20-fold  magnification  of  the  large-r  portion  reveals  the  ERO  oscillations.  The  inset  shows  a  projection  of  a 
12  A  slice  through  the  model,  containing  2476  atoms  with  an  origin  atom  at  the  centre.  Odd  neighbours  (n  =  1-25)  of  the  origin  atom  are 
drawn  in  grey,  even  neighbours  ( n  =  2-26)  are  in  black  [17]. 
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is  direct  evidence  in  support  of  the  hypothesis  for  the 
chemical  ordering  of  voids  that  forms  the  basis  of 
the  void  model  for  the  FSDP  (Section  3). 

The  origin  of  this  ERO  can  be  begun  to  be 
understood  with  reference  to  the  neighbour-specific 
partial  pair  distribution  functions,  gn(r ),  where  n  is 
the  ‘topological  distance’  between  a  given  atom  and 
an  origin  atom,  which  is  simply  the  number  of  bonds 
in  the  shortest  percolation  path  between  the  pair  of 
atoms.  It  can  be  seen  from  Fig.  5  that  the  gn{r) 
distributions  are  remarkably  well  defined,  and  that 
the  ‘period’  of  the  ERO  oscillations,  R  —  3.4  A, 
averaged  over  the  full  spatial  range  of  the  oscilla¬ 
tions,  is  the  same  as  the  separation  between  alter¬ 
nate  (even-even,  odd-odd)  peaks  in  gn(r).  (In  fact, 
R  is  not  strictly  constant,  but  decreases  slightly  with 
increasing  r .)  This  quasi-periodicity  is  also  clearly 
apparent  in  a  projection  of  the  atomic  positions  in  a 
slice  of  the  model  when  the  atoms  are  shaded  ac¬ 
cording  to  their  topological  distance  from  a  central 
origin  atom  (see  inset  to  Fig.  5).  It  can  be  seen  that 
the  ERO  quasi-periodicity  exhibits  radial  symmetry 
about  every  atom,  taken  as  origin;  there  is  no  evi¬ 
dence  for  the  existence  of  microcrystalline  domains 
with  parallel  planes  of  atoms.  (Confusingly,  the  (111) 
interplanar  spacing  of  the  diamond-cubic  crystal 
structure  of  c-Si  is  dlu  -  3.2  A,  very  close  to 
the  ERO  period,  R  —  3.4  A.  One  can  speculate  that 


Fig.  6.  Partial  RDFs  for  the  {atom,  void}  system  of  the 
13  824-atom  model  of  a-Si  [30]  for  the  extended  range  of  dis¬ 
tances  10-33  A  [29]. 


Fig.  7.  Three-body  conditional  probability  function,  pAw(5),  for 
the  probability  that,  given  an  atom  0  at  the  origin  and  another,  /, 
at  a  distance  rt  (  =  14  +  0.05  A)  which  is  an  «th  neighbour  of  0, 
there  is  a  third  atom,  j,  which  is  the  A«th  neighbour  of  i,  at  a 
separation,  8,  from  i.  The  dominant  distribution  function  is  for 
An  =  2,  and  its  peak  lies  at  8  —  3.4  A.  The  schematic  diagram 
shown  in  the  inset  illustrates  how  different  conformations  can  lead 
to  only  a  small  dispersion  in  separations,  5,  for  second  neighbours 
of  i,  and  hence  dominance  of  p2(8)  [17]. 


the  limiting  value  of  the  ERO  period,  in  the  limit  of 
very  large  r,  would,  in  fact,  be  dm,  since  this  would 
correspond  to  linear  percolation  paths  for  the  topo¬ 
logical  distance  between  pairs  of  very  distantly  sepa¬ 
rated  atoms.) 

The  true  origin  of  the  quasi-periodic  ERO  oscilla¬ 
tions  lies,  we  believe  [17,29],  in  the  propagation  of 
structural  order,  but  this  can  be  understood  only  in 
terms  of  a  three-body  conditional  probability  distri¬ 
bution,  rather  than  a  conventional  pair  distribution 
function.  The  quantity  of  interest  is  the  probability, 
p^„(8),  that,  given  an  atom,  0,  at  the  origin  and 
another  atom,  i,  at  a  distance,  rz-,  from  the  origin 
atom,  0,  which  is  an  nth  neighbour  of  0  (where  n  is 
variable),  there  is  a  third  atom,  j ,  at  a  distance, 
8  =  rj  —  rh  from  i  which  is  an  (n  +  An)th  neighbour 
of  0.  Evaluation  of  pA  (8)  for  the  13  824-atom 
model  of  a-Si,  with  the  arbitrary  choice,  rt  =  14  ± 
0.05  A,  shows  [17]  that  the  dominant  pAn(8)  func¬ 
tion  is  for  An  =  2  and  this  peaks  at  8  =  3.4  A  (Fig. 
7).  A  geometric  explanation  for  this  finding  is  shown 
in  the  inset  to  Fig.  7.  Hence,  any  density  fluctuation 
(positive  or  negative)  at  a  distance,  r0,  from  an 
origin  atom  is  preferentially  propagated  with  a  peri- 
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odicity  of  R  —  3.4  A.  Thus,  it  is  short-range  order 
(specifically  next-nearest-neighbour,  An  =  2  correla¬ 
tions)  that  is  propagated  in  the  case  of  a-Si  (or  Ge). 
It  should  be  noted,  however,  that  the  peak  in  p2(5) 
does  not  occur  at  the  average  second-neighbour  sep¬ 
aration  characteristic  of  a-Si,  namely  3.83  A,  but 
instead  at  a  value  appreciably  smaller  than  this. 

For  the  case  of,  say,  AX2-type  materials,  by 
analogy,  it  would  be  expected  that  ERO  would  be 
associated  with  An  =  4  correlations  (i.e.,  A-X-A- 
X-A,  or  even  X-A-X-A-X),  treating  the  AX2-type 
structure  as  a  decoration  of  a  tetravalent  framework 
of  A  atoms  with  divalent  X  atoms.  A  crude  estimate 
of  the  ERO  period,  R,  for  v-Si02  can  be  obtained  by 
scaling  the  result  for  a-Si  to  the  Si-O— Si  distance  in 
v-Si02  (3.077  A  [35])  and  normalizing  by  the  near¬ 
est-neighbour  Si-Si  distance  in  a-Si  (2.38  A  [30]), 
namely,  R( Si02)  =  3.4  X  (3.077/2.38)  =  4.4  A. 
(Such  a  calculation  neglects  the  effects  on  pA/J(5)  of 
fluctuations  in  both  Si-O-Si  bond  angles  and  dihe¬ 
dral  angles  (Si-O-Si-O  correlations),  necessarily 
absent  for  a-Si.)  In  an  experimental  X-ray  diffraction 
pattern  [35]  for  v-Si02  (where  Si-Si  correlations  are 
more  heavily  weighted),  there  is  evidence  (see  Fig. 
8)  for  a  residual  ERO  periodicity  of  R  -  4.1  A,  close 
to  the  above  estimate.  A  periodicity  of  R  —  4.1  A  is 
also  necessary  to  give  an  FSDP  at  the  observed  value 
of  Q1  -  1.53  A"1  [33]  using  Eq.  (4). 

The  quasi-periodic  ERO  atomic-density  oscilla¬ 
tions  evident  in  the  model  of  a-Si  (Fig.  5),  or  in  the 
experimental  X-ray  data  for  v-Si02  (Fig.  8),  are 
what  is  required  to  produce  an  FSDP  as  a  pseudo- 


Fig.  8.  RDF,  r3D(r\  for  v-Si02  obtained  from  X-ray  diffraction 
[35].  A  residual  periodicity  with  period  R  -  4.1  A  is  evident 
above  the  1.65  cr  significance  level  at  large  r. 


Bragg  peak,  with  the  peak  position  related  to  the 
period  by  Eq.  (4).  (It  should  be  mentioned  in  passing 
that  the  generally  observed  asymmetry  in  peak  shape 
for  the  FSDP  [33,34]  can  be  associated  with  the 
decrease  in  period  of  the  ERO  oscillations  with 
increasing  r  [29].)  In  fact,  Fourier  transformation  of 
g(r)  for  the  model  of  a-Si  for  r  >  10  A  shows  that 
the  weak  ERO  oscillations  in  this  region  contribute 
about  half  of  the  intensity  of  the  FSDP  [29],  i.e.,  as 
much  as  the  more  intense,  but  much  less  periodic, 
density  fluctuations  in  g(r)  for  <10  A.  However, 
examination  of  Fig.  5  shows  that,  although  the  peaks 
in  g(r)  at  low  r  may  be  aperiodic,  the  neighbour- 
specific  partial  functions,  gn(r\  for  n  =  3-6  approx¬ 
imately  preserve  the  periodicity  evident  at  larger  r, 
and  this  periodicity  in  real-space  atomic  density  con¬ 
tributes  to  the  FSDP  intensity. 


5.  Conclusions 

This  paper  has  sought  to  show  that,  by  viewing 
the  structure  of  network  glasses  as  packings  of 
atoms/ clusters  and  voids,  the  FSDP  is  simply  a 
chemical-order  prepeak  in  the  concentration-con¬ 
centration  structure  factor  for  such  a  binary  packing. 
This  void-based  model  allows  a  quantitative  interpre¬ 
tation  of  the  position,  and  temperature,  pressure  and 
composition  dependence  of  the  intensity,  of  the 
FSDP.  The  quasi-periodic,  real-space  atomic-density 
fluctuations  responsible  for  producing  the  FSDP  as  a 
pseudo-Bragg  peak  have  been  revealed  in  an  ultra- 
large  (13  824-atom)  model  of  a-Si.  Such  extended- 
range  order  has  been  shown  to  arise  from  propagated 
short-range  order  in  the  case  of  a-Si  (propagated 
medium-range  order  in  the  case  of  AX2-type  glasses). 

The  author  is  grateful  to  Dr  A.  Uhlherr  for  gener¬ 
ating  Figs.  3  and  5-7,  and  Miss  J.H.  Lee  for  Figs.  1 
and  4. 
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Abstract 

Low  frequency  Raman  scattering  experiments  are  described  in  ternary  lithium  borate  glasses  (B2O3-0.6  Li20-yLi/(X 
with  n  =  1,  X  =  F,  Cl,  Br  and  I;  or  n  =  2,  X  =  S04).  The  ‘boson  peak’  is  analyzed  in  terms  of  a  correlation  length  of 
phonon  propagation  and  of  a  phonon— photon  coupling.  The  concentration  and  the  chemical  composition  dependance  of  the 
sound  velocity,  as  well  those  of  the  structural  correlation  length  deduced  from  the  Raman  spectra  are  discussed.  Using  a 
linear  dependance  for  the  coupling  parameter,  the  experimental  density  of  vibrational  states  is  obtained  and  compared  with 
those  calculated  in  binary  lithium  borate  glasses.  Two  different  structural  modifications  depending  on  the  nature  of  the 
anions  of  the  ‘doping  salt’  (halide  or  sulfate  ions)  are  proposed  to  describe  the  glass  network  conformation. 


1.  Introduction 

Raman  scattering  in  glasses  is  commonly  used  as 
sensitive  probe  of  local  order,  structure  and  coordina¬ 
tion,  by  the  way  of  examination  of  the  frequencies, 
linewidths,  relative  intensities  and  degrees  of  polar¬ 
ization,  of  the  spectral  features  contained  in  a  typical 
spectrum.  Structural  glass  forming  units  can  be  iden¬ 
tified  from  the  analysis  of  the  high  frequency  part  of 
the  Raman  spectra  [1-4]. 

Although  a  great  deal  of  information  has  been 
obtained  from  the  vibrational  spectra  of  glasses,  very 
little  is  known  about  the  nature  of  the  ‘boson  peak’ 
which  is  predominant  in  the  low  frequency  part  of 
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the  spectra.  The  ‘boson  peak’  is  commonly  ascribed 
to  disorder  induced  first  order  light  scattering  from 
acoustic  modes.  It  was  originally  suggested  that  it 
reflects  the  crossover  between  long  wavelength  vi¬ 
brations  propagating  into  the  continuous  medium  and 
highly  localized  acoustic  vibrations  in  ordered  do¬ 
mains  [5].  For  the  Stokes  Raman  scattering,  the 
intensity,  7(o>),  is  proportional  to  the  vibrational 
density  of  states,  g(a)\  through  the  expression 

I(co)  =  C(o))  g(co)[n(oj)  +  l]  (o~\ 

where  C(o))  is  the  light-vibration  coupling  coeffi¬ 
cient  and  n(co)  is  the  Bose-Einstein  population  fac¬ 
tor. 

Recently,  it  has  been  argued  that  it  is  an  excess  in 
the  density  of  vibrational  states  in  the  low  energy 
range  which  is  responsible  for  the  ‘boson  peak’  [6] 
rather  than  a  maximum  in  C(cu)  [7].  A  characteristic 
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structural  correlation  length  (SCL),  2 Rc,  can  be 
deduced  using  the  ‘boson  peak’  frequency,  <omax, 
and  the  sound  velocity,  V,  according  to  2  Rc  ~ 
F/cumax.  Different  models  have  been  proposed  for 
the  spectral  dependance  of  the  coupling  coefficient, 
in  which  C(a>)  is  mainly  proportional  to  cop  [8], 

Several  attempts  to  correlate  the  ‘boson  peak’ 
with  the  first  sharp  density  peak  of  the  static  struc¬ 
ture  factor  S(q\  have  been  made  [9,10].  Recently, 
different  results  have  been  obtained  and  the  previous 
‘universal’  correlation  between  the  positions  of  the 
FSDP  and  the  ‘boson  peak’  seems  to  fail  [11,12]. 

Lorosch  et  al.  [13]  have  observed,  that  in  the 
binary  borate  glasses  B203-M20  (where  M  =  Li, 
Na,  K,  Rb,  Cs  or  Tl)  the  correlation  range  deduced 
from  the  Martin  and  Brenig  model  increases  with  the 
size  of  the  modifier’s  cation.  The  structural  correla¬ 
tion  length  does  not  exceed  the  dimension  of  two 
six-membered  rings  and  the  alkali  oxide  addition 
causes  a  decrease  of  the  correlation  range  as  the  B03 
triangles  are  transformed  into  B04~  tetraedra  or  as 
non-bridging  oxygen  atoms  appears. 


2.  Short  range  or  chemical  order  in  borate  glasses 

When  combined  with  oxygen,  boron  can  assume 
either  planar  trigonal  co-ordination  or  four-fold-co- 


Fig.  1.  Perspective  of  v-B203  and  of  some  structural  units  in 
borate  glasses:  (a)  B203  network,  (b)  tetraborate,  (c)  diborate,  (d) 
borate  network  with  non-bridging  oxygen  atoms  (NBO). 


ordination  with  sp3  hybridization.  Pure  boron  oxide 
B203  in  the  glassy  state  consists  of  boron  atoms 
trigonally  coordinated  with  oxygen,  which  can  be 
associated  to  form  six-membered  boroxol  rings  (Fig. 
1(a))  [14]. 

Neutron  scattering  investigations  suggests  that 
60%  of  the  boron  atoms  are  included  in  boroxol 
rings  [15].  In  the  boroxol  rings,  according  to  X-ray 
studies,  the  B-O-B  angle  is  120°  and  the  angle  of 
the  connecting  B-O-B  units  is  about  130°  [16]. 
Raman  scattering  was  used  by  Galeener  and  Thorpe 
[17]  to  investigate  the  structure  of  v-B203  which 
presents  a  very  sharp  peak  in  the  polarized  spectra. 
This  sharp  peak  in  the  Raman  spectrum  has  been 
attributed  to  the  symmetric  vibration  characteristic  of 
the  planar  boroxol  rings  [18]. 

As  alkali  oxide  modifiers  are  added  to  B203, 
trigonal  boron  atoms  are  transformed  into  fourfold  or 
tetrahedral  coordinated  boron  atoms.  The  four  oxy¬ 
gens  of  each  B04  are  bridging  oxygens  and  these 
units  increase  the  coherence  of  the  glass  network. 
They  are  included  initially  in  tetraborate  units;  then, 
with  the  increase  of  the  lithium  oxide  content,  they 
form  diborate  units  with  two  B04  in  next  neighbour¬ 
ing  position  (Fig.  1(c))  [19].  Each  tetrahedral  B04 
has  a  negative  charge  and  the  alkali  cations  are 
located  in  the  vicinity  of  these  negative  sites.  The 
ionic  transport  becomes  possible  and  these  glasses 
are  ionic  conductors.  With  the  increase  of  the  oxide 
content,  the  electrostatic  interaction  between  nega¬ 
tive  B04  sites  increases,  the  activation  energy  for  the 
ionic  motion  decreases  and  the  ionic  conductivity 
increases  [20]. 

With  further  addition  of  alkali  oxide,  the  extra 
oxygens  are  accommodated  as  non-bridging  oxygen 
atoms,  one  for  each  borate  triangle  [4,19].  The 
boron-oxygen  network  is  depolymerized  and  its 
connectivity  decreases  (Fig.  1(d)).  The  transport 
properties  result  from  the  competition  between  two 
types  of  negative  site  with  different  binding  energy 
for  the  alkali  cations:  the  first  are  the  B04~  units 
where  the  negative  charge  is  distributed  around  the 
site  and  the  second  are  the  non-bridging  oxygen 
atoms  where  the  negative  charge  is  localized  on  the 
B-0  bond.  These  later  sites  have  the  deeper  poten¬ 
tial  well  and  act  as  traps  for  the  ionic  transport  [20]. 
The  two  mechanisms  of  the  boron-oxygen  network 
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modification  under  the  addition  of  alkali  oxides  are 
described  by  the  following  equations: 
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where  the  oxygen  atoms  labelled  O  are  non-bridg¬ 
ing  atoms. 

After  the  addition  of  a  modifier  alkali  oxide,  the 
glass  former  B203,  becomes  able  to  dissolve  a  third 
constituent:  the  ‘doping  salt’.  The  resulting  ternary 
glass  displays  an  enhanced  cationic  conductivity.  If 
the  network  conformation  is  mainly  governed  by  the 
O/B  ratio,  structural  investigations  [4]  have  never¬ 
theless  evidenced  the  role  played  by  the  anions  of 
the  ‘doping  salt’:  the  four-coordinated  boron  atoms 
are  redistributed  inside  of  the  matrix  and  the  network 
is  weakened  to  accommodate  the  halide  anions  inter- 
stitially.  In  this  process,  the  B04-  ions  have  a  ten¬ 
dency  to  form  pairs  included  in  diborate  rings  which 
contribute  to  the  lowering  of  the  activation  energy 
and  to  the  increase  of  the  ionic  conductivity. 

Because  of  their  negative  charges,  it  is  expected 
that  the  anions  are  located  at  a  relatively  large 
distance  from  the  B04~  units  and  their  repulsive 
interaction  contributes  to  the  weakening  of  the 
boron— oxygen  matrix  by  the  redistribution  of  the 
B04"  tetrahedra  into  the  network.  This  is  revealed 
also  by  changes  in  glass  physical  properties,  such  as 
density,  molar  volume  or  glass  transition  tempera¬ 
ture,  tg  [21]. 

Oxy anions  such  as  S04-2  can  also  be  used  as 
‘doping  salts’  in  alkali  borate  glasses.  Spectroscopic 
investigations  on  lithium  sulfo-borate  have  shown 
that  lithium  sulfate  addition  in  glasses  with  low 
lithium  oxide  content  produced  the  formation  of  four 
coordinated  boron  atoms  [2].  In  glasses  with  high 
modifier  content  near  the  diborate  composition, 
lithium  sulfate  will  induce  a  reconstruction  of  the 
network  which  affects  the  BO^  triangle  (with  non¬ 


bridging  oxygen  atom)  and  the  trigonal  B03  units.  In 
this  mechanism,  described  by  the  Eq.  (3),  the  two 
groups  interact  and  will  be  transformed  into  B04“ 
tetrahedra  [2,22]: 
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In  this  case  diborate  rings  are  also  present  in  the 
glass  and  contribute  by  the  same  mechanism,  as  for 
the  halogenoborates,  which  leads  to  the  decrease  the 
activation  energy,  and  to  the  enhancement  of  the 
ionic  conductivity. 


3.  Experimental  techniques 

Sample  preparation  and  characterization  have  been 
described  previously  [4]. 

3.1.  Measurements  of  the  acoustic  wave  velocity 

An  acoustic  pulse  experimental  setup,  in  double¬ 
transducers  configuration  has  been  used  to  measure 
the  acoustic  wave  velocity  [23]  at  room  temperature. 
Samples,  4X3X3  mm3,  with  polished  faces  were 
prepared.  They  were  pressed  between  two  glass 
buffers  on  which  piezoelectric  transducers  are 
bonded.  X-cut  and  Y-cut  quartz  transducers  resonat¬ 
ing  at  a  fundamental  frequency  of  15  MHz  were 
used  for  the  generation  and  the  detection  of  the 
longitudinal  and  transverse  wave,  respectively. 

3.2.  Measurements  of  the  glass  density 

Glass  density  was  measured  by  immersion  in 
glycerine  to  avoid  problems  with  glass  hygroscopic- 
ity.  Samples  were  chosen  free  from  cracks  or  inclu¬ 
sions  and  were  cleaned  in  methanol  to  remove  sur¬ 
face  contamination  which  could  interfer  with  wetting 
by  immersion  fluid. 
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3.3.  Light  scattering  spectroscopy 

The  Raman  spectra  have  been  recorded  using  the 
right  angle  scattering  geometry  in  the  spectral  range 
4-200  cm-1.  A  double  monochromator  Jobin-Yvon 
U  1000  equipped  with  Jobin-Yvon  1800  g/mm,  500 
nm  'blazed’  holographic  gratings  was  used  to  dis¬ 
persed  the  scattered  light.  A  cooled  ITT  FW130 
photomultiplier  tube  (S20  cathode)  and  a  computer¬ 
ized  EG  &  G  photo-counting  system  were  used  for 
the  detection.  For  all  the  spectra  reported  here,  the 
incident  light  was  polarized  in  the  direction  perpen¬ 
dicular  to  the  scattering  plane  while  the  scattered 
light  was  analyzed  in  a  cross-polarization  configura¬ 
tion.  The  low  frequency  spectra  of  all  the  glasses 
were  excited  with  a  power  of  about  100  mW  from 
the  514.5  nm  line  of  an  ionized  argon  laser  focussed 
on  the  sample.  Each  spectrum  is  the  result  of  the 
averaging  of  10  successive  scans.  A  reasonable  sig¬ 
nal-noise  ratio  was  obtained  with  a  spectral  resolu¬ 
tion  of  1  cm-1. 


4.  Experimental  results 

4.1.  Acoustical  properties  of  the  ternary  borate 
glasses  B2O3-0.6  Li20-yLinX 


The  elastic  properties  of  some  borate  glasses  have 
been  studied  by  Brillouin  scattering  (binary  glasses) 


y  UnX 

Fig.  2.  Velocity  of  longitudinal  and  transverse  acoustic  waves,  V, 
and  Vp  respectively,  in  the  ternary  system  B2O3-0.6LTO-yLi,,X 
versus  the  ‘doping  salt’  concentration. 


Fig.  3.  Variations  of  the  molar  volume  (a)  and  of  the  density  (b)  in 
the  ternary  system  B2O3-0.6Li2O-yLi,fX  versus  the  ‘doping 
salt’  concentration. 

[13]  or  by  ultrasonic  measurements  (chloroborate 
glasses)  [24].  The  variations  of  the  15  MFIz  longitu¬ 
dinal  and  transverse  acoustic  wave  velocities  - 
and  Vt  -  are  shown  in  Fig.  2  as  a  function  of  the 
'doping  salt’  concentration,  y,  for  different  lithium 
salts.  The  measured  values  for  the  undoped  glasses 
or  for  the  lithium  chloroborate  glasses  are  compara¬ 
ble  with  those  reported  in  Refs.  [13,24].  A  relative 
decrease,  between  10  and  20%,  of  the  two  velocities 
is  observed  with  the  salt  concentration  and  depends 
of  the  nature  of  the  anion  of  the  'doping  salt’. 

According  to  the  relations  Vi  =  (Cn/ p)1/2  and 
Vt  =  (C44/p)]/2,  where  Cn  and  C44  are  the  elastic 
constants  and  p  the  density,  it  is  clear  that  these 
variations  are  not  due  to  an  increase  of  the  glass 
density. 

In  Fig.  3  are  presented  the  variations  of  the  molar 
volume  and  the  density  as  a  function  of  the  dopant 
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concentration.  The  addition  of  lithium  halide  into  the 
binary  system  B2O3-0.6  Li20  produces  an  expan¬ 
sion  of  the  molar  volume  with  the  increase  of  the 
anion  size  of  the  doping  salt  (Fig.  3(a))  except  for 
lithium  fluoride.  The  use  of  the  molar  volume  in  the 
discussion  of  the  acoustical  properties  is  preferable 
because  the  analysis  in  terms  of  density  might  be 
misleading.  It  is  possible  that  dilatation  of  the  glass 
network  might  be  undetected  if  the  mass  of  the  ion 
responsible  for  the  dilatation  effect  is  considerably 
greater  than  that  of  the  ion  which  it  replaces.  The 
density  variations  in  such  a  case  do  not  properly 
relate  to  the  expansion  of  the  network. 

So,  the  variations  of  the  two  velocities  are  the 
result  of  the  decrease  of  the  elastic  constants  Cn  and 
C44  produced  by  the  weakening  of  the  boron-oxygen 
network  by  breaking  of  the  B— O-B  bridges  with  the 
salt  addition  which  have  induced  the  redistribution  of 
the  B04~  tetrahedra  that  are  grouped  preferently  by 
pairs  to  form  diborate  units.  Spectroscopic  investiga¬ 
tions  have  revealed  that  the  resulting  diborates  are 
connected  between  them  by  chains  of  trigonal  B03 
and  BO^  triangles  with  non-bridging  oxygen  atoms 
to  allow  the  accommodation  of  the  lithium  salt  by 
the  boron-oxygen  network  [25],  Fig.  4  shows  that 


Ionic  radii  (A) 


Fig.  4.  Size  effects  on  the  velocity  of  longitudinal  and  transverse 
acoustic  waves  in  B203-0.6Li20-0.26Li,,X  for  different  anions. 


the  network  connectivity  is  also  affected  by  the 
nature  of  the  salt  anions:  heavy  anions  with  large 
ionic  radii  produce  a  more  important  decrease  of  the 
elastic  constants  by  distortion  of  the  covalent  net¬ 
work  and  reduction  of  the  connectivity. 

Fluoride  glasses  are  a  peculiar  case  because  direct 
participation  of  the  fluoride  ions  has  been  evidenced 
in  nuclear  magnetic  resonance  (NMR)  experiments 
with  the  observation  of  B02F2  and  B03F  tetrahedral 
units  [26].  The  system  can  be  characterized  as  an 
interrupted  network  obtained  by  the  cutting  of  the 
B-O-B  bridges.  No  new  diborate  groups  are  formed 
[25]  and  the  connectivity  of  the  network  is  less 
affected  by  the  fluoride  addition.  This  agrees  also 
with  the  behaviour  of  the  sound  velocities  (Fig.  2) 
which  present  a  small  decrease  or  are  practically 
constant  with  the  lithium  fluoride  addition. 

4.2.  The  low  frequency  Raman  spectra  in  glasses 

4.2.1.  Medium  range  order  in  ternary  borate  glasses 

Glasses  and  amorphous  materials  exhibit  an 
anomalous  low  frequency  vibrational  behaviour  not 
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Fig.  6.  Raman  spectra  of  B202-0.6Li20-0.24LiX  for  the  four 
lithium  halide  salts. 

found  in  their  crystalline  forms  and  observed  in  low 
frequency  Raman  scattering  [5,27],  infrared  absorp¬ 
tion  [28]  and  inelastic  neutron  scattering  [6,29].  These 
anomalies  are  also  revealed  by  an  excess  of  specific 
heat  in  glasses  as  compared  to  the  Debye  prediction 
for  crystals  [30]  and  by  a  plateau  in  the  thermal 
conductivity  [31]  in  the  temperature  range  5-30  K. 
In  the  Raman  spectra,  the  manifestation  of  the 
anomalous  low  frequency  behaviour  is  exhibited  by 
a  broad  peak,  the  ‘boson  peak’,  in  the  frequency 
range  between  10  and  150  cm-1  [32]. 

The  Raman  spectra  in  the  VH  polarization  are 
presented  in  Fig.  5  as  a  function  of  the  lithium 
bromide  concentration  in  the  ternary  system  B203- 
0.6  Li20-yLiBr.  The  frequency  of  the  maximum  of 
the  ‘boson  peak’,  cumax,  decreases  as  the  lithium 
bromide  content  increases. 

Addition  of  other  lithium  halides  or  lithium  sul¬ 
fate  into  the  binary  B2O3-0.6Li2O  gives  rise  also  to 
a  systematic  shift  of  the  ‘boson  peak’  toward  the 
lower  frequencies  with  the  lithium  salt  content.  Fig. 
6  shows  the  effect  of  the  anionic  substitution,  for  a 


Fig.  7.  Variations  of  the  structural  correlation  length,  2 Rc,  as  the 
function  of  the  ‘doping  salt’  concentrations  in  B,O--0.6LUO- 
>’Li„X. 

given  glass  matrix  (y  =  0.24),  the  frequency  shift  of 
cumax  to  lower  frequency  increases  with  the  size  of 
the  halide  anions. 

The  frequency  of  the  ‘boson  peak’  has  been 
determined  by  a  mean-square  fit  of  the  Raman  spec¬ 
tra  around  the  position  of  the  maximum  with  a 
polynomial  function.  Using  Eq.  (4)  (below),  the  val¬ 
ues  of  the  structural  correlation  length,  2 Rc,  deter¬ 
mined  by  the  fit  of  the  /VH  intensity  are  plotted  in 


Fig.  8.  Size  effects  on  the  structural  correlation  length,  2 Rc,  in  the 
ternary  glasses  B203-0.6Li20-0.24Li/1X  for  different  halide  an¬ 
ions. 
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Figs.  7  and  8  as  a  function  of  the  ‘doping  salt’ 
concentration  for  the  different  ternary  systems  and 
the  ionic  radii  of  the  salt  anions,  respectively.  The 
values  of  the  structural  correlation  length  (SCL) 
obtained  in  these  ternary  glasses  agrees  very  well 
with  those  reported  in  binary  alkali-borate  glasses 
[13],  or  in  lithium  chloroborate  glasses  [37]  and 
obtained  by  means  of  the  Martin  and  Brenig  model. 

For  all  the  salts,  2  Rc  increases  with  the  salt 
content.  If  the  variations  of  the  SCL  are  small  in 
fluoride,  chloride  and  sulfate  glasses,  they  are  en¬ 
hanced  for  bromide  and  iodide  glasses.  In  particular, 
the  effect  of  addition  of  lithium  iodide  to  B203- 
0.6Li2O  is  a  significant  increase  of  the  value  of  2 Rc 
from  about  4.5  A  at  y  =  0  to  8.2  A  at  y  =  0.24.  Fig. 
7  shows  that  size  effects  contribute  also  to  the 
variation  of  the  SCL.  For  a  given  network,  the  SCL 
increases  with  the  size  of  the  salt  anion  excepted  for 
lithium  sulfate  doped  glasses  where  it  seems  that  ion 
size  effect  can  not  be  taken  into  account  to  explain 
the  smallest  variations  of  2 Rc. 

In  fluoroborate  or  chloroborate  glasses,  the  SCL 
is  of  about  4.5  A,  and  agrees  with  the  estimation  of 
the  average  size  of  diborate  units  [38,39].  The  addi¬ 
tion  of  LiBr  or  of  Lil  gives  rise  to  an  enhancement 
of  the  SCL:  2  Rc  reaches  8.2  A  in  iodoborate  glasses. 
This  indicates  that  in  bromoborate  and  in  iodoborate 
glasses,  the  medium-range  order  involves  at  least 
two  diborate  units  and  confirms  that  the  B04"  tetra- 
hedra  have  tendency  to  form  diborate  clusters  to 


Fig.  9.  Experimental  vibrational  density  of  states  (VDOS)  of 
B2O3-0.6Li2O->’Li,(X  glasses  compared  with  the  calculated 
VDOS  of  B2O3-0.5Li2O  (••••  )  [43]. 


Fig.  10.  Correlation  between  the  ionic  conductivity  and  the  struc¬ 
tural  correlation  length,  2 Rc,  in  the  ternary  glasses  B203- 
0.6Li20-0.24LiX  for  different  halide  anions. 


accommodate  large  size  anions  into  the  boron- 
oxygen  network  [25].  The  comparison  of  the  SCL 
values  with  characteristic  lengths  of  the  structure  of 
crystalline  diborate  seems  to  indicate  that  the  lithium 
halogenoborate  glassy  matrix  consists  of  a  random 
network  of  different  ordered  diborate-like  configura¬ 
tion  depending  of  the  size  of  the  halide  anion  [40]. 

Fig.  7  shows  also  that  in  sulfoborate  glasses,  the 
correlation  length  is  practically  unaffected  by  the 
lithium  sulfate  addition  (2  Rc  ~  4.5  A).  Recently,  1!B 
NMR-MAS  (magic  angle  spinning)  experiments  have 
shown  changes  in  the  structural  units  by  lithium 
sulfate  addition  and  have  pointed  out  the  modifying 
action  of  the  sulfate  ions  [41].  It  has  been  found  that, 
over  a  wide  range  of  composition,  addition  of  the 
lithium  sulfate  to  a  lithium  borate  glass  promotes  the 
conversion  of  the  trigonal  B03  units  into  B04“  te- 
traedra  and  that  the  sulfate  anions  are  coordinated  to 
B04  units  and  form  new  sulfoborate  groups.  Previ¬ 
ous  infrared  reflectivity  experiments  have  shown  the 
first  effect  [42],  The  sulfate  ions  induce  the  interac¬ 
tion  of  one  trigonal  B03  and  one  triangle  BO^  with 
a  non-bridging  oxygen  atom  and  BO^  tetrahedra 
probably  grouped  by  pair  into  complexe  sulfoborate 
units  are  formed.  The  direct  participation  of  the 
sulfate  ions  to  the  glass  matrix  produces  the  recon¬ 
struction  of  the  connectivity  of  the  network  and 
explains  the  small  variations  of  the  SCL  observed  in 
sulfoborate  glasses.  A  possible  model  of  reconstruc- 
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tion  of  the  glassy  network  under  the  sulfate  addition 
[41]  is  represented  in  the  scheme 
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of  the  bridging  oxygen  atoms  between  two  three-co¬ 
ordinated  boron  atoms.  The  observed  increase  of  the 
low  frequency  density  of  states  with  the  salt  addition 
is  explained  by  the  localization  of  vibrations  in 
diborate  clusters  that  are  isolated  by  the  weakening 
of  the  boron-oxygen  network  principally  composed 
of  Bni-0-BI![1  bridges.  With  the  addition  of  a  lithium 
salt,  the  covalent  network  is  progressively  weakened 
to  accommodate  anions  of  large  size.  By  contrast, 
the  small  increase  of  the  VDOS  observed  in  the  case 
of  the  sulfoborate  confirms  the  participation  of  sul¬ 
fate  ions  in  the  glass  network  conformation. 

Fig.  10  shows  the  variation  of  the  ionic  conductiv¬ 
ity  [46]  versus  the  correlation  length  in  ternary 
halogenoborate  glasses  and  shows  that  a  direct  corre¬ 
lation  must  exist  between  the  ionic  conductivity  and 
the  medium  range  order  in  these  glasses. 


5.  Discussion 


where  O  is  a  bridging  oxygen  and  •  is  a  non-bridg¬ 
ing  oxygen. 

With  the  assumption  that  the  coupling  coefficient, 
C(cu),  has  a  linear  frequency  dependance  in  the 
range  of  the  ‘boson  peak’  [36],  the  vibrational  den¬ 
sity  of  states,  g((o ),  (VDOS)  can  be  obtained  and 
compared  with  those  calculated  by  Barrio  and 
Castillo-Alvarado  [43]  for  binary  borate  glasses.  The 
amorphous  network  was  simulated  by  a  Bethe  lattice 
in  which  are  incorporated  only  three  structural  fea¬ 
tures:  (1)  the  presence  of  tetraedral  boron  sites,  (2) 
the  disorder  both  topological  and  substitutional,  (3) 
the  activity  of  the  different  modes.  Fig.  9  presents 
the  comparison  between  the  experimental  curves  of 
g(ct>)  for  the  ternary  borate  glasses  B2O3-0.6Li2O- 
0.24LiwX  with  those  calculated  for  the  binary  system 
B2O3-0.5Li2O.  The  calculated  curves  exhibit  an 
increase  of  the  VDOS  in  the  low  frequency  range 
less  important  than  that  observed  for  the  undoped 
glass  B2O3-0.6Li2O.  This  difference  can  be  ex¬ 
plained  by  the  simple  description  used  for  the  glass 
where  the  authors  do  not  take  account  of  more 
important  structural  features  like  tetraborate  or  dibo¬ 
rate  units.  With  the  addition  of  lithium  salts,  the  low 
frequency  VDOS  increases  as  the  size  of  the  halide 
anions  increases.  From  Barrio,  the  main  contribution 
to  the  low  frequency  VDOS  comes  from  vibrations 


The  anomalies  in  the  low  energy  vibrational  be¬ 
haviour  in  glasses  and  amorphous  materials  are  as¬ 
cribed  to  the  strong  phonon  scattering  caused  by 
density  fluctuation  domains  in  the  amorphous  net¬ 
work.  Inside  such  domains,  short-range  and 
medium-range  order  is  conserved  and  outside  the 
material  presents  a  homogeneous  and  isotropic  struc¬ 
ture.  Phonon  localization  occurs  when  the  phonon 
mean-free  path,  /,  is  comparable  to  the  size  of  the 
domains  (/  =  2RC)  and  that  is  responsible  for  the 
excess  of  vibrational  states  observed  in  the  low 
vibrational  energy  range  [33]. 

From  the  Ioffe-Regel  condition  (q  l  ~  1),  if  q  is 
the  phonon  wavevector  and  u  is  the  sound  velocity 
( q  =  o)/v ),  the  structural  correlation  length  2 Rc, 
defined  as  the  size  of  the  domains,  can  be  deduced 
from  the  frequency  of  the  maximum  of  the  ‘boson 
peak’,  (om„-  and  is  given  by  [34] 

2Rc  =  v/<omax.  (4) 

Using  the  assumption  that  the  correlation  lengths 
of  the  vibrational  modes  are  small  compared  to 
optical  wavelengths,  Shuker  and  Gammon  [5]  have 
shown  that  the  intensity  of  the  disorder  induced  one 
phonon  contribution  to  the  Stokes-Raman  spectra 
can  be  represented  by 

hi (">  T)  =Cij(<o)g((o)[l  +  n(w,  T)]/co,  (5) 
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where  n(o),  T )  denotes  the  Bose  distribution  at  tem¬ 
perature  T,  Cij  is  the  Raman  coupling  coefficient,  i 
and  j  are  the  polarization  components  of  the  incident 
and  scattered  light  and  g(o))  is  the  vibrational  den¬ 
sity  of  states.  The  anti-Stokes  scattering  intensity  is 
simply  obtained  by  replacing  1  +  n(o),  T)  by 
n(o) ,  T)  in  Eq.  (5).  From  this  equation,  it  would  be 
possible  to  determine  the  vibrational  density  of  states 
from  the  Raman  spectra  if  the  frequency  dependence 
of  C(co)  is  known. 

Different  analytical  forms  have  been  proposed  to 
describe  the  spectral  dependance  of  the  coupling 
coefficient.  Shucker  and  Gammon  [5]  have  supposed 
that  C(to)  =  constant.  Later,  using  a  plane  waves 
approximation  for  the  acoustic  vibrations,  Martin  and 
Brenig  [7]  have  shown  that  C(co)  may  have  a  more 
complicated  frequency  dependence  which  is 

C(  o>)  a  to2  exp[  -(2 (oRc/v)2] ,  (6) 

where  v  is  the  sound  velocity.  Then,  C(a>)  has  a 
maximum  at  the  frequency  <umax  =  v/2 Rc. 

However,  it  was  later  shown,  by  comparison  of 
the  Raman  spectra  of  amorphous  materials  with  in¬ 
elastic  neutron  scattering  data  which  yield  directly 
g(u>),  that  some  of  the  predictions  or  assumptions 
about  this  model  are  wrong:  the  vibrational  density 
of  states  has  not  Debye  behaviour  and  the  spectral 
dependance  of  the  light-phonon  coupling  coefficient 
has  no  maximum  in  the  frequency  range  of  the 
‘boson  peak’  [6]. 

Comparison  of  low  frequency  Raman  scattering 
spectra  of  various  glasses  with  heat  capacity  data 
have  shown  that,  in  a  broad  frequency  range,  the 
Raman  intensity  is  proportional  to  the  number  of 
vibrational  excitations  (vibrational  density  of  states 
g(  co)  multiplied  by  the  Bose  factor,  n(  co))  [35].  In  a 
wide  frequency  range  (from  5-8  cm-1  up  to  about 
100  cm"1)  C(co)  is  well  approximated  by  a  linear 
frequency  dependance  law.  The  linear  dependance  of 
C(  a) )  has  been  recently  confirmed  by  comparison  of 
low  frequency  Raman  scattering  results  with  vibra¬ 
tional  density  of  states  obtained  from  inelastic  neu¬ 
tron  scattering.  In  inorganic  glasses  such  as  Si02  or 
B203,  it  was  found  that  C(co)  a  co2  at  very  low 
frequency  (co  <  20  cm-1)  and  that  C(co)  a  co  at  low 
frequency  (o;>  20  cm"1)  [36]. 


6.  Conclusion 

The  description  of  the  ‘boson  peak’  on  the  basis 
of  the  phonon  localization  model  is  a  useful  tool  to 
show  the  medium  range  order  in  glasses.  In  the 
ternary  system  studied  here,  the  lithium  salt  addition 
in  the  binary  matrix  produces  modifications  of  the 
medium-range  ordering  which  depends  on  the  con¬ 
centration  of  lithium  salt  and  on  the  size  of  the  anion 
of  the  ‘doping  salt’. 

In  the  lithium  halide  glasses,  a  redistribution  of 
the  BO^  units  into  diborate  groups  is  observed. 
With  large  size  anions  such  as  bromide  or  iodide 
anions,  the  size  of  the  B04"  tetrahedral  cluster  in¬ 
creases  and  structural  correlation  range,  which  in¬ 
volves  at  least  two  diborate  groups,  is  shown.  Simul¬ 
taneously,  the  boron-oxygen  network  is  weakened 
and  there  is  localization  of  vibrations  inside  the 
clusters.  These  effects  are  observed  in  the  experi¬ 
mental  vibrational  density  of  states  which  is  en¬ 
hanced  in  the  low  frequency  range  when  large  size 
halide  anions  are  included  in  the  glass. 

The  modifications  of  the  conformation  of  the 
boron— oxygen  network,  observed  with  the  lithium 
salts  addition,  are  important  for  the  ionic  transport  in 
these  materials  where  the  increase  of  the  conductiv¬ 
ity  seems  principally  due  to  a  decrease  of  the  activa¬ 
tion  energy  and  not  to  an  increase  of  the  lithium  ion 
concentration  [44,45].  In  the  structural  changes  in¬ 
duced  by  the  ‘doping  salt’,  the  distance  between 
B04"  groups  is  reduced  and  thus  leads,  by  electro¬ 
static  interactions  between  negative  sites,  to  a  lower¬ 
ing  of  the  energy  barriers  for  the  ionic  motion. 
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Abstract 

Algorithms  are  designed  to  implement  molecular  dynamics  (MD)  simulations  on  emerging  concurrent  architectures.  A 
highly  efficient  multiresolution  algorithm  is  designed  to  carry  out  large-scale  MD  simulations  for  systems  with  long-range 
Coulomb  and  three-body  covalent  interactions.  Large-scale  MD  simulations  of  amorphous  silica  are  carried  out  on  systems 
containing  up  to  41472  particles.  The  intermediate-range  order  represented  by  the  first  sharp  diffraction  peak  (FSDP)  in  the 
neutron  static  structure  factor  shows  a  significant  dependence  on  the  system  size.  Correlations  in  the  range  4—11  A  are  found 
to  play  a  vital  role  in  determining  the  shape  of  the  FSDP  correctly.  The  calculated  structure  factor  for  the  largest  system  is  in 
excellent  agreement  with  neutron  diffraction  experiments,  including  the  height  of  the  FSDP.  Molecular  dynamics  simulations 
of  porous  silica,  in  the  density  range  2.2-0. 1  g/cm3,  are  carried  out  on  a  system  of  41472  particles.  The  internal  surface 
area,  pore  surface-to-volume  ratio,  pore-size  distribution,  and  other  structural  correlations  are  determined  as  a  function  of  the 
density.  Various  dissimilar  porous  structures  with  different  fractal  dimensions  are  obtained  by  controlling  the  preparation 
schedule  and  temperature.  Pore  interface  growth  and  the  roughness  of  internally  fractured  surfaces  in  silica  glasses  are 
investigated  by  MD  simulations  of  1.12  million  particles.  During  uniform  dilation,  the  pores  coalesce  and  grow  in  size. 
When  the  mass  density  is  reduced  to  1.4  g/cm3,  the  pores  grow  catastrophically  to  cause  fracture.  The  roughness  exponent 
for  fracture  surfaces,  a  =  0.87  +  0.02,  supports  experimental  claims  about  the  universality  of  a.  The  nature  of  the  phonon 
density-of-states  due  to  low-energy  floppy  modes  in  crystalline  and  glassy  states  of  the  high-temperature  ceramic  Si3N4  is 
investigated.  Floppy  modes  appear  continuously  in  the  glass  as  the  connectivity  of  the  system  is  reduced.  In  the  crystal,  they 
appear  suddenly  at  30%  volume  expansion.  The  density-of-states  due  to  the  floppy  modes  varies  linearly  with  energy,  and 
the  specific  heat  is  significantly  enhanced  by  the  floppy  modes. 


1.  Introduction  of  fabrication  and  measurement  has  not  yet  been 

achieved.  The  primary  reason  for  this  lack  of  success 
Despite  significant  recent  developments  in  materi-  is  the  inability  of  sequential  machines  to  handle 

als  simulation  techniques  [1-11],  the  goal  of  reliably  large-scale  simulations.  For  example,  molecular  dy- 

predicting  the  properties  of  new  materials  in  advance  namics  (MD)  simulations  for  long-range  interactions 

scale  as  A2  where  N  is  the  number  of  particles  in 
the  system.  In  many  physical  systems,  the  desired 

•  Corresponding  author.  Td:  + 1-504  388  1157.  Telefax:  + 1-  system  sizes  are  in  the  range  of  106  particles.  These 

504  388  5855.  E-mail:  priyav@bit.csc.lsu.edu.  are  beyond  the  computing  power  of  most  sequential 
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machines.  However,  the  MD  technique  has  consider¬ 
able  inherent  parallelism.  By  exploiting  this  paral¬ 
lelism  on  emerging  parallel  architectures,  it  is  possi¬ 
ble  to  perform  large-scale  simulations  for  complex 
materials  [3-6]. 

Diffraction  experiments  provide  useful  informa¬ 
tion  about  structural  correlations  in  glasses.  The 
intermediate-range  order  (IRO)  of  covalently  bonded 
oxide  and  chalcogenide  glasses  manifests  itself  as 
the  first  sharp  diffraction  peak  (FSDP)  in  diffraction 
patterns  [12-14].  Molecular  dynamics  simulations 
have  been  used  successfully  to  investigate  the  micro¬ 
scopic  origin  of  the  FSDP  [15].  The  FSDP  in  GeSe2 
has  been  shown  to  arise  mainly  from  Ge-Ge  and 
Ge-Se  correlations  between  4  and  10  A  [15].  To 
investigate  the  IRO  by  MD  simulations,  special  at¬ 
tention  must  be  paid  to  finite-size  effects  in  simula¬ 
tions.  Typical  MD  simulations  containing  less  than 
1000  particles  have  linear  dimensions  of  ~  25  A.  In 
such  small  systems,  the  periodic  boundary  condition 
may  impose  additional  implicit  constraints  on  the 
IRO  which  supposedly  extends  up  to  10-15  A  [14]. 
We  have  performed  MD  simulations  on  amorphous 
Si02  systems  containing  up  to  41472  particles  to 
investigate  the  finite-size  effect  on  the  IRO  [16]. 

There  has  been  a  growing  interest  in  porous  mate¬ 
rials  because  of  their  many  technologically  important 
applications  [17-23].  Much  of  the  recent  work  has 
focused  on  aerogel  silica,  a  form  of  porous  Si02 
which  is  prepared  by  hypercritical  drying  of  an 
alcoholic  silica  gel.  It  is  an  environmentally  safe 
material  with  a  large  thermal  resistance  which  makes 
it  a  suitable  alternative  to  chlorofluorocarbon  (CFC) 
foamed  plastic  in  thermal  insulation  of  commercial 
and  household  refrigerators  [17].  The  application  of 
porous  glasses  results  from  their  unique  selective 
separation  capabilities,  molecular  transport,  thermal 
resistance  and  mechanical  properties.  All  of  these 
characteristics  depend  crucially  on  structural  correla¬ 
tions  such  as  the  pore  size,  internal  surface  area, 
surface-to-volume  ratio,  and  interface  texture. 

In  recent  years,  a  great  deal  of  progress  has  been 
made  in  understanding  the  morphology  of  surfaces 
and  interfaces.  Scale-invariant  surface  fluctuations 
related  to  different  growth  processes  have  been  ob¬ 
served  in  a  wide  variety  of  systems  [24,25]:  vapor 
deposition;  fluid  flow  in  porous  media;  sedimenta¬ 
tion  of  granular  materials;  and  thin-film  growth.  The 


root  mean  square  surface  fluctuations  averaged  over 
a  distance,  /,  obey  the  scaling  relation  [24,25],  W  a 
la.  Recent  experiments  on  a  wide  variety  of  materi¬ 
als  reveal  that  fracture  surfaces  exhibit  the  scaling 
properties  with  the  roughness  exponent,  a  ~  0.8 
[26,27].  This  has  led  to  the  suggestion  that  the 
roughness  exponent  for  fracture  surfaces  has  a  uni¬ 
versal  value.  However  the  universality  of  the  rough¬ 
ness  exponent  on  the  nanometer  scale  is  still  an 
unresolved  issue  [28], 

We  investigate  the  structural  correlations  [23]  and 
the  roughness  of  internally  fractured  surfaces  in  Si02 
glasses  [29]  by  MD  simulations  on  systems  of  1.12 
million  particles  using  parallel  computer  architec¬ 
tures.  Interparticle  potentials  used  in  our  simulations 
include  two-body  (V?)  and  three-body  (V3)  terms 
[30,31]. 

Silicon  nitride  is  a  very  promising  material  for 
high-temperature  applications  [32,33].  It  has  a  strong 
resistance  against  thermal  shock,  high  strength  at 
high  temperatures,  corrosion  resistance  against  fused 
metals,  chemical  inertness  and  oxidation  resistance  at 
high  temperatures.  Because  of  these  excellent  charac¬ 
teristics,  there  are  numerous  applications  of  silicon 
nitride  as  engineering  components.  Amorphous  sili¬ 
con  nitride,  prepared  by  chemical  vapor  deposition 
(CVD),  is  used  as  a  dielectric  layer  in  microelectron¬ 
ics  technology. 

We  have  investigated  the  low-energy  modes  in 
silicon  nitride  with  MD  simulations.  Low-energy 
modes  play  an  important  role  in  determining  the 
properties  of  glasses.  Phillips  introduced  the  idea  of 
underconstrained  and  overconstrained  glasses  in 
terms  of  the  number  of  constraints,  nc ,  and  the 
degrees  of  freedom,  nd  [34].  Thorpe  extended  these 
ideas  and  introduced  the  notion  of  rigidity  percola¬ 
tion,  where  a  glass  at  lower  coordinations  may  be 
viewed  as  consisting  of  rigid  and  floppy  regions 
[35,36],  In  an  idealized  random  network  model,  the 
rigidity  percolation  transition  is  found  when  the  av¬ 
erage  coordination,  (r),  reaches  a  critical  value, 
(  rc )  =  2.4;  for  <  r  )  <  2.4,  there  is  a  finite  fraction  of 
zero-energy  modes  in  the  network.  If  additional  sta¬ 
bilizing  interactions  are  added  to  improve  the  me¬ 
chanical  stability  of  the  network,  the  rigidity  percola¬ 
tion  transition  is  washed  out  [36].  However,  even  for 
(r)  greater  than  ( rc )  there  are  floppy  regions  in  the 
glass  which  give  rise  to  low-energy  modes  rather 
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than  zero-energy  modes,  as  envisioned  in  the  original 
analysis  [37-40]. 

In  our  MD  simulations  for  the  high-temperature 
ceramic  silicon  nitride,  low-energy  modes  emerge  in 
the  amorphous  and  crystalline  systems  under  uni¬ 
form  external  negative  pressures.  In  the  glass,  the 
number  of  low-energy  floppy  modes  increases  con¬ 
tinuously  with  a  decrease  in  the  density  and  the 
average  coordination  of  the  system.  The  behavior  of 
Si3N4  crystal  is  quite  unusual:  upon  expansion  from 
3.2  to  2.8  g/cm3,  the  crystal  undergoes  distortions 
due  to  stretched  N-N  bonds  (the  Si-N  bond  length 
remains  unchanged)  and  the  maximum  energy,  o>max, 
in  the  density-of-states  (DOS)  shrinks  by  30%.  With 
further  expansion  to  2.4  g/cm3,  the  crystal  under¬ 
goes  sudden  decohesion  which  transforms  it  into  an 
amorphous  state.  At  the  same  time,  the  DOS  at  low 
energy  exhibits  a  linear  region  due  to  floppy  modes. 
In  addition,  tumax  increases  by  30%  and  it  continues 
to  increase  as  the  density  of  the  system  is  further 
lowered.  o)max  for  the  amorphous  system  at  2.0 
g/cm3  is  15%  higher  than  o)max  for  the  crystal  at  the 
normal  density  (3.2  g/cm3).  Low-energy  floppy 
modes  cause  a  substantial  enhancement  in  the  spe¬ 
cific  heat  over  the  temperature  range  of  50-400  K. 

In  this  paper,  we  describe  our  recent  work  on 
parallel  algorithms  for  the  MD  approach  and  simula¬ 
tion  results  for  structural  and  dynamical  properties  of 
network  glasses.  The  outline  of  this  paper  is  as 
follows.  Parallel  MD  algorithms  are  discussed  in 
Section  2.  Finite-size  effects  on  the  intermediate- 
range  order  in  amorphous  Si02  are  analyzed  in 
Section  3.  Simulation  results  for  structural  properties 
of  porous  Si02  glasses  and  the  roughness  of  fracture 
surfaces  in  Si02  glasses  are  discussed  in  Sections  4 
and  5,  respectively.  Section  6  contains  simulation 
results  on  low-energy  floppy  modes  in  Si3N4.  Con¬ 
cluding  remarks  are  given  in  Section  7. 


2.  Parallel  molecular  dynamics  algorithms 

The  MD  approach  has  played  a  key  role  in  our 
understanding  of  physical  systems  [1].  In  the  MD 
approach,  one  obtains  the  phase-space  trajectories  of 
particles  from  the  numerical  solution  of  Newton’s 
equations.  Physical  properties  of  a  system  are  calcu¬ 


lated  from  phase-space  trajectories  of  the  constituent 
particles. 

For  systems  with  a  finite-range  interparticle  inter¬ 
action,  an  efficient  way  to  calculate  interparticle 
interactions  is  to  use  the  linked-list  method  [1].  A 
major  advantage  of  the  linked-cell  list  technique  is 
that  the  computation  time  is  proportional  to  the 
number  of  particles,  N.  Further,  with  the  linked-list 
method  the  minimum-image  convention  can  be  im¬ 
plemented  efficiently  on  distributed-memory  multi¬ 
ple  instruction  multiple  data  (MIMD)  machines  [4-6]. 

The  computation  of  forces  can  be  further  reduced 
with  the  multiple  time-step  (MTS)  approach  [2],  The 
MTS  approach  exploits  the  fact  that  the  force  experi¬ 
enced  by  a  particle  can  be  separated  into  a  rapidly 
varying  primary  component  and  a  slowly  varying 
secondary  component.  The  primary  interaction  arises 
from  nearest  neighbors  of  a  particle  (within  a  range 
of  ra),  whereas  the  secondary  forces  are  due  to  other 
particles  within  its  range  of  interaction.  The  primary 
component  is  calculated  at  every  MD  step.  On  the 
other  hand,  the  secondary  component  is  calculated  at 
intervals  of  five  and  15  steps.  In  between,  the  sec¬ 
ondary  component  is  extrapolated  according  to  the 
Taylor  series. 

We  have  used  the  divide-and-conquer  strategy 
based  on  domain  decomposition  [3]  to  implement  the 
parallel  MTS-MD  algorithm  [4,5].  The  total  volume 
of  the  system  is  divided  into  p  subsystems  of  equal 
volume,  and  each  subsystem  is  assigned  to  a  node. 
The  data  associated  with  particles  of  a  subsystem  are 
assigned  to  the  corresponding  node. 

The  three-body  force  calculation  is  a  time-con¬ 
suming  part  of  the  MTS-MD  algorithm.  Speed-up  of 
the  three-body  force  calculation  is  achieved  by  de¬ 
composing  the  three-body  potential  into  a  separable 
form  [5,7]. 

The  most  prohibitive  computational  problem  is 
associated  with  the  Coulomb  potential.  Because  of 
its  long  range,  each  atom  interacts  with  all  the  other 
atoms  in  the  system.  Therefore  the  evaluation  of  the 
Coulomb  potential  for  an  A-particle  system  requires 
0(N2)  operations,  which  makes  large-scale  MD 
simulations  difficult.  Recently,  we  have  implemented 
MD  simulations  involving  the  Ewald  summation  [8] 
for  Coulomb  interaction  on  distributed-memory 
MIMD  machines  [4].  The  parallel  algorithm  we  have 
designed  for  the  Ewald  summation  reduces  the  com- 
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putational  complexity  from  0(N3/ 2)  to  O(N).  This 
is  achieved  by  ensuring  that  both  the  real-space  and 
Fourier-space  contributions  scale  linearly  with  the 
size  of  the  system  while  maintaining  the  desired 
level  of  precision  -  0.01%  in  the  total  potential 
energy. 

Recent  hierarchical  algorithms  [9,10]  have  revolu¬ 
tionized  the  computation  of  the  Coulomb  potential. 
The  fast  multipole  method  (FMM)  uses  the  truncated 
multipole  expansion  and  local  Taylor  expansion  for 
the  Coulomb  potential  field  [10].  By  computing  both 
expansions  recursively  on  a  hierarchy  of  cells,  the 
Coulomb  potential  is  computed  with  O(N)  opera¬ 
tions.  In  many  materials  simulations,  periodic  bound¬ 
ary  conditions  are  used  to  minimize  surface  effects. 
The  summation  over  infinitely  repeated  image 
charges  must  be  carried  out  to  compute  the  Coulomb 
potential.  Ding  et  al.  have  developed  the  reduced  cell 
multipole  method  (RCMM)  which  makes  the  compu¬ 
tation  of  the  Coulomb  potential  feasible  for  multimil- 
lion-particle  systems  with  periodic  boundary  condi¬ 
tions  [1 1].  In  the  RCMM,  distant  images  of  multimil¬ 
lion  particles  are  replaced  by  a  small  number  of 
fictitious  particles  with  the  same  leading  multipoles 
as  the  original  system.  With  little  computational 
effort,  the  Ewald  summation  is  applied  to  these 
reduced  images.  We  have  developed  a  highly  effi¬ 
cient  MD  algorithm  based  on  multiresolutions  in 
both  space  and  time  [6].  The  long-range  Coulomb 
potentials  in  periodic  systems  are  calculated  with  the 
RCMM  and  FMM,  while  the  intermediate-range, 


Fig.  2.  Execution  time  (solid  curves)  and  communication  time 
(dotted)  per  MD  time  step  for  Si02.  Circles  and  squares  represent 
the  results  on  the  IBM  SP-1  and  Intel  Touchstone  Delta,  respec¬ 
tively.  Here  p  is  the  number  of  nodes.  The  size  of  the  system,  N, 
increases  as  8232 p. 


non-Coulombic  potentials  are  calculated  by  the  MTS 
method  (see  Fig.  1). 

Performance  of  the  multiresolution  algorithm  is 
tested  for  Si02  systems  on  the  512-node  Intel 
Touchstone  Delta  machine  at  Caltech  and  the  128- 
node  IBM  SP-1  system  at  Argonne  National  Labora¬ 
tory  [6].  Fig.  2  shows  the  execution  time  per  MD 
step  as  a  function  of  the  number  of  processors,  p. 
The  number  of  particles  is  taken  to  be  8232 p.  For  a 
4.2  million  particle  system,  the  program  requires 
only  4.84  s  per  MD  step  on  the  512-node  Delta. 
Communication  accounts  for  only  8%  of  the  total 
elapsed  time.  On  the  IBM  SP-1,  the  computation  part 
runs  4.8  times  faster  than  on  the  Delta,  while  the 
communication  performs  at  about  the  same  speed. 


Fig.  1.  Multircsolution  in  space,  (a)  Periodically  repeated  images  of  the  original  MD  box.  Replacing  far  images  by  a  small  number  of 
particles  with  the  same  multipole  expansion  up  to  a  certain  order  reduces  the  computation  enormously  while  maintaining  the  necessary 
accuracy,  (b)  A  hierarchy  of  cells  used  in  the  fast  multipole  method,  (c)  The  near-field  force  on  a  particle  is  due  to  primary,  secondary  and 
tertiary  neighbor  particles. 
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Fig.  3.  Neutron-scattering  static  structure  factor  of  amorphous 

SiO-,.  - ,  the  MD  result  for  a  41472-particle  system  at  300 

K;  O,  neutron  diffraction  experiment  [42]  at  10  K. 

3.  First  sharp  diffraction  peak  and  intermediate- 
range  order  in  amorphous  silica 

Molecular  dynamic  simulations  are  performed  for 
normal-density  (2.2  g/cm3)  amorphous  Si02  sys¬ 
tems  of  three  different  sizes,  i.e.,  the  numbers  of 
particles,  N  =  648,  5184,  and  41472.  Periodic 
boundary  conditions  are  imposed  on  the  systems. 

In  Fig.  3,  the  solid  curve  represents  the  MD  result 
for  the  neutron-scattering  static  structure  factor  cal¬ 
culated  at  300  K  for  a  41472-particle  system.  Re¬ 
sults  of  neutron  diffraction  experiments  are  repre¬ 
sented  by  open  circles  [42].  The  MD  result  agrees 
well  with  the  neutron  diffraction  experiment,  includ¬ 
ing  the  height  of  the  FSDP.  Among  the  different 
system  sizes,  little  difference  in  the  pair  distribution 
function  is  observed.  The  finite  size,  however,  does 
affect  the  neutron-scattering  static  structure  factor 
calculated  from  the  Fourier  transform  of  the  pair 
distribution  function.  The  height  of  the  FSDP  de¬ 
pends  strongly  on  the  system  size.  The  height  of  the 
FSDP  increases  rapidly  with  increased  system  size, 
but  then  saturates.  The  asymptotic  value  ~  1.5  agrees 
very  well  with  neutron  diffraction  experiments  [42]. 
The  correlations  in  the  range  4-11  A  has  been 
shown  to  play  a  vital  role  in  the  shape  of  the  FSDP 
[16]. 


4.  MD  simulations  of  porous  silica 

Structural  correlations  in  porous  silica  span  many 
hierarchical  regimes.  The  short-range  (  <  4  A)  corre¬ 


lations  are  known  to  arise  from  the  structure  of  the 
Si04  tetrahedral  unit  [30].  The  intermediate-range 
(4-11  A)  correlations,  manifested  as  the  first  sharp 
diffraction  peak  (FSDP)  in  neutron-  and  X-ray 
diffraction  experiments,  arise  from  the  connectivity 
of  the  tetrahedral  units  [30,16].  Both  these  correla¬ 
tions  exist  at  normal  density  as  well  as  in  low-den¬ 
sity  amorphous  silica.  Beyond  the  intermediate  range, 
small-angle  neutron  scattering  (SANS)  [18,19]  and 
small-angle  X-ray  scattering  (SAXS)  [20,21]  experi¬ 
ments  on  porous  silica  reveal  a  fractal  structure. 

The  first  MD  simulation  of  1500-particle  porous 
Si02  was  performed  by  Kieffer  and  Angell  [22].  We 
present  the  results  of  our  MD  simulations  of  porous 
Si02  at  densities  in  the  range  of  2.2-0. 1  g/ cm3  [23], 
The  first  system  we  simulated  consisted  of  41  472  Si 
and  O  atoms.  Even  at  the  lowest  density,  0.1  g/ cm3, 
the  length  of  the  MD  box  (240  A)  covers  all  the 
hierarchical  correlation  regimes  mentioned  above. 
Simulations  reported  here  took  1200  h  on  the  eight- 
node  iPSC/860  system  at  CCLMS. 

The  porous  Si02  systems  are  prepared  by  succes¬ 
sive  uniform  expansions  of  a  well  thermalized  glass 
at  the  normal  glass  density  2.2  g/cm3  and  300  K 
[22,23].  At  the  condensed  amorphous  phase  above 
1.6  g/cm3,  the  amorphous  system  possesses  only 
short-  and  intermediate-range  correlations.  However, 
as  the  density  is  lowered  below  1.6  g/cm3,  density 
fluctuations  that  give  rise  to  pores  of  various  sizes 
set  in.  A  close  examination  of  these  snapshots  re¬ 
veals  self-similarity  at  length  scales  between  5  and 
25  A. 


Fig.  4.  Log-log  plot  of  pair  distribution  functions,  g(r),  of 
41472-particle  silica  glasses  at  densities  at  0.1,  0.4,  0.8  and  1.5 
g/cm 3  at  300  K. 


64 


P.  Vashishtci  et  al.  /  Journal  of  Non-Crystalline  Solids  182  (1995)  59-67 


In  Fig.  4,  we  show  a  log-log  plot  of  the  pair 
distribution  function,  g(r\  at  various  densities. 
Short-range  correlations  manifest  themselves  as  peaks 
at  distances  <  5  A.  Some  of  the  peaks  split  at  lower 
densities,  but  the  peak  positions  change  very  little 
over  the  entire  range  of  density.  In  the  range  5-25 
A,  a  power-law  decay  is  superimposed  on  the  peak 
structures.  From  the  power-law,  the  fractal  dimen¬ 
sion,  df ,  is  calculated  as  d{  —  3  +  d  log[g(r)]/ 
d  log(r)  [22,23]. 

In  real  materials,  the  value  of  df  depends  on  the 
aggregation  process  and  sample  preparation  condi¬ 
tions  such  as  pH  value  [18-21].  To  investigate  the 
effect  of  kinetic  processes,  we  performed  another  set 
of  MD  simulations  where  the  temperature  was  kept 
at  1000  K  instead  of  300  K  during  the  expansion 
process.  At  the  high  temperature,  larger  df  is  ob¬ 
served.  Kinetic  processes  during  the  expansion  deter¬ 
mine  the  structure  of  the  resulting  glass.  For  higher 
temperatures,  larger  diffusion  overcomes  the  correla¬ 
tion  in  immediate  neighbors  and  more  global  config¬ 
uration  space  is  searched.  As  a  result,  energetically 
favored  packed  networks  with  larger  d(  are  formed. 
By  controlling  the  balance  between  diffusion  and 
correlation  via  temperature  and  expansion  schedule, 
various  dissimilar  porous  glasses  with  different  df 
can  be  produced  in  MD  simulations. 

5.  Roughness  of  fracture  surface  of  amorphous 
silica 

We  have  performed  large-scale  MD  calculations 
on  1.12-million  particle  amorphous  silica  systems  to 
investigate  the  growth  of  pores  with  a  decrease  in  the 
density  of  the  system  [29],  The  low-density  MD 
glasses  were  obtained  by  uniformly  expanding  the 
normal-density  glass.  The  pores  begin  to  form  when 
the  density  of  the  system  is  reduced  to  1.8  g/cm3. 
Further  decrease  in  the  density  of  the  system  causes 
an  increase  in  the  number  of  pores  and  also  the  pores 
coalesce  to  form  larger  entities.  There  is  a  dramatic 
increase  in  the  size  of  pores  when  the  mass  density  is 
reduced  to  the  critical  value,  pc  =  1.4  g/cm3.  At  that 
critical  density,  some  pores  percolate  through  the 
entire  system  by  catastrophic  growth.  In  Fig.  5(a)  we 
show  one  of  the  surfaces  of  the  percolating  pore. 

The  roughness  of  this  internally  fractured  surface 


In  cy 


Fig.  5.  (a)  Snapshot  of  an  internally  fractured  surface  resulting 
from  a  percolating  pore  in  silica  glass  at  a  mass  density  of  1.4 
g/cm3.  (b)  Height-height  correlation  function  (O)  versus  the 
in-planc  distance,  cr,  for  the  fracture  surface  of  a  1.12  million 
particle  silica  system  computed  on  IBM  SP-1.  The  solid  curve  is 
the  best  fit,  GO )  a  cr  a,  with  a  =  0.87  ±  0.02  for  cr  <  100  A. 


is  calculated  from  the  height-height  correlation  func¬ 
tion  [29], 

G((r)  =  <\h(y+yQ,  z  +  z„ )  ~h(y0,  z0)]2)'/2, 

where  cr  =  {y2  +  z2)1/2  and  h(y,  z )  is  the  highest 
vertical  coordinate  at  the  point  (y,  z).  Fig.  5(b) 
shows  that  the  MD  results  for  G(cr)  are  well  de¬ 
scribed  by  the  relation,  G(cr)acra  with  a  =  0.87 
±  0.02  for  cr<  100  A.  Experimental  measurements 
on  bakelite,  concrete,  steel  and  aluminum  alloys 
indicate  that  the  roughness  exponent,  a,  has  a  uni¬ 
versal  value  0.8  [26,27].  The  MD  results  for  the 
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Fig.  6.  (a)  MD  and  experimental  [48]  results  for  the  static  structure 
factor  of  a-Si3N4  at  a  density  of  2.8  g/cm3.  (b)  Specific  heat  for 
Si  3  N4 :  MD  and  experiment  at  3.2  g/cm3  for  a-crystal. 

roughness  exponent  agree  with  experimental  mea¬ 
surements,  thus  lending  further  support  to  claims  that 
the  roughness  exponent  of  fracture  surfaces  is  a 
material-independent  quantity.  Further,  the  MD  re¬ 
sults  indicate  that  the  universality  of  the  roughness 
exponent  may  prevail  even  at  length  scales  <  10 
nm. 

6.  Molecular  dynamics  simulations  of  silicon 
nitride 

Recently  we  have  also  performed  MD  simulations 
for  silicon  nitride  [41].  Fig.  6(a)  shows  the  MD 
results  for  the  static  structure  factor  in  amorphous 
Si3N4.  The  result  is  in  satisfactory  agreement  with 
neutron  structure  factor  measurements  [43].  The  spe¬ 
cific  heat  of  the  a-crystal  at  normal  density  is  calcu¬ 
lated,  and  the  results  along  with  experimental  data 
[32]  are  shown  in  Fig.  6(b).  The  MD  results  for  the 
specific  heat  agree  very  well  with  the  experimental 
results. 

Low-energy  phonon  modes  play  an  important  role 
in  determining  the  properties  of  glasses.  In  our  MD 
simulations  for  the  high-temperature  ceramic  silicon 
nitride,  low-energy  modes  emerge  in  the  amorphous 
and  crystalline  systems  under  uniform  external  nega¬ 
tive  pressures.  In  the  glass  the  number  of  low-energy 
floppy  modes  increases  continuously  with  a  decrease 
in  the  density  and  the  average  coordination  of  the 
system.  Fig.  7  shows  the  phonon  density-of-states 
(DOS)  in  the  frequency  region  below  15  meV:  as  the 


Fig.  7.  Linear  behavior  of  the  low-energy  part  of  the  phonon  DOS, 
F(E\  for  Si3N4  glasses  at  densities  between  3.2  and  2.0  g/cm3. 

connectivity  is  reduced,  low-frequency  floppy  modes 
give  rise  to  a  linear  energy  dependence  of  the  DOS. 

Results  for  the  low-energy  floppy  modes  in  the 
a-crystal  are  shown  in  Figs.  8(a)-(d).  The  DOS  for 


E  (meV) 


Fig.  8.  Phonon  DOS  at  different  stages  of  decohesion  of  the 
a-crystal  due  to  volume  expansion  at  300  K.  (a)  DOS  for  the 
crystal  at  normal  density,  3.2  g/cm3.  (b)  Expanded  crystal  at  2.8 
g/cm3.  There  is  30%  contraction  in  the  energy  range  of  the  DOS 
and  a  disappearance  of  the  energy  gap  at  100  meV.  (c)  At  2.4 
g/cm3  there  is  an  abrupt  decohesion  of  the  crystal  and  the 
emergence  of  a  linear  region  in  the  DOS  due  to  low-energy  floppy 
modes.  Further,  the  maximum  energy  in  the  DOS  increases  from 
110  meV  at  2.8  g/cm3  to  150  meV  at  2.4  g/cm3,  which  is  larger 
than  the  maximum  energy  of  140  meV  in  the  a-crystal  at  3.2 
g/cm3.  (d)  DOS  for  the  system  at  2.0  g/cm3  from  decohesion  of 
the  a-crystal  is  practically  the  same  as  for  the  glass  at  2.0  g/ cm3 
which  was  obtained  from  the  melt.  Also,  the  maximum  energy  in 
the  DOS  at  2.0  g/cm3  is  higher  than  that  at  2.4  g/cm3. 
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the  normal  crystal  is  in  good  agreement  with  Raman 
and  IR  experiments  of  Wada  et  ah  [44].  Fig.  8(b) 
shows  that,  although  the  system  at  2.8  g/cm3  is 
stretched,  there  are  still  sharp  peaks  in  the  DOS 
indicating  the  crystalline  nature  of  the  system.  How¬ 
ever,  at  2.8  g/cm3  the  10  meV  gap  in  the  DOS  of 
the  normal  crystal  disappears,  the  point  group  sym¬ 
metry  of  the  original  crystal  is  destroyed  and  the 
maximum  frequency  in  the  DOS  is  reduced  from  140 
to  110  meV.  Note  that  the  Si— N  bond  is  robust  and 
the  nearest-neighbor  N-N  and  Si-Si  distances 
change  to  accommodate  expansion,  thereby  distort¬ 
ing  the  tetrahedra.  (This  is  different  from  the  early 
stages  of  uniform  expansion  of  a  monatomic  crystal 
where  all  bonds  stretch  uniformly  and  the  point 
group  symmetry  of  the  crystal  is  maintained.)  As  the 
density  is  further  reduced  to  2.4  g/cm3,  the  system 
undergoes  an  abrupt  decohesion.  This  represents  the 
most  profound  rearrangement  of  the  system  - 
voids/ pores  grow  and  bonds  are  broken  and  re¬ 
assembled  within  the  clusters  and  in  the  intercluster 
regions.  The  crystalline  symmetry  is  completely  lost 
and  a  linear  part  in  the  DOS  appears  below  20  meV. 
At  the  same  time  the  maximum  frequency  in  the 
DOS  increases  from  1 10  to  150  meV.  As  the  connec¬ 
tivity  of  the  system  is  further  reduced  at  2.0  g/cm3 
(Fig.  8(d)),  the  magnitude  of  the  linear  part  of  the 
DOS  increases,  the  spectrum  from  110  to  150  meV 
acquires  more  weight,  and  the  maximum  frequency 
increases  to  165  meV. 

Low-energy  floppy  modes  have  been  found  to 
cause  a  substantial  enhancement  in  the  specific  heat 
over  the  temperature  range  of  50-400  K  [41]. 

7.  Conclusion 

Algorithms  have  been  designed  to  implement 
molecular  dynamics  simulations  on  emerging  con¬ 
current  architectures.  Million  particle  MD  simula¬ 
tions  for  covalent  amorphous  insulators  have  been 
performed  on  parallel  computers.  We  believe  that  for 
the  next  ten  years,  there  is  an  enormous  opportunity 
to  develop  new  and  efficient  algorithms  for  parallel 
computers  to  solve  grand  challenge  problems  in  ma¬ 
terials  science. 
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Abstract 

A  non-equilibrium  molecular  dynamics  simulation  approach  is  used  to  model  the  structure  of  silica  glass  and  cristobalite 
using  a  two-body  and  a  two-body/ three-body  potential.  A  comparison  of  the  total  correlation  function  is  made  between  the 
two  simulations  and  neutron  scattering  data.  Differences  in  structure  obtained  by  each  simulation  method  show  the  influence 
of  a  lack  of  directional  bond  components  in  the  two-body  potential  simulation  and  the  result  of  strong  directional 
components  in  the  three-body  potential  simulation.  The  effect  of  an  applied  uniaxial  strain  on  the  structure  of  the  simulated 
glass  and  crystalline  phases  is  studied  by  following  the  resulting  longitudinal  stress.  Data  analysis  shows  that  the  glass 
exhibits  a  large  strain-rate  dependence  in  the  maximum  stress  sustained,  while  the  crystal  does  to  a  lesser  extent  or  none  at 
all  depending  on  the  potential  function.  The  large  strain  rate  dependence  in  the  glass  is  interpreted  as  arising  from  a 
rearrangement  of  the  free  volume  structure,  whereby,  at  low  strain  rates,  strain  added  uniformly  to  the  structure  is  allowed  to 
flow  from  higher  density  regions  of  the  glass  to  lower  density  regions.  This  effect  leads  to  coalescence  of  voids  eventually 
causing  fracture  propagation  through  the  simulated  structure.  The  crystal,  having  no  ability  to  assimilate  the  applied  strain, 
can  only  stretch  its  bonds  until  fracture. 


1.  Introduction 

Brittle  fracture  is  a  dynamic,  non-linear  process 
which  involves  a  large  ensemble  of  atoms  acting 
cooperatively  to  relieve  the  build  up  of  elastic  poten¬ 
tial  energy  through  atomic  motions  and  the  forma¬ 
tion  of  free  surfaces.  While  the  initiation  of  fracture 
can  be  predicted  by  the  application  of  energy  balance 
concepts  first  developed  by  Griffith  [1],  neither  the 
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path  of  the  crack,  nor  its  propagation  characteristics, 
nor  the  structure  of  the  freshly  formed  surfaces  are 
currently  within  range  of  either  theory  or  experiment. 
The  major  reason  for  this  lack  of  understanding 
results  from  the  fact  that  crack  formation  and  propa¬ 
gation  in  brittle  media  are  dependent  on  the  local 
atomic  dynamics  in  the  strained  solid,  and  from  the 
lack  of  any  experimental  method  for  examining  these 
dynamics  in  detail.  This  type  of  problem,  therefore, 
can  only  be  investigated  with  simulation  methods 
like  molecular  dynamics  (MD).  These  methods  can 
simulate  the  dynamic  interatomic  interactions  and 
therefore  can  yield  models  of  the  manner  in  which 
an  ensemble  of  particles  bonded  together  to  form  a 
solid  will  react  to  an  imposed  stress  or  strain.  By 
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examining  the  details  of  this  response,  it  is  possible 
to  determine  some  of  the  processes  which  comprise 
the  act  of  brittle  fracture  in  the  solid  [2]. 

Experimental  studies  of  brittle  fracture  in  glass 
have  exhibited  a  number  of  characteristic  properties. 
These  properties  must  be  separated  between  sudden 
fracture  and  ‘slow  crack  growth’.  In  the  latter,  the 
environment,  especially  water,  is  allowed  to  interact 
with  strained  bonds  at  the  tip  of  existing  cracks  and 
can  induce  physi-  and  chemi-sorption  processes 
which  weaken  the  bond  and  allow  the  crack  to 
advance  slowly  [3,4].  In  the  former,  the  crack  is 
assumed  to  propagate  without  interaction  with  the 
environment.  Because  MD  studies  are  based  on  clas¬ 
sical  interatomic  potentials,  they  cannot  provide  a 
good  basis  for  chemical  reactions.  Therefore,  this 
paper  only  considers  the  case  of  sudden  fracture  in 
which  the  failure  process  is  totally  determined  by 
mechanical  considerations.  Several  ab  initio  [5]  and 
semi-empirical  molecular  orbital  [6]  studies  have  ad¬ 
dressed  the  other  problem  of  strain  induced 
chemisorption  processes  at  the  crack  tip  which  con¬ 
trol  the  ‘slow  crack  growth’  phenomenon. 

Properties  of  the  sudden  brittle  fracture  phe¬ 
nomenon  are  obtained  from  fractography  studies 
which  yield  structural  descriptions  of  the  fracture 
surface  after  the  fact  [7],  and  from  fractoemission 
studies  which  give  descriptions  of  particle,  electron, 
acoustic  and  light  emission  during  fracture  [8].  Frac¬ 
tography  shows  regions  of  mirror,  mist  and  hackle, 
corresponding  to  increasing  degrees  of  roughness  on 
the  fracture  surface,  and  a  fractal  surface  structure  in 
all  three  regions  over  a  scale  range  from  macro¬ 
scopic  to  the  submicrometer  scale  [9].  Fractoemis¬ 
sion  studies  have  shown  the  ejection  of  atomic  and 
ionic  particles  from  the  fracture  surface  as  well  as 
acoustic  and  light  emission  during  sudden  brittle 
fracture  [8]. 

The  ultimate  strength  of  a  material  without  pre¬ 
existing  surface  flaws  that  fails  by  brittle  fracture  can 
be  calculated  based  on  a  knowledge  of  its  structure 
and  the  properties  of  its  interatomic  bonds.  This 
value  is  known  as  the  cohesive  strength  of  the 
material,  and  it  can  be  calculated  for  a  material  given 
the  Young’s  modulus,  E ,  the  surface  energy,  y,  the 
atomic  structure  and  an  assumption  of  the  form  of 
the  interatomic  potential  [10], 

A  reasonable  cohesive  strength  calculation  has 


been  achieved  using  the  Morse  interatomic  potential 
function  with  the  following  result: 

, 

where  r0  is  the  interatomic  spacing.  For  vitreous 
silica,  with  E  =  7.3  X  1010  Pa,  y  =  4.56  J/m2,  and 
r0  =  1.62  X  10“ 10  m,  the  theoretical  strength  given 
by  the  Morse  potential  is  23  GPa.  This  value  com¬ 
pares  favorably  with  the  highest  strength  of  18  GPa 
measured  for  treated  silica  fibers  in  liquid  nitrogen 
by  Proctor  [11],  but  is  about  two  orders  of  magnitude 
greater  than  the  measured  strength  for  bulk  silica  or 
untreated  silica  fibers  [12].  Maximum  crack  veloci¬ 
ties  during  sudden  brittle  fracture  have  been  calcu¬ 
lated  and  measured  to  be  between  40  and  60%  the 
speed  of  sound  [13]. 

Discrepancies  between  theoretical  strengths  and 
measured  strengths  are  due  to  surface  flaws  and  can 
be  calculated  using  Griffith’s  equation  [1],  relating 
the  maximum  tensile  stress,  crc,  which  can  be  sup¬ 
ported  by  a  sample  of  material  containing  a  crack  of 
length,  c,  which,  for  a  sheet  with  an  edge  crack  is 
given  by 

ac  =  ^lEy/isc  . 


2.  Molecular  dynamics  simulations 

In  this  paper,  the  mechanisms  of  brittle  fracture 
are  investigated  in  a  silica  glass  and  in  low  cristo- 
balite  using  the  same  MD  algorithm  and  the  same 
force  function  so  that  the  only  difference  between 
the  two  materials  is  the  contrast  between  order  and 
disorder.  Cristobalite  is  of  interest  because  its  low 
density  structure  (a-  or  low  cristobalite)  is  the  most 
comparable  to  the  vitreous  phase,  of  all  the  poly¬ 
morphs  of  silica.  Although  quartz  is  the  equilibrium 
phase,  the  cristobalite  phase  can  be  relatively  stable 
when  quenched  to  room  temperature  because  the 
reconstructive  transformations  between  the  major 
phases  are  slow.  Within  the  cristobalite  polymorph, 
two  sub-polymorphs  are  present,  high,  or  (3-,  and 
low,  or  a-,  cristobalite,  which  undergo  a  displacive 
transformation  within  the  temperature  range  of  470- 
540  K.  This  displacive  transformation  results  in  a 
symmetry  change  from  the  high  temperature  cubic 
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symmetry  to  the  lower  temperature  tetragonal  sym¬ 
metry  upon  cooling. 

The  structure  of  high  cristobalite  [14]  is  similar  to 
the  diamond  structure.  The  silicon  atoms  are  in  the 
diamond  positions  and  oxygen  atoms  are  located 
between  each  pair  of  silicon  nearest  neighbors.  The 
symmetry  of  high  cristobalite  is  cubic,  and  the  struc¬ 
ture  belongs  to  the  Fd3m(0^)  space  group.  The  unit 

o 

cell  of  high  cristobalite  has  an  edge  length  of  7.16  A 
at  560  K  and  contains  eight  formula  units. 

The  structure  of  low  cristobalite  has  the  same 
connectivity  as  the  high  cristobalite  structure.  Al¬ 
though  this  phase  has  tetragonal  symmetry  with  prism 
dimensions  a{)  =  4.96  A  and  c'0  =  6.92  A,  the  struc¬ 
ture  is  pseudocubic  when  the  cell  is  rotated  by  45° 
about  the  c-axis  and  the  sides  a0  are  transformed 
into  diagonals  of  the  base  of  the  prism,  i.e.,  ar0 
=  ^2  a()  =  7.02  A  and  c()  =  c'0  =  6.92  A.  In  this  de¬ 
scription,  the  structure  is  a  relatively  small  distortion 
of  the  high  cristobalite  structure.  The  unit  cell  of  low 
cristobalite  contains  four  formula  units  and  belongs 
to  the  space  group  P4j2j(D4). 

Initially,  comparisons  are  conducted  between  two- 
and  three-body  force  functions  to  select  the  most 
appropriate  simulation  method.  In  the  case  of  silica, 
the  potential  functions  that  are  commonly  used  either 
model  silica  as  a  purely  ionic  system  [15],  a  pseudo¬ 
ionic  system  [16],  an  ionic  system  with  a  pseudo-co¬ 
valent  character  [17],  a  modified  ionic  system  with 
charge-polarization  interactions  with  a  pseudo-cova¬ 
lent  system  [18]  or  a  pseudo  ionic-covalent  system 
[19].  All  these  potential  functions  have  limitations. 
Comparisons  of  the  fits  of  the  total  real  space  corre¬ 
lation  function  with  neutron  scattering  data  [20]  can 
be  analyzed  using  a  reliability  factor,  Rx,  derived  by 
Wright  [21].  Using  this  approach,  it  is  found  that  the 
Soules  potential  function  yields  Ry  —  10%, 
Feuston-Garofalini  15%,  Vashishta  4%  and  Vessal 
9%.  A  consideration  of  the  fit  quality,  number  of 
adjustable  parameters  and  speed  of  calculation  led  us 
to  use  the  Soules  (six  parameters)  and  Feuston- 
Garofalini  (15  parameters)  potentials  to  test  the 
structural  differences  between  two-body  and  three- 
body  force  functions.  The  Vessal  function  uses  40 
adjustable  parameters  in  a  piecewise  continuous 
Buckingham  potential  consisting  of  four  segments; 
therefore,  it  was  not  tested  here  since  the  high  num¬ 
ber  of  adjustable  parameters  do  not  justify  the 


marginal  fitting  improvement.  The  Vashishta  poten¬ 
tial  gives  the  best  fit  with  19  adjustable  parameters, 
however  it  requires  much  longer  computer  times 
than  the  other  two  functions.  Its  application  to  simu¬ 
lations  of  glass  structure  is  described  in  a  paper  by 
Vashishta  in  this  volume  [22]. 

Both  the  Soules  (S)  and  Feuston-Garofalini  (FG) 
potentials  use  a  truncated  Born-Mayer-Huggins 
function  for  the  two-body  component  of  the  force. 
This  potential  function  has  the  form 


</>2„rO)  =  -  +  Purb  eXP 


(o;,  +  <rr)  -r 


+  C,„  r"6  +D„,  r 


-8 


where:  u,  v  signify  atom  types;  <f>ur  is  the  potential 
between  atoms  of  type  u  and  v  as  a  function  of  r;  r 
is  the  separation  distance  between  atomic  centers; 
qu ,  qr  are  charges  on  atoms  of  types  a  and  u, 
respectively;  a[{ ,  <x(  are  radius  repulsive  parameters; 
b  is  a  positive  constant;  p  is  a  hardness  parameter; 
Cllr,  DUI  are  the  coefficients  of  dipole-induced 
dipole  and  dipole-induced  quadrupole  terms,  respec¬ 
tively;  fiur  is  the  Pauling  coefficient,  given  by 


Zu,  Zr  are  the  units  of  charge  of  type  u  and  v, 
respectively;  and  nu ,  nr  are  the  numbers  of  valence 
electrons  of  u  and  v ,  respectively.  The  multipole 
terms  become  important  when  the  atoms  are  highly 
polarizable  and  are  separated  by  small  distances,  but 
are  generally  neglected  in  the  simulation  of  silica 
glass.  Some  have  questioned  the  accuracy  of  this 
simplification  since  oxygen  exhibits  a  high  degree  of 
polarization  and  the  atoms  are  closely  spaced  in 
condensed  phases.  The  justification  for  ignoring  these 
terms  is  that  atoms  within  a  solid  are  generally 
constrained  to  the  point  that  these  terms  would  have 
minimal  effect,  and  these  terms  involve  many-body 
interactions  that  are  computationally  difficult. 

In  a  simulation,  it  is  desirable  to  have  a  potential 
of  limited  range  in  order  to  minimize  the  number  of 
particle  interactions.  However,  the  Coulombic  por¬ 
tion  of  the  Born-Mayer-Huggins  potential  decays 
slowly  and  many  neighbors  would  be  required  for 
calculations  of  all  potentially  significant  interactions. 
To  overcome  this  problem,  a  screening  or  truncation 
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function  is  used  to  limit  these  interactions.  This 
truncation  process  simulates  the  result  of  a  lattice  of 
alternating  charges  as  used  in  the  calculation  of  a 
Madelung  constant. 

The  FG  potential  uses  an  Ewald  sum  [23]  ap¬ 
proach  to  calculate  the  screening  function,  in  which  a 
different  denominator  is  used  with  each  interatomic 
interaction: 

Trunc(  r)  =  erfc(  r/eL ) , 

where:  erfc  (  )  is  the  complementary  error  function; 
6  is  a  constant,  typically  0.175-0.35  [24];  and  L  is  a 
linear  dimension  of  the  molecular  dynamics  cell  or 
rmax.  The  Soules  function  uses  a  simple  power  law 
truncation  term  which  reduces  by  one  the  number  of 
adjustable  parameters  and  yields  a  truncation  process 
which  is  independent  of  cell  size.  The  truncation 
term  is  applied  to  the  force  function  instead  of  the 
potential  function: 

Trunc(r)  =  [l  -  {r/rm^)n\. 

o 

In  silica,  the  truncation  distance,  rmax,  is  5.5  A  and 
the  exponent,  n,  is  3.  Since  the  range  of  the  FG 
Ewald  sum  truncation  is  about  5  A,  it  is  necessary 

o 

to  conduct  simulations  with  boxes  of  at  least  11  A  in 
order  to  avoid  having  particles  bond  twice  to  the 
same  particle  from  the  periodic  images  in  neighbor¬ 
ing  cells. 

The  parameters  of  the  Soules  force  function  are 
given  in  Table  1. 

The  Feuston-Garofalini  potential  includes  an  ad- 


Table  1 

Parameters  used  in  the  Soules  force  and  potential  functions 
Potential  function  parameters 
p  =  0.290023  A 

^Si-Si  =  330°Perg 

ASi_0  =  3000  p  erg 
A0_0  =  2300  p  erg 
<7si  =  +  4ea 
q0  =  -2e^ 

Truncation  function  parameters 

rmax  ~  A 

n  =  3 


a  e  is  the  electron  charge. 


Table  2 

Parameters  used  in  the  Feuston-Garofalini  potential  function 
Two-body  potential  parameters 
p  =  0.290023  A 

Asi-si  =  188°Perg 
ASi„o  =  2960  p  erg 
A0_0  -  720  p  erg 
Qsi  =  +4e  3 
<?o  =  -2ea 
Psi-si  =  2-29 
Psi-o  =  2.6 
P  o-o  =  2-34 

Non-zero  three-body  potential  parameters 

Ao-Si-o  “  180  P  er8 
Asi-o-Si  =  3  p  erg 

To-si-o  =  2.6  A 
Tsi-o-si  =  2-0  A 
ro-Si-o  =  3-0  A 
rSi-0-Si  =  2-6  A 

COS  -Si-0  =  -l/3 

cos  ^Si-Q-Si^  "V3 _ 

a  e  is  the  electron  charge. 


ditional  three-body  function  of  the  form  developed 
by  Stillinger  and  Weber  [25]  as  follows: 


9uvw 


( rij >  rjk>  ®ijk) 


exp 


)  (* 


IJ  '  uvw  j  v  jk 
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uvw  ) 


{  x(cos  0ijk  -  COS  d‘vw)  , 

r  <  rc  v  rc 

r  ij  ^  '  uvw  ’  '  jk  '  uvw  ^ 

O  v  r ^  t 
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The  parameters  used  in  this  potential  function  are 
shown  in  Table  2, 

Molecular  dynamics  simulations  were  conducted 
using  the  Verlet  algorithm  [26]  principally.  Tests 
using  the  fifth-order  Gear  predictor-corrector  method 
[27]  yielded  the  same  results  and  were  abandoned 
due  to  the  greater  computational  time.  Full  periodic 
boundary  conditions  were  used  in  all  directions.  The 
calculation  time  step  used  was  0.5  fs  as  determined 
by  previously  published  tests  [28].  The  fundamental 
phonon  vibration  of  the  system  was  approximately 
40  fs.  Except  when  otherwise  noted,  all  calculations 
were  conducted  under  an  isothermal  constraint  by 
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Fig.  1.  Comparison  of  the  total  real  space  correlation  function 

derived  from  neutron  diffraction  experiment  ( - )  and  the 

molecular  dynamics  simulation  using  the  two-body  Soules  poten¬ 
tial  function  ( - ). 


Distance,  Angstroms 

Fig.  2.  Comparison  of  the  total  real  space  correlation  function 

derived  from  neutron  diffraction  experiment  ( - )  and  the 

molecular  dynamics  simulation  using  the  three-body  Feuston- 
Garofalini  potential  function  ( - ). 


which  all  particle  velocities  were  scaled  to  maintain 
constant  temperature. 

The  cristobalite  phase  was  formed  at  low  tempera¬ 
ture,  then  heated  to  300  K  and  annealed  for  2  ps 


before  testing.  The  glass  phase  was  formed  by  two 
methods.  In  the  first,  the  glass  was  formed  from  a 
crystal  structure  heated  to  12000  K,  then  cooled  to 
room  temperature  at  0.5  K/fs,  then  annealed  at  room 


Number  of  tetrahedra 


Fig.  3.  Comparison  of  ring  size  distributions  for  vitreous  silica  derived  from  the  two-body  S-potential  function  and  the  FG-potential  function 
for  two  different  preparation  conditions.  ‘Melt’  signifies  that  the  glass  was  formed  from  a  crystal  structure  heated  to  12000  K,  then  cooled 
to  room  temperature  at  0.5  K/fs,  then  annealed  at  room  temperature  for  2ps.  ‘Random’  signifies  that  the  glass  was  formed  from  a  random 
lattice  at  12000  K,  then  cooled  as  for  ‘melt’. 
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Fig.  4.  Comparison  of  the  total  real  space  correlation  function 

derived  from  neutron  diffraction  experiment  ( - )  and  the 

molecular  dynamics  simulation  using  the  three-body  Vessal  poten¬ 
tial  function  ( - )  [20] 

temperature  for  2  ps.  In  the  second,  the  glass  was 
formed  from  a  random  lattice  at  12000  K,  then 
cooled  as  in  the  first  method. 

An  uniaxial  strain  was  applied  to  a  box  (40  X  20 
X  20  A)  along  the  long  direction,  by  appropriately 
scaling  the  particle  positions  along  that  axis.  There¬ 


fore,  the  strain  was  applied  uniformly  to  all  particles. 
Strain  rates  were  used  which  varied  from  the  speed 
of  sound  to  about  1/1000  the  sound  velocity. 


3.  Results 

3.1 .  Structural  studies 

The  structures  of  the  silica  glass  and  cristobalite 
samples  were  compared  using  the  S  and  FG  poten¬ 
tials.  In  general,  the  S  potential  gave  a  better  fit  of 
the  glass  total  correlation  function  and  a  less  stable 
crystal  than  did  the  FG  potential.  However,  there 
were  differences.  For  example,  the  FG  potential  gave 
a  narrower  fit  of  the  0-0  first  correlation  peak,  in 
better  agreement  with  data.  The  FG  function  exhib¬ 
ited  a  maximum  in  the  ring  size  distribution  at  six, 
while  the  S  function  had  a  five-membered  ring  maxi¬ 
mum.  There  were  no  other  differences  at  other  ring 
sizes.  The  S  function  had  a  greater  concentration  of 
over  and  under  coordinated  silica,  and  a  slightly 
broader  bond  angle  distribution.  Both  functions 


Fig.  5.  Stress-strain  curves  at  various  strain  rates  for  low  cristobalite  formed  using  the  two-body  S-potential  function. 
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showed  a  maximum  at  110°  for  the  O-Si-O  angles 
and  at  155°  for  the  Si-O-Si  angles.  The  S  function 
exhibited  the  correct  density  at  low  pressures  for 
both  the  glass  and  crystal,  while  the  FG  potential 
required  a  relatively  higher  pressure,  300  and  120 
kbars  for  the  crystal  and  glass,  respectively.  How¬ 
ever,  the  two-body  cristobalite  melted  at  10  000  K, 
while  the  three-body  cristobalite  melted  at  8000  K. 
The  fitted  total  correlation  functions  for  both  two- 
and  three-body  glasses  are  shown  in  Figs.  1  and  2. 
Ring  statistics  comparisons  are  shown  in  Fig.  3.  The 
fit  of  the  Vessal  simulation  is  shown  in  Fig.  4  for 
comparison. 

3.2.  Fracture  studies 

3.2.1.  Low  cristobalite 

Structures  of  low  cristobalite  were  strained  along 
the  (100)  axis  at  strain  rates  varying  from  0.05  to  5.0 
ps_1.  Both  isothermal  and  adiabatic  fracture  experi¬ 
ments  were  performed  in  order  to  better  understand 
the  thermodynamics  of  fracture.  Stress-strain  curves 


Fig.  7.  Stress-strain  curves  at  various  strain  rates  for  vitreous 
silica  formed  using  the  two-body  S-potential  function. 


for  cristobalite  are  shown  in  Fig.  5  for  the  S-potential 
simulation  and  in  Fig.  6  for  the  FG-potential  simula¬ 
tion.  The  curves  show  an  elastic  increase  in  stress  up 


Fig.  6.  Stress-strain  curves  at  various  strain  rates  for  low  cristobalite  formed  using  the  three-body  FG-potential  function. 
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to  a  maximum,  followed  by  an  abrupt  drop  to  zero  at 
low  strain  rates.  At  higher  strain  rates  (>  0.5/ps), 
the  curves  do  not  drop  to  zero  for  strains  of  ^  100%, 
indicating  that  the  sample  has  not  broken  into  sepa¬ 
rate  parts. 

3.2.2.  Vitreous  silica 

Stress-strain  curves  for  the  silica  glass  are  shown 
in  Fig.  7.  Here,  there  were  no  differences  between 
the  two  potentials  used.  The  curves  show  a  rapid 
drop  to  zero  stress  (complete  fracture)  at  strain  rates 
below  0.2 /ps.  The  drop  to  zero  stress  also  occurs  at 
higher  strain  rates,  but  it  takes  place  at  very  large 
strains  (>  100%). 


4.  Discussion 

4.1.  Structure  studies 

The  Soules  two-body  potential  yields  an  unex¬ 
pectedly  good  fit  of  the  real  space  correlation  func¬ 
tion  of  the  glass  phase  (Fig.  1).  The  tetrahedral 
structure  is  obtained  using  large  attractive  Si-0  and 
large  repulsive  0—0  and  Si— Si  forces  which  drasti¬ 
cally  constrain  any  radial  deviation  in  the  symmetric 
tetrahedral  structure.  However,  there  is  some  flexibil¬ 
ity  in  the  relative  positions  of  the  oxygens  at  the 
corners  of  the  tetrahedra.  This  is  evident  in  the  0-0 
correlation  peak  which  appears  broader  than  the 
experimental  data.  This  problem  is  partially  resolved 
by  the  FG  potential  which  uses  an  angular-dependent 
restoration  force  on  the  oxygen  ions  to  bring  them 
back  to  tetrahedral  symmetry.  In  both  simulations, 
the  Si-Si  correlation  peak  occurs  at  too  large  a 
distance.  This  result  is  consistent  with  an  Si-O-Si 
bond  angle  distribution  maximum  at  155°,  instead  of 
140-145°  as  in  Mozzi  and  Warren  [29].  The  higher 
order  correlation  peaks  are  reasonably  well  fitted  by 
the  two-body  potential,  probably  indicating  a  better 
truncation  scheme. 

Improvements  in  the  classical  force  functions  are 
still  useful  for  future  studies  in  which  engineering 
data  are  sought.  The  two  simulations  conducted  here 
yield  a  Young’s  modulus  about  twice  that  measured 
experimentally  so  there  is  still  room  for  improve¬ 
ments.  However,  one  of  the  great  utilities  of  molecu¬ 


lar  dynamics  studies  is  the  ability  to  examine  particle 
dynamics  in  an  ensemble,  and,  as  shown  below,  the 
remaining  differences  from  the  ideal  fit  of  the  corre¬ 
lation  function  do  not  have  a  severe  effect  on  the 
ability  of  the  simulations  to  provide  insight  into  the 
fracture  process. 

4.2.  Fracture  studies 

In  describing  the  stress-strain  relationships,  the 
point  of  failure  will  be  defined  as  the  point  where 
stress  reaches  a  maximum.  The  point  of  picture 
will  be  the  point  where  the  stress  drops  to  zero  after 
reaching  a  maximum.  Ordinarily,  in  brittle  fracture 
experiments,  these  are  close  to  each  other,  since  once 
failure  begins  the  material  breaks  catastrophically 
under  constant  applied  stress  as  the  strain  diverges. 
However,  since  these  experiments  are  conducted  at 
constant  strain  rate,  there  is  no  catastrophic  failure  as 
the  constant  strain  rate  condition  keeps  the  material 
together,  and  the  stress  decreases  past  failure.  The 
time  to  fracture  after  failure  can  be  used  to  calculate 
the  fracture  velocity. 

4.2.1.  Low  cristobalite 

The  change  in  modulus  observed  in  the  S  poten¬ 
tial  simulation  (Fig.  5)  at  about  20%  strain  corre¬ 
sponds  to  an  instability  of  the  crystal  structure.  The 
FG  potential  exhibits  a  more  regular  behavior  for  the 
elastic  modulus;  however,  the  stress  begins  at  a  large 
negative  value  because  of  the  large  pressure  needed 
to  achieve  the  desired  cristobalite  density.  The  fail¬ 
ure/fracture  process  appears  similar  for  both  simula¬ 
tions,  although  the  FG  sample  shows  a  small  in¬ 
crease  in  maximum  strength.  This  appears  to  be  a 
result  of  the  symmetry  of  the  crystal  and  the  period¬ 
icity  of  the  simulation,  by  which  the  material  must 
have  all  its  bonds  broken  before  separation  takes 
place.  At  the  lower  strain  rates,  thermal  motions 
allow  the  alignment  of  the  failure  fronts  so  that  they 
may  reach  across  the  box. 

The  S-potential  simulation  shows  a  strain-rate 
independent  failure  at  85  GPa.  This  greater  value 
than  the  FG  potential  simulation  is  due  to  the  combi¬ 
nation  of  two  factors:  (1)  the  crystal  fails  by  break¬ 
ing  Si-O  bonds,  and  (2)  the  Si-0  bond  strength  is 
greater  in  the  S-potential  simulation.  The  strain-rate 
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independence  of  the  maximum  stress  in  the  S-poten- 
tial  simulation  seems  to  be  associated  with  the  trans¬ 
formation  occurring  at  20%  strain.  Examination  of 
the  crystal  structure  reveals  the  formation  of  twin¬ 
ning  defects.  These  defects  provide  the  structural 
instability  which  leads  to  failure.  By  contrast,  the  FG 
system  retains  its  symmetry  and  therefore  has  no 
weak  link,  thus  exhibiting  a  maximum  failure  stress 
which  increases  with  strain  rate. 

An  analysis  of  the  partition  of  energy  between 
elastic  and  thermal  components  shows  the  elastic 
energy  of  the  crystal  increasing  steadily  until  failure, 
while  the  thermal  energy  during  the  adiabatic  runs 
remains  low  until  failure  where  it  climbs  abruptly. 
Surface  melting  is  observed  in  all  crystals. 

4.2.2 .  Vitreous  silica 

An  examination  of  the  behavior  of  the  S-potential 
simulation  reveals  that  the  low  strain  rate  samples 
exhibit  a  strain-rate  independent  maximum  failure 
stress.  At  high  strain  rates,  the  failure  stress  increases 
drastically.  In  agreement  with  previous  studies  [30], 
the  lower  failure  stress  at  low  strain  rates  corre¬ 
sponds  to  a  compliance  of  the  system  provided  by 
the  thermal  vibrations,  through  which  voids  may 
coalesce  to  relieve  the  stress  developed.  In  physical 
terms,  one  can  imagine  a  process  whereby,  at  low 
strain  rates,  the  uniformly  applied  strain  flows 
through  regions  of  high  density  to  regions  of  lower 
density  through  the  thermal  motions  of  the  atoms. 
The  details  of  these  motions  have  been  described 
previously  [30].  At  the  higher  strain  rates,  the  in¬ 
crease  in  maximum  stress  corresponds  to  failure 
without  any  appreciable  yield  and  should  approach 
the  theoretical  strength  of  the  material  as  discussed 
in  the  introduction.  In  fact,  because  of  the  higher 
modulus  of  the  simulated  glass,  the  fracture  strengths 
are  larger  than  those  of  silica  glass  by  the  same  ratio. 

Fracture  velocities  calculated  by  dividing  the 
cross-sectional  dimension  of  the  cell  by  the  time 
interval  between  onset  of  failure  and  fracture,  are 
found  to  be  about  40%  of  the  phonon  velocity. 

Surface  melting  is  also  observed  in  these  systems, 
and  the  thermal  energy  differs  from  the  crystal  by 
increasing  gradually  during  the  straining  period.  This 
indicates  that  bonds  are  being  broken  gradually  in 
the  yield  region  before  failure  occurs,  and  the  frac¬ 
ture  event  is  not  as  abrupt  as  in  the  crystal. 


4.2.3.  Surface  behavior 

Surface  reconstruction  has  been  discussed  previ¬ 
ously  and  an  oxygen  surface  layer  is  observed  in 
these  studies  for  both  the  crystal  and  the  glass,  as 
predicted  by  our  previous  studies  [31].  The  surfaces 
are  rough  and  exhibit  a  fractal  character  (to  be 
described  elsewhere).  In  the  glass,  the  surface  rough¬ 
ness  appears  to  vary  with  strain  rate.  At  higher  strain 
rates,  the  surface  appears  much  rougher  than  at  low 
strain  rates. 


5.  Conclusions 

Simulations  of  the  structure  of  silica  glass  and 
cristobalite  were  conducted  using  a  two-body 
Coulomb  potential  and  a  two-body/three-body  po¬ 
tential.  Both  demonstrated  reasonably  representative 
structures  for  silica  glass.  Fracture  studies  revealed 
major  differences  between  glass  and  crystalline 
forms.  The  crystalline  forms  exhibited  a  larger  maxi¬ 
mum  strength  than  the  glass  structure,  by  more  than 
a  factor  of  three.  An  analysis  of  void  volumes  in  the 
crystal  and  glass  phases  showed  that  the  glass  has 
voids  with  radii  as  large  as  4.5  A  while  the  largest 
crystalline  void  has  a  2.5  A  diameter.  If  the  initial 
diameter  of  the  internal  voids  controlled  the  mate¬ 
rial’s  strength  according  to  Griffith’s  equation,  then 
the  ratio  of  void  radii  necessary  to  produce  a  strength 
ratio  of  3  would  have  to  be  9.  This  ratio  is  not 
observed.  The  failure  of  the  glass  appears  to  come 
from  a  gradual  growth  and  coalescence  of  large 
voids  during  the  strain  application  due  to  the  atomic 
motions  of  thermal  vibrations.  This  rearrangement  of 
void  space  during  strain  build-up  seems  to  occur  by 
the  rejection  of  strain  from  the  high  density  regions 
of  the  glass  and  passage  to  the  low  density  regions. 
This  void  volume  coalescence  in  the  glass  explains 
the  lower  than  expected  strength  of  the  glass  phase. 
Surface  melting  and  reconstruction  are  observed  in 
the  crystalline  and  glass  phases.  The  reconstructed 
surfaces  are  rough  and  have  a  fractal  character. 

Further  studies  include  tests  of  better  potential 
functions,  and  a  fractal  analysis  of  the  reconstructed 
surfaces.  Recently  submitted  results  [32]  indicate  that 
the  fracture  process  in  the  glass  is  fully  chaotic, 
therefore  a  study  of  its  implications  to  fracture  deter- 
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minism  and  the  statistical  nature  of  brittle  failure  is 
in  order. 
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Abstract 

Inelastic  neutron  scattering,  Raman  scattering  and  model  calculations  play  complementary  roles  in  the  understanding  of 
the  vibrational  modes  of  amorphous  solids.  These  roles  are  illustrated  by  new  and  recent  results  for  vitreous  B203  from  both 
inelastic  neutron  scattering  and  modelling.  The  well  known  boroxol  ring  breathing  mode  is  clearly  observed  in  the  neutron 
data  which  show  the  mode  to  be  enhanced  in  the  Raman  HV  and  HH  spectra  by  factors  estimated  at  6.3  and  40,  respectively. 
The  observed  width  of  the  mode  (FWHM  1.7  meV)  is  comparable  with  the  resolution  of  the  measurement  (1.6  meV).  This 
width  could  not  be  fully  reconciled  with  Raman  results.  Full  details  are  given  of  modelling  studies  of  the  vibrational  density 
of  states  of  ball-and-stick  models  which  take  into  account  non-central  forces.  In  these  studies,  indirect  methods  have  been 
developed  for  probing  the  nature  of  the  calculated  modes  by  considering  the  study  of  the  effects  of  force  constant  variation 
and  of  isotopic  substitution. 


1.  Introduction 

Inelastic  neutron  scattering,  Raman  scattering  and 
model  calculations  play  complementary  roles  in  the 
understanding  of  the  vibrational  modes  of  amor¬ 
phous  solids.  The  effective  vibrational  density  of 
states  (VDOS)  measured  by  inelastic  neutron  scatter¬ 
ing  is  more  closely  related  to  the  true  VDOS  than 
that  given  by  any  other  form  of  vibrational  spec¬ 
troscopy.  Also  inelastic  neutron  scattering  provides 
reciprocal  space  (i.e.,  Q-dependent)  information 
which  relates  to  the  atomic  displacements  for  the 
vibrational  modes.  The  spectra  measured  by  Raman 
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scattering  suffer  from  matrix  element  enhancement 
of  vibrational  modes,  making  them  less  reliable  as  a 
means  of  measuring  the  relative  importance  of  dif¬ 
ferent  features  in  the  VDOS.  However,  this  enhance¬ 
ment  of  modes  makes  Raman  scattering  a  very  sensi¬ 
tive  probe  for  detecting  regular  structures  such  as 
planar  rings  in  glasses.  In  addition,  Raman  scattering 
can  provide  a  great  deal  of  information  on  the  nature 
of  vibrational  modes  by  means  of  either  isotopic 
substitution  studies  or  temperature-dependent  stud¬ 
ies.  However,  a  full  understanding  of  the  experimen¬ 
tal  results  from  inelastic  neutron  scattering  and  Ra¬ 
man  scattering  can  only  be  achieved  in  conjunction 
with  model  calculations.  Recent  and  new  work  on 
the  vibrations  of  vitreous  B203  (v-B203)  are  pre¬ 
sented  here  to  illustrate  the  complementary  roles 
played  by  inelastic  neutron  scattering,  Raman  scatter- 
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ing  and  model  calculations  in  an  understanding  of 
the  atomic  vibrations  of  an  amorphous  material. 

The  vibrational  modes  of  v-B203  have  received  a 
great  deal  of  attention  due  to  the  numerous  features 
in  the  Raman  spectra  of  this  material,  the  most 
prominent  of  which  is  an  extremely  intense,  narrow 
and  highly  polarised  peak  at  808  cm  1  [1].  The 
structure  of  v-B203  is  generally  thought  to  involve  a 
continuous  random  network  (CRN)  formed  by 
comer-sharing  between  triangular  B03  structural 
units  [2,3],  but  in  order  to  explain  the  Raman  spectra 
it  has  been  proposed  that  the  structure  involves  a 
high  concentration  of  a  larger  superstructural  unit 
known  as  a  boroxol  group  [4].  The  B306  boroxol 
group  is  composed  of  three  corner-sharing  B03  tri¬ 
angles  which  form  a  very  highly  planar  ring  and  the 
808  cm-1  peak  has  been  assigned  to  the  breathing 
mode  of  the  B303  boroxol  ring,  as  shown  in  Fig.  1. 
This  assignment  has  been  confirmed  by  elegant  Ra¬ 
man  isotopic  substitution  experiments  [5-7].  There 
is,  however,  still  considerable  controversy  [8]  sur¬ 
rounding  the  boroxol  model  due,  first,  to  the  failure 
of  molecular  dynamics  calculations  to  predict  the 
presence  of  boroxol  groups.  Second  there  have  been 
suggestions  that  the  boroxol  group  is  actually  a 
structural  feature  of  insignificant  occurrence,  but  that 
the  boroxol  ring  breathing  mode  is  grossly  enhanced 
in  the  Raman  spectra. 


iSS 


Boroxol  group  showing  the 
boroxol  ring  breathing  modefS’S',) 

Fig.  1.  The  triangular  B03  basic  structural  unit  of  the  continuous 
random  network  used  to  describe  the  structure  of  v-B203,  to¬ 
gether  with  the  B306  boroxol  group  showing  the  motion  (dashed 
arrows,  SS)  involved  in  the  boroxol  ring  breathing  mode. 


2.  Experimental  details  and  results 

An  inelastic  neutron  scattering  experiment  was 
performed  on  v-B203  using  the  direct  geometry 
HET  spectrometer  at  the  ISIS  pulsed  neutron  source 
at  the  Rutherford  Appleton  Laboratory.  The  boron  in 
the  sample  was  enriched  to  99.57%  11 B  in  order  to 
minimise  the  absorption  of  neutrons  by  B.  An 
incident  neutron  energy  of  EQ  =  130  meV  was  used 
so  as  to  optimise  the  resolution  at  the  energy  of  the 
boroxol  ring  breathing  mode  100.2  meV  (1  meV  = 
8.06614  cm-1).  Fig.  2  shows  a  calculation  of  the 
resolution  for  the  measurement,  full  details  of  which 
are  given  in  Ref.  [8].  The  sample  temperature  was 
maintained  at  15  K  in  order  to  minimise  multi¬ 
phonon  scattering. 

Fig.  3  shows  the  inelastic  neutron  scattering  mea¬ 
surement  of  the  VDOS  of  v-B203  in  the  region  of 


Fig.  2.  The  calculated  resolution  (FWHM)  of  the  HET  spectrome¬ 
ter  for  an  incident  energy,  E0,  of  130  meV. 
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Fig.  3.  The  VDOS  of  vitreous  v-B203  (after  the  multiple  scattering  correction)  in  the  region  of  the  boroxol  ring  breathing  mode  as  measured 
by  inelastic  neutron  scattering.  The  continuous  line  indicates  the  fit  described  in  the  text  while  the  vertical  arrow  indicates  the  energy  at 
which  the  boroxol  ring  breathing  mode  is  observed  in  the  Raman  spectra.  The  peak  numbering  system  corresponds  to  that  used  by  Galeener 
and  Thorpe  [12]. 


Fig.  4.  The  Raman  spectra  of  v-B203  [1],  without  removal  of  the  exciting  line.  The  dashed  lines  show  the  fits  described  in  the  text,  and  the 
peak  numbering  system  is  that  used  by  Galeener  and  Thorpe  [12], 
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the  boroxol  ring  breathing  mode.  The  detectors  on 
the  HET  spectrometer  are  all  at  relatively  low  scat¬ 
tering  angle  (10.4-29.6°)  and  hence  there  was  a 
large  proportion  of  multiple  scattering.  The  data 
shown  in  Fig.  3  have  been  corrected  for  multiple 
scattering  using  a  simple  fitting  approach,  the  details 
of  which  are  given  in  Ref.  [8]. 


3.  Discussion 

3.1.  The  width  of  the  boroxol  ring  breathing  mode 
peak 

The  measured  VDOS  of  v-B203  has  a  relatively 
broad  band  of  modes  at  approximately  82  meV  and 
two  narrower  peaks  at  approximately  90  and  100 
meV.  Clearly  the  100  meV  peak  can  be  identified 
with  the  808  cm-1  Raman  peak  which  is  due  to  the 
breathing  mode  of  the  boroxol  ring.  The  experimen¬ 
tal  results  were  fitted  in  the  region  of  the  boroxol 
ring  breathing  mode  by  a  Gaussian  plus  linear  back¬ 
ground,  giving  the  results  shown  in  Table  1.  The 
calculated  experimental  energy  resolution  at  the  en¬ 
ergy  of  the  boroxol  ring  breathing  mode  is  1.63 
meV,  and  this  is  strikingly  similar  to  the  fitted  width 
of  the  Gaussian,  1.74  +  0.18  meV.  Clearly  the  true 
width  of  the  peak  in  the  VDOS  due  to  the  boroxol 
ring  breathing  mode  is  small  compared  with  the 
experimental  resolution.  The  narrowness  of  this  peak 
is  evidence  of  the  high  degree  of  planarity  of  the 
boroxol  groups  in  v-B203. 

Fig.  4  shows  the  Raman  HV  and  HH  spectra  for 
v-B203  at  room  temperature  1  together  with  fits  to 
the  boroxol  ring  breathing  mode  which  were  per¬ 
formed  in  the  same  way  as  for  the  neutron  data. 
While  the  Gaussian  does  not  fit  the  tails  of  the 
Raman  peaks  well,  it  is  a  satisfactory  fit  for  the 
present  purpose  of  providing  widths,  positions  and 
areas  which  may  be  compared  directly  with  those  for 
the  inelastic  neutron  scattering  result.  (In  fact  the 
original  paper  [1]  describing  these  Raman  data  re¬ 
ports  the  width  of  the  boroxol  ring  breathing  mode  to 


1  The  data  shown  here  are  those  of  Galeener  et  al.  [1]  without 
removal  of  the  exciting  line  since  unfortunately  this  is  the  only 
form  in  which  these  data  are  now  available. 


Table  1 

The  results  from  fitting  the  boroxol  ring  breathing  mode  peak 


Gaussian 
position  (meV) 

Gaussian 
FWHM  (meV) 

Scaled  Gaus¬ 
sian  area 

Neutron  (HET) 

100.38  +  0.04 

1.74  +  0.18 

0.971 

Raman  HV 

100.22  +  0.01 

2.18  +  0.04 

6.1 

Raman  HH 

100.06  +  0.01 

2.22  +  0.04 

38.7 

Random  model 

100.37  +  0.07 

2.03  +  0.15 

1.03 

Alternate  model 

100.59  +  0.16 

1.89  +  0.33 

1.17 

be  ~  15  cm"1  (~  1.9  meV)  which  is  consistent  with 
the  widths  in  Table  1.'  In  this  particular  case,  the 
width  of  the  peak  observed  by  inelastic  neutron 
scattering  is  actually  narrower  than  the  widths  of  the 
Raman  peaks.  The  spectral  slit  width  for  the  Raman 
data  shown  here  was  reported  to  be  less  than  5 
cm"1,  and  hence  the  Raman  peak  widths  in  Table  2 
do  not  arise  mainly  from  resolution.  This  is  to  be 
contrasted  with  the  observation  that  the  neutron  peak 
width  is  due  mostly  to  resolution.  In  part  this  differ¬ 
ence  in  observed  peak  width  may  be  explained  by 
the  effect  of  temperature.  Ramos  et  al.  [9]  have 
found  that  the  Raman  FWHM  changes  approxi¬ 
mately  from  10  cm"1  at  4.2  K  to  13  cm  1  at  room 
temperature  (the  spectral  slit  width  was  less  than  2 
cm"1),  and  a  change  in  the  distribution  of  dihedral 
angles  with  temperature  was  suggested  on  the  basis 
of  their  results.  Walrafen  et  al.  [10]  have  also  shown 
that  the  FWHM  of  the  Raman  peak  at  808  cm-1 
increases  as  the  temperature  is  increased,  with  simi¬ 
lar  numerical  values  to  Ramos  et  al.  However,  this 
temperature  effect  is  not  able  to  fully  explain  the 
discrepancy  between  the  neutron  and  Raman  peak 
widths;  the  Raman  low  temperature  data  indicate  a 
natural  width  of  approximately  1.2  meV,  whereas  the 
neutron  result  (which  was  measured  with  a  sample 
temperature  of  15  K)  indicates  a  natural  width  which, 
on  the  assumption  that  widths  add  in  quadrature, 
may  be  estimated  to  be  in  the  region  of  0.6  meV.  It 


Table  2 

The  ball-and-stick  models  used  for  the  calculations 


Model 

Number  of  atoms 

Relaxed 

Ref. 

No  boroxol  rings 

1344 

No 

[20,21] 

Random 

1262 

Yes 

[22] 

Alternate 

1249 

No 

[22] 

82 
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may  be  suggested  [8]  that  this  discrepancy  arises 
from  one  of  the  differences  between  the  nature  of 
these  two  experimental  techniques.  First,  inelastic 
neutron  scattering  involves  finite  values  of  momen¬ 
tum  transfer,  Q ,  whereas  Raman  scattering  is  a 
zone-centre  technique  ( Q  =  0).  Second,  Raman  scat¬ 
tering  involves  a  matrix  element  enhancement  effect 
which  does  not  occur  for  inelastic  neutron  scattering. 
Third  inelastic  neutron  scattering  experiments  tend  to 
take  a  much  longer  time  than  Raman  experiments, 
leading  to  the  possibility  that  the  difference  in  peak 
widths  could  be  due  to  a  relaxation  effect. 

In  the  past,  inelastic  neutron  scattering  has  suf¬ 
fered  from  having  a  poor  energy  resolution  by  com¬ 
parison  with  that  of  Raman  scattering.  However,  the 
present  results  show  that,  with  the  advent  of  modern 
pulsed  neutron  source  spectrometers,  this  is  no  longer 
the  case. 

3.2.  The  area  of  the  boroxol  ring  breathing  mode 
peak 

A  comparison  of  the  Raman  spectra  with  the 
neutron  VDOS  shows  that  the  boroxol  ring  breathing 
mode  is  greatly  enhanced  in  both  Raman  spectra. 
However,  the  relative  magnitudes  of  the  82  and  90 
meV  peaks  seem  to  be  similar  for  the  Raman  spectra 
and  for  the  neutron  VDOS.  Hence  the  final  column 
of  Table  1  gives  the  area  of  the  fitted  Gaussian 
divided  by  the  height  of  the  82  meV  peak  in  order  to 
give  some  measure  of  the  boroxol  ring  breathing 
mode  enhancement.  (The  82  meV  peak  seems  to  be 
relatively  broad  in  comparison  with  the  experimental 
resolution  so  that  its  height  should  not  be  so  sensi¬ 
tive  to  the  effects  of  resolution.)  The  scaled  Gaussian 
area  indicates  that  the  boroxol  ring  breathing  mode  is 
enhanced  by  factors  of  approximately  6.3  in  the  HV 
Raman  spectrum  and  40  in  the  HH  Raman  spectrum. 
A  comparison  of  the  neutron  and  Raman  data  indi¬ 
cates  that  the  Raman  peaks  at  62.2  meV  (502  cm-1) 
and  74.6  meV  (602  cm-1)  are  also  enhanced. 
Galeener  et  al.  [11]  have  previously  compared  the 
neutron,  Raman  and  infrared  spectra  for  tetrahedral 
amorphous  systems  (Si02,  Ge02,  BeF2)  and  made 
the  observation  that  the  Raman  HV  spectrum  mimics 
the  VDOS  while  the  HH  spectrum  is  dominated  by 
matrix  element  effects.  In  the  case  of  v-B203,  it 
appears  that  matrix  element  effects  have  an  influence 


on  both  Raman  spectra,  but  that  the  effect  is  smaller 
for  the  HV  spectrum. 


4.  Model  calculations  of  the  vibrational  density  of 
states  of  v-B203 

4.1.  Introduction  and  theory 

Galeener  and  Thorpe  [12]  have  previously  per¬ 
formed  calculations  of  the  VDOS  of  v-B203  by 
application  of  Sen  and  Thorpe’s  [13]  central  force 
analysis.  This  method  involves  a  calculation  of  the 
band  edges  of  the  VDOS  as  a  function  of  bridging 
oxygen  bond  angle.  It  was  found  that  a  network  of 
triangles  gave  a  general  form  to  the  VDOS  which 
was  much  less  structured  than  the  Raman  spectra  and 
could  not  reasonably  reproduce  a  symmetric  mode  at 
808  cm  “ 1 .  A  network  of  boroxol  groups  gave  a 
VDOS  which  was  much  more  structured  and  similar 
to  the  Raman  spectra;  in  particular,  it  exhibited  an 
energy  gap  similar  to  that  observed  in  the  experimen¬ 
tal  data  with  a  delta-function  at  the  low-energy  edge 
of  the  gap  similar  to  the  808  cm'1  Raman  line. 
Thence  it  was  concluded  that  the  boroxol  network 
showed  better  agreement  with  the  experimental  data 
than  did  the  network  of  independent  B03  triangles. 
The  discrepancies  which  remained  were  ascribed  to 
the  need  to  include  non-central  forces  in  the  calcula¬ 
tion.  The  purpose  of  the  study  reported  here  was  thus 
to  perform  calculations  of  the  VDOS  for  v-B203 
using  a  force  model  which  includes  non-central 
forces.  However,  the  Sen  and  Thorpe  analysis  is 
applicable  only  when  the  force  model  contains  only 
central  forces,  and  for  this  reason  the  present  calcula¬ 
tions  used  the  approach  pioneered  by  Bell  and  Dean 
[14]  whereby  the  VDOS  is  calculated  numerically  for 
a  large  ball-and-stick  model  of  the  structure.  In  fact 
such  calculations  were  first  called  for  by  Galeener  et 
al.  [1]  as  a  consequence  of  their  original  Raman 
study  of  v-B203. 

The  theory  of  network  dynamics  is  presented  here 
in  a  form  involving  ‘sub-matrices’  and  ‘dyads’,  which 
is  particularly  suited  to  the  formulation  of  the  calcu¬ 
lations  discussed  below.  To  the  authors’  knowledge, 
this  formulation  of  the  theory  of  network  dynamics 
has  not  been  presented  in  the  literature  before.  The 
aim  of  the  calculations  is  to  obtain  the  VDOS  of  an 
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assembly  of  atoms,  assuming  only  harmonic  forces 
between  atoms.  It  can  be  shown  that  in  the  harmonic 
approximation  it  is  possible  to  derive  the  eigenvalues 
of  the  system  purely  by  considering  the  classical 
problem  [15],  in  which  case  the  VDOS  is  the  nor¬ 
malised  distribution  of  the  frequencies  cos7  where  a)2 
are  the  eigenvalues  of  the  dynamical  matrix,  W 
(W  y  =  o)2sy). 

Let  the  fth  atom  suffer  a  small  displacement  ut, 
from  its  equilibrium  position.  The  contribution  to  the 
force  on  atom  i  due  to  the  displacement  of  atom  j 
may  then  be  written  in  the  form  —  ]Jm^rnj\Nijui 
where  the  3  X  3  sub-matrices,  W/;,  are  the  elements 
of  the  dynamical  matrix.  For  the  calculations  dis¬ 
cussed  below,  a  Born  force  was  assumed  to  act 
between  atoms.  This  force  has  two  components,  one 
parallel  to  the  bond  (the  central  force)  and  one 
perpendicular  to  the  bond  (the  non-central  force).  It 
was  assumed  that  there  is  only  one  bond  type  (and 
hence  only  one  set  of  force  constants)  and  that  only 
forces  between  bonded  atoms  are  significant.  In  this 
case  the  elements  of  the  dynamical  matrix  are 

W„  =  —  E  [(Ac-A”‘)44  +  Anci]  (1) 

mi  jj*i 

and 


where  I  is  a  unit  matrix,  dij  is  the  unit  bond  vector 
from  atom  i  to  atom  j,  and  Ac  and  Anc  are  central 
and  non-central  force  constants  respectively.  The 
/-summation  is  over  all  atoms  in  the  sample  bonded 
to  atom  i,  and  the  symbol  ab  is  known  as  a  dyad 

[16]  and  is  used  to  represent  the  matrix  which  is  the 
outer  product  of  the  two  vectors  a  and  b. 

The  Born  force  represents  a  very  simplistic  force 
model  because  it  does  not  contain  a  true  bond-bend¬ 
ing  force,  and  it  is  not  theoretically  correct  since  it  is 
not  rotationally  invariant.  However,  it  has  previously 
been  found  in  calculations  for  amorphous  Si  and  Ge 

[17]  and  for  Si02  [18]  that  in  most  respects  it  is  an 
excellent  approximation  to  a  more  realistic  force 
model  [19],  and  thus  the  Born  force  was  used  in  the 
work  discussed  here.  It  is  of  course  possible  that  the 
rather  unique  structure  of  v-B203  requires  a  more 
sophisticated  force  model  constructed  to  constrain 


the  bond  and  torsion  angles  in  the  boroxol  group,  but 
even  if  that  should  prove  to  be  the  case  it  is  still 
worthwhile  to  present  the  approaches  to  the  problem 
which  have  been  developed  for  the  case  of  the  Born 
force. 

4.2.  Calculation  method 

Calculations  of  the  VDOS  were  performed  for 
three  different  ball-and-stick  models  of  the  structure 
of  v-B203,  as  given  in  Table  2.  Each  of  the  three 
models  is  a  CRN  of  B03  triangles,  but  the  ‘no 
boroxol  rings’  model  contains  no  boroxol  groups 
while  the  other  two  models  have  75%  of  boron 
atoms  in  boroxol  groups.  In  the  ‘random’  model,  the 
two  types  of  structural  unit  (independent  B03  trian¬ 
gles  and  boroxol  groups)  are  arranged  at  random, 
whereas  in  the  ‘alternate’  model  there  is  an  alternat¬ 
ing  arrangement  of  units.  Modelling  studies  [20] 
favoured  the  structure  of  the  random  model.  (For 
further  discussion  of  the  structures  of  these  models, 
see  Ref.  [8]  and  references  contained  therein.)  The 
number  of  surface  atoms  is  very  small  for  these 
models  due  to  their  large  size  and  relatively  low 
connectivity.  For  example  the  random  model  has  24 
non-bridging  oxygens  which  represents  only  1.9%  of 
the  atoms  in  the  model.  This  is  to  be  contrasted  with 
the  case  of  the  original  Bell  and  Dean  [14]  model  of 
Si02  for  which  19%  of  the  atoms  were  non-bridging 
oxygens.  Thus  the  effect  of  the  surface  was  not 
considered. 

The  VDOS  of  each  model  was  calculated  by  use 
of  the  Sparspak  package  of  Fortran  subroutines  [23], 
after  adaptation  to  implement  the  negative  eigen¬ 
value  theorem  of  Dean  and  Martin  [24].  For  these 
calculations  it  was  found  to  be  convenient  to  de¬ 
scribe  the  force  model  in  terms  of  a  central  force 
constant,  Ac,  and  a  force  constant  ratio,  r  =  Anc/Ac. 
Since  vibrational  frequencies  scale  as  ■yj'k/m  for 
harmonic  forces,  the  calculations  were  performed  as 
a  function  of  a  dimensionless  ‘normal’  frequency 
a)'  =  ( amu(kg)/A(N/m))1/Vrad/s).  This  enables 
the  calculations  to  be  performed  with  atomic  masses 
in  atomic  mass  units  (amu)  and  with  the  central  force 
constant,  Ac,  set  to  one.  The  calculated  VDOS  may 
subsequently  be  put  on  an  energy  axis  according  to 
£(meV)=  16.1526/A c(N/m)  a)',  where  the  value 
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of  Ac  is  chosen  to  give  agreement  with  experimental 
data.  This  is  similar  to  the  situation  for  lattice  dy¬ 
namics  where  force  constants  are  selected  to  give 
agreement  with  inelastic  neutron  scattering  measure¬ 
ments  of  dispersion  curves. 


4.3.  Optimisation  of  the  calculated  VDOS  by  com¬ 
parison  with  the  Raman  spectra 

In  a  calculation  of  the  type  reported  here,  a  direct 
identification  of  the  nature  of  the  modes  in  a  particu- 


Normal  Frequency  a>’ 

Fig.  5.  The  VDOS  calculated  for  the  random  model  for  r  =  0.2  (top;  with  the  fit  described  in  the  text  shown  as  a  continuous  line)  and  for 
r  =  0.0  (bottom),  together  with  the  /-dependence  of  the  features  of  the  VDOS. 
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lar  peak  of  the  VDOS  cannot  be  made  since  only 
eigenvalues  have  been  calculated  and  not  eigenvec¬ 
tors.  Hence  two  new  calculational  techniques  were 
developed  to  enable  information  about  the  atomic 
motions  associated  with  the  modes  to  be  inferred. 
The  first  of  these  techniques  involves  a  study  of  the 
effect  of  the  force  constant  ratio,  r,  while  the  second 
technique  involves  a  simulation  of  Raman  isotopic 
substitution  data. 

Fig.  5  shows  the  VDOS  of  the  random  model 
calculated  for  force  constant  ratios  r  =  0.0  (i.e.  a 
central  forces  only  calculation)  and  r  =  0.2,  together 
with  the  r-dependence  of  the  features  of  the  VDOS. 
The  r  =  0.0  result  shows  great  similarity  to  the 
central  force  result  obtained  by  Galeener  and  Thorpe 
[12]  for  a  CRN  of  boroxol  groups.  The  correct  value 
of  r  is  not  known,  of  course,  but  a  value  of  order  0.2 
is  conventionally  thought  to  be  reasonable.  For  r  = 
0.2,  the  general  form  of  the  calculated  VDOS  may 
be  described  as  two  bands  of  modes  followed  by  an 
energy  gap  and  then  a  further  band  of  modes,  and 
this  is  the  characteristic  form  for  the  VDOS  of  a 
CRN  of  B03  triangles  [25-27]. 

For  reasonable  values  of  r  (of  order  0.2),  the 
random  model  VDOS  has  a  peak  (6)  at  the  lower 
edge  of  the  energy  gap.  This  is  where  the  boroxol 
ring  breathing  mode  is  found  experimentally,  and 
hence  the  peak  6  is  a  likely  candidate  to  be  identified 
as  the  boroxol  ring  breathing  mode.  In  fact  the  only 
other  candidate  below  the  energy  gap  is  peak  3.  The 


Table  3 

The  isotopic  substitution  peak  shift  data  for  the  calculated  VDOS 
of  the  random  model 


Fea¬ 

ture 

0)' 

(natural) 

1 0  B  -»  1 1 B  substitution 

18  -»  lfiO  substitution 

«'(10B) 

A  &>B  / 
o/(10B) 

<»'(,sO) 

A  (o'Q  /  co' 
(natural) 

0 

0.0458 

0.0474 

-0.033 

0.0458 

0 

1 

0.1420 

0.1420 

0 

0.1373 

-0.033 

2 

0.1623 

0.1623 

0 

0.1521 

-0.063 

3 

0.2217 

0.2217 

0 

0.2069 

-0.067 

4 

0.2522 

0.2624 

-0.039 

0.2522 

0 

5 

0.2773 

0.2874 

-0.035 

0.2718 

-0.020 

6 

0.3070 

0.3070 

0 

- 

- 

a 

0.4321 

0.4524 

-0.045 

0.4321 

0 

b 

0.4524 

0.4673 

-0.032 

0.4470 

-0.012 

c 

0.4618 

0.4775 

-0.033 

0.4571 

-0.010 

d 

0.4923 

0.5072 

-0.029 

0.4822 

-0.021 

e 

0.5072 

0.5267 

-0.037 

0.4970 

-0.020 

reason  for  this  is  that  for  the  boroxol  ring  breathing 
mode  the  oxygen  displacements  have  a  non-zero 
component  along  the  B-0  bonds  and  consequently 
this  mode  must  occur  at  finite  frequency  for  a  (r  = 
0.0)  central  forces  only  calculation.  However,  peak  3 
is  a  much  less  promising  candidate  since  it  is  not 
possible  to  adjust  r  so  that  the  VDOS  has  an  energy 
gap  with  peak  3  at  the  lower  edge  of  the  gap. 

Fig.  6  shows  the  effect  of  isotopic  substitution 
(i.e.,  either  the  substitution  of  10  B  for  11 B  or  of  18 O 
for  160)  on  the  VDOS  calculated  for  the  random 
model  using  a  value  r  —  0.2.  The  shifts  for  the  peaks 
of  the  VDOS  are  quantified  in  Table  3,  where  the 
following  definitions  have  been  used: 

Acd'b  =  (o'  (natural)  —  g/(10B)  (3) 

and 

AcUq  =  w'(180)  -  o)'( natural),  (4) 

where  co(natural),  cu(10B)  and  w(180)  are  the  fre¬ 
quencies  at  which  the  mode  occurs  for  nB2603, 
1  Bj603  and  11 B^^  respectively.  The  experimental 
Raman  isotopic  substitution  data  have  been  very 
important  in  confirming  the  identification  of  the  808 
cm-1  Raman  peak  with  the  breathing  mode  of  the 
boroxol  ring,  and  Table  4  contains  the  experimental 
Raman  isotopic  substitution  peak  shifts  given  by 
Galeener  and  Thorpe  [12].  An  important  property  of 
the  boroxol  ring  breathing  mode  is  that  it  involves 
only  oxygen  motion  so  that  Aa/B  =  0  and  Tables  3 
and  4  show  this  to  be  the  case  for  the  calculated  peak 
6,  as  well  as  for  the  experimentally  observed  peak, 

Table  4 


The  fractional  Raman  isotopic  substitution  peak  shifts  given  by 
Galeener  and  Thorpe  [12] 

Feature 

Energy 

(cm-1) 

Energy 

(meV) 

Awb/ 

w(10B) 

Aw0/ 

(o'  (natural) 

1 

470 

58.3 

-0.002 

-0.053 

2 

502 

62.2 

-0.004 

-0.056 

3 

602 

74.6 

-0.005 

-0.058 

4 

660 

81.8 

-0.029 

-0.006 

5 

732 

90.7 

-0.031 

- 

6 

809 

100.3 

0 

-0.059 

7 

1212 

150.3 

-0.022 

-0.026 

8 

1261 

156.3 

-0.020 

-0.020 

9 

1327 

164.5 

-0.032 

-0.007 

10 

1467 

181.9 

-0.030 

-0.010 

11 

1510 

187.2 

-0.029 

- 
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Fig.  6.  The  effect  of  isotopic  substitution  on  the  VDOS  calculated 
for  the  random  model. 


supporting  the  identification  of  peak  6  as  the  boroxol 
ring  breathing  mode. 

A  comparison  of  the  fractional  isotopic  substitu¬ 
tion  peak  shifts  in  Tables  3  and  4  supports  an 
identification  of  the  peaks  1-6  of  the  random  model 
VDOS  with  the  Raman  peaks  1-6  (the  peak  number¬ 
ing  scheme  used  for  the  calculated  VDOS  was  cho¬ 
sen  to  be  consistent  with  the  numbering  scheme 
adopted  for  the  Raman  spectra  by  Galeener  and 
Thorpe  [12]).  For  all  of  these  peaks,  the  motion 
involves  predominantly  only  one  of  the  two  ele¬ 
ments;  peaks  1,  2,  3  and  6  involve  mostly  oxygen 
motion,  while  peaks  4  and  5  involve  mostly  boron 
motion.  The  behaviour  with  isotopic  substitution  of 
the  Raman  spectra  for  peaks  below  1  has  not  been 
reported.  However,  peak  0  of  the  random  model 
VDOS  can  probably  be  identified  with  the  Raman 
peaks  at  130  cm_1(=16.1  meV)  and  145  cm-1 
(=  18.0  meV). 

Clearly  the  calculated  VDOS  of  the  random  model 
shows  a  high  degree  of  correspondence  with  the 
experimental  data  below  the  energy  gap.  The  r-de- 


pendence  data  shown  in  Fig.  5  can  thus  be  used  to 
determine  a  reasonable  value  for  r;  when  r  =  0.15 
peaks  3  and  4  are  merged,  while  peaks  5  and  6  are 
merged  when  r  =  0.25.  Since  peaks  3,  4,  5  and  6  are 
found  experimentally  to  be  clearly  separated  and  to 
occur  in  the  order  in  which  they  are  numbered,  the 
correct  value  of  r  must  lie  between  these  two  values. 
Hence  a  value  of  0.2  for  r  is  seen  to  be  ideal. 

A  comparison  of  the  calculated  normal  frequency 
of  mode  6  with  its  experimentally  observed  energy 
leads,  by  use  of  Eq.  (12),  to  a  value  of  401.4  N  m_I 
for  Ac.  However,  if  the  same  comparison  is  per¬ 
formed  for  modes  1-5  it  is  found  that,  while  modes 
3-6  require  a  value  for  Ac  of  about  400  N  m-1, 
modes  1  and  2  require  a  value  of  about  600  N  m_1. 
Galeener  and  Thorpe  [12]  have  previously  suggested 
that  a  higher  value  should  be  used  for  Ac  for  bonds 
outside  boroxol  rings  than  for  bonds  inside  boroxol 
rings  and,  since  mode  6  involves  only  bonds  inside  a 
boroxol  ring,  this  suggests  that  the  value  Ac  ~  400  N 
m_1  should  be  associated  with  bonds  inside  boroxol 
rings,  while  the  value  of  Ac  ~  600  N  m_1  should  be 
associated  with  bonds  outside  boroxol  rings.  Galeener 
et  al.  [1]  obtained  a  value  Ac  =  612  N  m_1  for  a 
CRN  composed  solely  of  independent  B03  triangles 
which  agrees  well  with  the  value  deduced  here  to 
apply  to  bonds  outside  boroxol  rings.  Further,  the 
work  of  Bril  [28]  on  the  Raman  spectra  of  crystalline 
and  vitreous  borates  indicates  a  value  of  Ac  for 
bonds  inside  boroxol  rings  which  is  about  30% 
smaller  than  the  value  for  bonds  outside  boroxol 
rings,  in  good  agreement  with  the  current  results. 

An  inadequacy  of  the  results  obtained  by  Galeener 
and  Thorpe  [12]  is  that  the  calculated  modes  above 
the  energy  gap  occur  at  too  low  an  energy,  requiring 
an  ‘ad  hoc  gap  expansion’  to  obtain  satisfactory 
agreement  with  the  experimental  data.  It  was  sug¬ 
gested  that  this  is  due  first  to  the  lack  of  non-central 
forces  and  second  to  the  need  for  differing  central 
force  constants  for  bonds  inside  and  outside  boroxol 
rings.  However,  the  calculated  r-dependence  plotted 
in  Fig.  5  shows  that  the  energy  of  the  modes  above 
the  energy  gap  depends  relatively  little  on  the  strength 
of  the  non-central  force  constant,  Anc.  Hence  the  first 
of  the  suggested  mechanisms  for  a  gap  expansion  is 
contradicted  by  the  present  results,  and  only  the 
second  suggestion  of  a  variation  in  the  central  force 
constant  remains  as  a  viable  possibility.  (Since  the 
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energy  of  the  modes  above  the  energy  gap  depends 
only  weakly  on  the  non-central  force  constant  of  the 
Born  force,  it  is  doubtful  whether  any  other  force 
with  a  non-central  component,  such  as  the  Keating 
potential  [29],  would  be  successful  at  achieving  the 
required  gap  expansion.) 

Galeener  and  Thorpe  [12]  have  identified  five 
peaks,  labelled  7-11,  above  the  energy  gap  in  the 
Raman  spectra,  although  peak  11  appears  to  be  very 
broad  and  ill-defined.  The  random  model  VDOS  also 
has  five  peaks  above  the  energy  gap,  labelled  a-e, 
although  it  is  perhaps  questionable  whether  b  and  c 
really  represent  two  separate  peaks.  The  main  evi¬ 
dence  suggesting  that  b  and  c  are  separate  peaks  is 
the  VDOS  of  the  alternate  model  where  they  appear 
as  two  quite  distinct  features;  it  can  then  be  argued 
that  these  peaks  are  almost  merged  in  the  random 
model  VDOS  as  a  result  of  the  relaxation  procedure. 
A  comparison  of  the  model  and  experimental  oxygen 
isotopic  substitution  data  suggests  that  the  model 
peak  a  should  be  identified  with  the  experimental 
peak  9  since  both  show  very  small  shifts,  and  possi¬ 
bly  that  the  calculated  peak  c  can  be  identified  with 
the  observed  peak  10.  If  these  identifications  are 
correct  then  they  require  a  value  of  approximately 
600  N  m-1  for  the  central  force  constant,  Ac.  The 
Raman  spectra  show  that  the  band  of  modes  above 
the  energy  gap  extends  from  145  to  197  meV,  and  if 
a  single  value  is  used  for  Ac  then  the  modes  of  the 
random  model  above  the  energy  gap  cover  the  range 
from  140  to  164  meV  for  Ac  =  400  N  m_1,  or 
171-201  meV  for  Ac  =  600  N  m"1.  Hence  the  sug¬ 
gestion  that  the  ad  hoc  gap  expansion  can  be  justi¬ 
fied  in  terms  of  two  central  force  constant  values 
appears  to  be  correct. 

In  their  central  force  calculations,  Galeener  and 
Thorpe  [12]  chose  to  fit  their  model  VDOS  to  fea¬ 
tures  1  and  6  in  order  to  determine  the  two  parame¬ 
ters  of  the  calculation  (central  force  constant  Ac  and 
mean  bridging  oxygen  bond  angle,  8 ,  outside  boroxol 
rings).  However,  according  to  the  present  results, 
non-central  forces  are  essential  in  describing  the 
motion  associated  with  the  peak  labelled  1,  since  it 
occurs  at  zero  frequency  for  the  central  forces  only 
calculation  (r  =  0.0,  see  Fig.  5).  The  band  edge  in 
Galeener  and  Thorpe’s  calculated  VDOS  which  was 
fitted  to  peak  1  of  the  Raman  spectra  is  found  to 
become  a  significant  peak  on  the  addition  of  non¬ 


central  forces  and  should  have  been  fitted  to  peak  3 
of  the  Raman  spectra.  This  discrepancy  in  identifica¬ 
tion  of  peaks  is  the  reason  why  the  central  force 
constant,  Ac  =  470  N  m_1,  obtained  by  Galeener  and 
Thorpe  for  a  network  of  boroxol  groups  does  not 
agree  well  with  the  present  value  of  Ac  ~  400  N  m  “ 1 
for  bonds  inside  boroxol  rings.  The  present  study 
indicates  that  non-central  forces  are  essential  to  an 
understanding  of  peaks  0,  1,  2,  4  and  5,  but  suggests 
that  a  central-forces-only  model  with  a  variation  in 
central  force  constant  should  be  able  to  explain 
peaks  3,  6  and  7-11,  contrary  to  Galeener  and 
Thorpe’s  conclusion  that  a  correct  explanation  of 
features  7  and  8  requires  non-central  forces. 

Barrio  et  al.  [30]  have  recently  given  a  report  of 
calculations  for  a  Bethe  lattice  of  boroxol  groups 
subject  to  a  generalised  Born  force.  This  report 
questions  the  identification  of  peak  6  as  the  boroxol 
ring  breathing  mode  given  previously  in  a  brief 
preliminary  report  of  the  present  calculations  [31]. 
Instead  it  is  concluded  that  peak  3  represents  the 
boroxol  ring  breathing  mode  (as  discussed  above, 
this  peak  is  the  only  likely  candidate,  other  than  peak 
6).  Since  a  calculation  of  the  eigenvectors  is  not 
feasible  for  a  large  ball-and-stick  model,  it  is  not 
possible  to  determine  directly  the  nature  of  the  vibra¬ 
tions  for  a  particular  peak  in  the  VDOS  for  a  calcula¬ 
tion  of  the  type  presented  here.  Instead  indirect 
means  must  be  used  and  in  the  present  case  an 
attempt  has  been  made  to  identify  the  boroxol  ring 
breathing  mode  by  virtue  first  of  its  position  at  the 
lower  edge  of  the  energy  gap  and  second  of  the 
successful  reproduction  of  the  Raman  isotopic  substi¬ 
tution  data.  Since  these  indirect  methods  must  be 
used  to  infer  the  nature  of  a  mode  it  is  not  possible 
to  directly  contradict  the  alternative  mode  identifica¬ 
tion  of  Barrio  et  al.  However,  a  difficulty  with  this 
alternative  is  that  the  boroxol  ring  breathing  mode 
should  be  at  the  lower  edge  of  the  energy  gap,  but 
the  model  presented  here  cannot  give  a  result  where 
peak  3  is  in  such  a  position  since  peaks  4  and  5  are 
always  at  a  higher  energy  than  peak  3.  Also  the 
present  identification  of  peaks  seems  to  reproduce 
the  Raman  isotopic  substitution  data  well.  Neverthe¬ 
less  it  is  not  possible  to  rule  out  the  possibility  that  a 
more  sophisticated  force  model  would  be  capable  of 
giving  a  result  with  peak  3  at  the  lower  edge  of  the 
energy  gap  without  having  caused  other  peaks  to 
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Fig.  7.  The  calculated  VDOS  for  each  model.  The  fits  described  in 
the  text  arc  shown  by  a  continuous  line. 


move  into  the  energy  gap.  However,  the  VDOS 
calculated  by  Barrio  et  al.  exhibits  a  peak  at  about 
108  meV  and  thus  far  there  has  been  no  experimen¬ 
tal  observation  of  such  a  peak  by  inelastic  neutron 
scattering,  or  any  other  technique.  (We  note  in  pass¬ 
ing,  however,  that  both  inelastic  neutron  scattering 
[27]  and  Raman  scattering  observe  a  mode  at  approx¬ 
imately  130  meV  that  has  so  far  been  neglected  in  all 
modelling  studies.)  Finally  it  may  be  noted  that 
Barrio  et  al.’s  VDOS  shows  little  correspondence 
with  lower  energy  inelastic  neutron  scattering  results 
[25-27]. 

4.4.  Comparison  with  the  inelastic  neutron  scattering 
result 

Fig.  7  shows  the  VDOS  calculated  for  Wright  et 
al.’s  [22]  random  and  alternate  models  and  for 
Williams  and  Elliott’s  [20,21]  model,  in  each  case 
using  r  =  0.2  and  a  value  of  401.4  N  m_1  for  Ac 
(chosen  so  that  the  energy  of  the  calculated  peak  6 
coincides  with  the  energy  of  the  boroxol  ring  breath¬ 


ing  mode).  All  three  models  have  the  energy  gap 
typical  of  the  triangular  B03  CRN.  However,  only 
the  models  containing  boroxol  groups  have  a  peak  at 
the  low-energy  edge  of  the  energy  gap  which  may  be 
identified  as  the  boroxol  ring  breathing  mode.  This 
peak  was  fitted  using  the  same  procedure  as  had 
been  used  for  the  experimental  data,  yielding  the 
results  given  in  Table  1.  The  scaled  Gaussian  area 
for  the  models  containing  boroxol  groups  shows 
good  agreement  with  the  result  from  the  neutron- 
weighted  VDOS.  For  both  of  these  models  the  frac¬ 
tion  of  boron  atoms  in  boroxol  groups  is  /=  0.75, 
and  hence  this  agreement  supports  the  results  from 
neutron  diffraction  [8]  and  from  nuclear  magnetic 
resonance  [32]  that  f=  0.80  ±  0.05  and  /=  0.82  + 
0.08  respectively.  The  model  peak  widths  given  in 
Table  1  are  relatively  large  in  comparison  with  the 
peak  width  indicated  by  the  experimental  data,  and 
this  discrepancy  may  be  ascribed  to  the  effect  of  the 
relaxation  procedure  used  for  the  models  [8]. 

5.  Conclusions 

The  boroxol  ring  breathing  mode  of  vitreous  B?03 
has  been  clearly  observed  by  inelastic  neutron  scat¬ 
tering  with  an  energy  resolution  comparable  with 
that  of  Raman  scattering.  The  results  show  that  the 
mode  is  enhanced  in  the  Raman  HV  and  HH  spectra 
by  factors  estimated  at  6.3  and  40,  respectively.  The 
observed  width  of  the  mode  is  similar  to  that  of  the 
experimental  resolution,  indicating  that  the  natural 
width  is  extremely  small. 

Calculations  of  the  vibrational  density  of  states 
for  ball-and-stick  models  subject  to  a  force  including 
a  non-central  component  show  that  only  models 
containing  boroxol  groups  give  rise  to  a  result  of  a 
complexity  comparable  with  that  observed  previ¬ 
ously  by  Raman  scattering  and  now  by  inelastic 
neutron  scattering.  It  has  been  shown  that  the  nature 
of  the  atomic  motions  associated  with  features  in  the 
calculated  vibrational  density  of  states  can  be  in¬ 
ferred  by  the  use  of  indirect  methods  which  involve 
the  study  of  the  effects  of  force  constant  variation 
and  of  isotopic  substitution.  The  vibrational  density 
of  states  for  a  model  containing  boroxol  groups 
shows  agreement  with  Raman  isotopic  substitution 
data  below  the  energy  gap.  The  calculated  modes 
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above  the  energy  gap  occur  at  too  low  an  energy,  but 
there  is  evidence  that  this  situation  would  be  im¬ 
proved  by  having  two  central  force  constants,  one  of 
about  400  N  m_1  for  bonds  inside  boroxol  rings,  and 
one  of  about  600  N  m-1  for  bonds  outside  boroxol 
rings. 
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Abstract 

This  paper  discusses  bonding  configurations  of  hydrogen  atoms  (H)  in  amorphous  silicon  and  amorphous-silicon-based 
alloys.  Recent  experiments  combined  with  theoretical  calculations  have  identified  two  new  aspects  of  bonded  H  that  have 
not  previously  been  addressed:  (i)  the  formation  of  H  bonds  between  H  atoms  on  Si-H  groups  and  electronegative  atoms  or 
groups  such  as  O  atoms  or  NH  groups;  and  (ii)  an  inherent  metastability  of  H-bonded  clusters  as  driven  by  the  trapping  of 
charged  carriers.  Both  of  these  are  shown  to  play  important  roles  in  (i)  a  photo-induced  defect  metastability  such  as  the 
Staebler-Wronski  effect,  and  (ii)  hydrogen  evolution  from  amorphous  silicon  nitrides.  Finally,  the  concepts  developed  for 
a-Si :  H  alloys  apply  equally  well  to  defect  metastability  at  Si-Si02  interfaces  as  in  metal-oxide-semiconductor  devices 
including  insulated-gate  field-effect  transistors. 


1.  Introduction 

Infrared  (IR)  absorption  spectroscopy  has  been 
shown  to  one  of  the  most  important  techniques  for 
establishing  the  local  bonding  arrangements  of  H 
atoms  in  hydrogenated  amorphous  silicon  (a-Si:H) 
and  silicon-based  alloys  (a-Si :  X :  H,  where  X  is  an 
alloy  element  such  as  O,  N,  C,  etc.)  [1,2].  Of  particu¬ 
lar  importance  have  been  comparisons  of  vibrational 
properties  of  films  prepared  using  precursor 
molecules  such  as  silane  (SiH4)  and  deuterated  silane 
(SiD4).  The  frequency  changes  brought  about  by 
substitution  of  D  for  H  depend  not  only  on  the 
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nominal  1 : 2  mass  ratio  of  H  to  D  but  also  on  the 
extent  to  which  other  near-neighbor  atoms  partici¬ 
pate  in  the  vibrational  motion,  i.e.,  through  an  effec¬ 
tive  mode  mass  [3].  Studies  performed  on  a-Si :  H 
and  a-Si :  D  films,  coupled  with  empirically-based 
calculations  have  identified  the  effects  of  mode-mass 
differences,  thereby  confirming  assignments  for  the 
major  features  observed  in  the  IR  and  Raman  spectra 
(see  Table  1)  [4,5].  These  assignments  have  gener¬ 
ally  relied  on  combinations  of  bond-stretching  and 
bending  features  to  distinguish  between  (i)  monohy¬ 
dride  (Si-H)  and  polyhydride  (SiHm,  m>  2)  ar¬ 
rangements;  (ii)  isolated  and  polymerized  polyhy¬ 
dride  groups  such  as  SiH2,  and  (SiH2)„,  respec¬ 
tively;  and  (iii)  bond-bending,  rocking  and  wagging 
modes  of  polyhydride  configurations. 

A  second  aspect  of  bonded  H  in  a-Si :  H  films  that 
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contain  other  atomic  species  in  addition  to  Si  and  H 
focuses  on  changes  in  Si-H  bond-stretching  frequen¬ 
cies  that  are  induced  by  (i)  near  neighbors  in  the 
network,  specifically  atoms  or  groups  that  are  more 
electronegative  than  Si  and  are  back-bonded  to  the  Si 
atoms  of  the  Si-H  groups  [6,7],  as  well  as  (ii) 
changes  in  the  average  electronegativity  of  silicon 
alloy  networks  such  as  SiOA.,  0<x<2  and  SiN^, 
0<x<1.33  [8,9].  The  frequencies  of  the  Si-H 
stretching  vibrations  scale  with  the  partial  charges  on 
the  Si  atom  [7],  and  this  is  expressed  as  a  function  of 
the  partial  charge  (e'Si)  by 

^si-H  ”  vq  +  ~  (1975  +  651e'Si  ±  13)cm  1 , 

(1) 

where  e'Si  is  calculated  using  the  empirical  proce¬ 
dures  of  Ref.  [10].  The  values  of  v0  and  ft  were 
determined  empirically.  The  frequency  of  the  bond¬ 
stretching  vibration  for  an  Si-H  group  in  a  Si  host 
approaches  1985  cm-1  in  a-Si:H  alloys  with  low 
hydrogen  concentrations  [H]  [11].  This  frequency  is 
increased  to  (i)  ~  2000  cm-1  in  a-Si :  H  with  [H] 
—  10  at.%,  (ii)  ~  2150  cm-1  in  a-Si3N4  [9]  and  (iii) 
~  2250  cm-1  in  a-Si02  [8]. 

Inductive  effects  have  also  been  used  to  establish 
a  non-statistical  association  of  H  and  alloy  atoms 
such  as  O  and  N  atoms  in  a-Si :  H  networks  with  low 
concentrations  of  O  or  N  atoms  [8,9].  Near-neighbor 


Table  1 

Frequencies  of  IR-active  vibrations 

Frequency  (cm  - 1 )  Frequency  ratio 
H  D  for  H  substitution 

Monohydride  SiH 


Bond-stretching 

2000 

1.37 

Bond-bending 

630 

1.24 

Isolated  dihydride 

SiH2 

Bond-stretching 

2090 

1.37 

Scissors-bending 

870 

1.37 

Rocking 

630 

1.26 

Polymerized  polyhydride  (SiH2)n 

Bond-stretching 

2100 

1.38 

Scissors-bending 

890 

1.37 

Wagging-bending 

845 

1.33 

Rocking 

630 

1.26 

T"‘ 


®  Si  Oh  ®  o 

Fig.  1.  Atomic  motions  for  vibrational  modes  of  O  and  H  atoms 
bonded  to  a  common  Si  atom.  Mode  3  for  the  cis  geometry  is  a 
coupled  mode  involving  significant  O  and  H  atom  motions.  Mode 
3  for  the  trans  geometry  and  mode  4  for  both  geometries  are 
localized  Si-H  bond-bending  modes  with  no  significant  O  atom 
motions. 


bonding  groups  involving  two  different  alloy  atoms, 
e.g.,  H  and  O,  can  also  lead  to  coupled  modes  with 
frequencies  that  are  not  found  in  the  normal  bonding 
arrangements  of  either  alloy  atom  by  itself.  Fig.  1 
shows  an  example  of  such  a  bonding  geometry  along 
with  the  eigenvectors  of  a  coupled  mode  to  be 
discussed  below  [12,13].  For  a  coupled  mode  to  exist 
two  conditions  must  be  satisfied:  (i)  the  atomic 
vibrations  of  the  two  atoms  must  be  in  the  same 
frequency  range,  and  (ii)  each  of  the  alloy  atoms 
must  vibrate  in  the  same  plane  with  their  separate 
motions  projecting  on  a  common  axis.  As  shown  in 
Fig.  1,  this  occurs  for  Si-O-Si  vibrations  (~  600- 
980  cm-1)  and  Si-H  vibrations  (630  to  2100  cm-1) 
in  a  cis  bonding  geometry  but  not  in  trans  geometry 
configuration. 

Other  experimental  probes  such  as  nuclear  mag¬ 
netic  resonance  (NMR)  have  also  been  used  to  study 
H  atom  incorporation  in  a-Si :  H  materials  [14].  One 
example  relates  to  NMR  experiments  that  have  es¬ 
tablished  boron  (B)  and  phosphorus  (P)  atoms  in 
fourfold-coordinated  doping  configurations  have 
near-neighbor  H  atoms  occurring  as  second  neigh¬ 
bors  in  H-Si-P+-Si  chains,  and  as  first  neighbors  in 
H-B~-Si  chains  [15].  These  bonding  geometries  are 
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consistent  with  what  is  expected  from  the  electroneg¬ 
ativities  of  P+  and  B  relative  to  Si  and  H  [16,17]. 

Another  aspect  of  H  incorporation  involves  H 
bonding  in  which  relatively  weak  electrostatic  bonds 
are  formed  between  H  atoms  with  a  positive  partial 
charge  and  strongly  electronegative  atoms  or  groups. 
This  has  been  studied  for  OH  and  NH  groups  in 
a-Si :  O :  H  and  a-Si :  N :  H,  respectively  [18,19].  Two 
different  types  of  H  bonding  associated  with  the  H 
atoms  of  OH  groups  have  been  reported  in  a- 
Si :  O :  H,  and  are  distinguished  by  the  spectral  shape 
of  the  O-H  stretching  band  between  about  3200  and 
3700  cm-1.  For  isolated  Si-OH  groups  in  a-Si02, 
the  H  bond  is  between  the  H  atom  of  the  OH  group 
and  a  bridging  O  atom  of  the  network  in  an  Si-O-Si 
geometry.  This  absorption  band  has  an  asymmetric 
shape  indicative  of  a  statistical  distribution  of  H-0 
distances.  It  is  also  possible  to  have  nearest-neighbor 
pairs  OH  groups,  as  in  a-Si02 :  H  films  formed  by 
low-temperature  plasma  deposition  [19].  These 
groups  can  be  cycled  in  and  out  of  the  films  by 
sequential  exposures  to  atmospheric  moisture  (or 
water)  and  low-temperature  ( ~  200°C)  annealing 
[19,20].  The  bond-stretching  spectral  feature  for 
nearest-neighbor  Si-OH  groups  is  a  symmetric  band 
centered  at  ~  3300  cm-1,  and  is  easily  differenti¬ 
ated  from  the  asymmetric  OH  band  in  films  prepared 
in  different  ways. 

This  paper  focuses  on  new  aspects  of  H  bonding 
interactions  involving  H  atoms  of  Si-H  groups  rather 
than  H  atoms  of  OH  or  NH  groups.  We  review 
recent  experimental  results  which  suggest  that  chem¬ 
ically  specific  groups  such  as  NH  play  a  role  in  the 
light-induced  metastability  of  defects  in  a-Si :  H  and 
a-Si :  H-based  alloys.  We  then  indicate  how  these 
results,  coupled  with  complementary  experimental 
studies  of  H  evolution  and  theoretical  studies  of 
bond  energies  and  instabilities,  have  led  to  the  devel¬ 
opment  of  a  new  model  for  defect  metastability,  e.g., 
as  in  the  Staebler-Wronski  effect  (SWE)  [21-23]. 
The  model  relies  on  trapping  of  charge  carriers  to 
promote  metastable  bond  rearrangements  [24].  Many 
of  the  traditional  explanations  for  the  SWE  have 
invoked  some  type  of  diffusive  H  motion,  whereas 
the  new  model  is  based  on  displacive  H  motion 
induced  by  charged  carrier  trapping,  and  thereby 
provides  a  mechanism  by  which  the  initial  pre-light- 
soaked  state  can  be  restored  exactly. 


2.  Summary  of  experimental  results 

2.7.  Amorphous  silicon  alloys 

Experimental  evidence  for  chemically  specific 
metastable  defects  in  hydrogenated  amorphous  sili¬ 
con  alloys  derives  from  a  series  of  experiments 
recently  reported  for  a-Si :  N :  H  alloys  [25].  Films 
were  deposited  by  remote  plasma  enhanced  carbon 
vapor  deposition  (PECVD)  at  a  substrate  temperature 
of  250°C  using  two  different  N  atom  source  gases, 
N2  or  NH3.  Of  importance  to  defect-related  proper¬ 
ties  is  an  observation  that  films  prepared  from  N2 
with  [N]  to  at  least  up  to  12  at.%  do  not  display 
IR-detectable  SiN-H  absorptions,  whereas  films  de¬ 
posited  from  NH3  display  weak  Si-NH  absorptions 
for  [N]  —  10-12  at.%. 

Most  of  properties  of  these  a-Si :  N  :  H  alloys  as  a 
function  of  [N]  are  independent  of  the  N  atom  source 
gas  including  (i)  the  photon  energy  at  which  the 
absorption  coefficient,  a  —  104  cm-1  (the  Em  opti¬ 
cal  gap),  (ii)  the  dark  conductivity  activation  energy, 
£a,  (iii)  the  photoconductivity,  <rph,  and  (iv)  the 
ambipolar  diffusion  length,  Lamb,  determined  by  the 
steady-state  photo-grating  (SSPG)  method.  The  vari¬ 
ations  of  Ea  and  Lamb  with  [N]  are  indicative  of  a 
transition  from  n-type  doping  for  [N]  <  3  at.%  to 
alloying  for  [N]  >  5  at.%. 

The  SWE  has  been  studied  in  a-Si :  N :  H  with 
[N]  ~  10-12  at.%  (E04  -  2. 1-2.2  eV),  and  in  PV- 
grade  a-Si :  H  ( E04  —  1.9  eV).  a-Si :  N :  H  alloys  were 
prepared  form  two  different  N  atom  source  gases,  N2 
and  NH3.  Metastable  defects  were  induced  by  an 
extended  exposure  (~  1000  min)  to  white  light  at  a 
level  of  ~  200  mW /cm2,  and  were  monitored  by 
the  ratio  of  the  initial  photoconductivity  to  its  value 
after  1000  min  of  light-soaking  ([(rph]0/[aph]nm  min) 
[24,25].  This  ratio  was  ~  10  ±  3  for  (i)  a-Si  :H  and 
(ii)  a-Si:N:H  deposited  from  N2,  but  was  signifi¬ 
cantly  increased,  ~  50  ±  15  for  (iii)  a-Si :  N :  H  de¬ 
posited  from  NH3;  a  value  of  ~  10  is  typical  of 
PV-grade  a-Si:H  for  this  light-soaking  condition 
[21-23].  In  spite  of  these  differences  in  the  SWE, 
annealing  at  ~  150-200°C  for  ~  2-3  h  returned  the 
photoconductivies  to  their  initial  values  for  all  three 
types  of  film.  The  activation  energy  for  annealing 
was  ~  0.9  eV,  independent  of  the  incorporation  of 
nitrogen,  or  the  particular  N  atom  source  gas.  These 
observations  may  be  unique  to  films  prepared  by 
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remote  PECVD,  or  other  PECVD  processes  which 
also  can  provide  sufficient  control  over  reaction 
pathways  to  limit  the  multiplicity  of  different  local 
bonding  environments;  in  this  case,  these  processing 
constraints  inhibit  the  formation  of  SiN-H  groups  in 
films  prepared  from  the  N2  source  gas  [26]. 

2.2.  1R  studies  of  annealed  nitride  films 

These  studies  have  shown  that  for  a-Si :  N :  H 
films  deposited  at  300°C  by  remote  PECVD  with 
NH3  as  the  N  atom  source  gas,  the  absorption 
constants  of  the  IR  vibrations  associated  with  Si-H 
and  SiN-H  groups  decrease  beginning  at  about  400°C 
indicating  a  release  of  bonded  H  similar  to  results 
reported  elsewhere  [27].  The  release  of  H  persists  to 
temperatures  up  to  1000-1200°C  at  which  the  IR 
absorptions  for  the  Si— H  and  N— H  groups  are  below 
the  level  of  detection;  however,  at  temperatures  above 
about  800-900°C,  there  is  an  increase  in  the  IR 
absorption  associated  with  Si— N  bonds  that  is  inter¬ 
preted  as  a  linking-up  of  Si  and  N  atom  dangling 
bonds  formed  by  the  removal  of  H  from  near¬ 
neighbor  Si-H  and  SiN-H  groups.  Since  the  bond 
energies  of  Si— H  and  N— H  in  the  Si— H  and  SiN— H 
groups  are  ~  3.5  and  5.0  eV,  respectively,  the  re¬ 
lease  of  H  atoms  at  temperatures  as  low  as  400- 
500°C  must  be  a  cooperative  phenomenon  involving 
the  formation  of  molecular  hydrogen,  H2.  Estimates 
of  the  activation  energies  for  this  H  atom  removal,  as 
determined  from  the  IR  data  for  a  sample  with 
approximately  equal  Si-H  and  Si-NH  concentra¬ 
tions,  are  approximately  2-3  eV,  and  less  than  the 
3.5-5.0  eV  bond  energy  range. 


3.  Bond  energies 

Preliminary  calculations  were  performed  at  the 
Hartree-Fock  self-consistent  field  (SCF)  level  and 
were  used  in  order  to  determine  relative  values  of 
bond  energies,  and  the  extent  to  which  a  particular 
atomic  arrangement  was  stable.  In  order  to  obtain 
more  reliable  values  for  the  bond  energies  and  bond 
lengths,  correlation  effects  are  incorporated  into  cal¬ 
culations  which  are  performed  using  the  MP2  pertur¬ 
bation  scheme  (see,  for  example,  Ref.  [28]).  These 
calculations  were  performed  on  finite  clusters  in 


Table  2 

Si-H  bond  energies 


Group 

Si-H  bond 
length  (nm) 

Si-H  bond 
energy  (eV) 

Isolated  Si-H 

0.149 

3.48 

Positively  charged  ammonium 
(Si2-N-H2)  + 

0.101 

4.97 

Neutral  ammonium 
(Si2-N-H2)°  (  — *  H) 

unstable 

-1.51 

Positively  charged  oxonium 
(Si2-0-H)+ 

0.96 

5.65 

Neutral  oxonium 
(Si2  -0-H)°  (  — >  H) 

unstable 

-3.35 

which  atoms  at  the  perimeter  of  the  clusters  were 
H-terminated.  Table  2  includes  results  for  four  atomic 
arrangements  that  will  be  discussed  below  in  the 
context  of  defect  metastability.  These  are  shown  in 
Fig.  2  and  are  (i)  a  positively  charged  ammonium 
complex-H  2-N  +-Si  2 ,  (ii)  a  neutral  ammonium 
complex-H  2-N-Si  2 ,  (iii)  a  positively  charged  oxo- 
nium  complex-H-0 +-Si  2 ,  and  (iv)  a  neutral  oxo- 


Ammonium  Complexes 


Fig.  2.  Local  atomic  arrangements  in  positive  in  charged  and 
neutral  ammonium  and  oxonium  clusters.  The  positively-charged 
clusters  (a)  and  (c)  are  stable.  The  neutral  clusters  are  unstable 
with  respect  to  the  loss  of  a  single  H  atom  (indicated  by  the 
arrow). 
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nium  complex-H-0-Si2.  The  results  in  Table  2 
indicate  that  the  charged  ammonium  and  oxonium 
centers  are  stable,  with  N+~H  and  0+-H  bond 
energies  of  ~  5.0  eV  and  5.6  eV,  respectively, 
whereas  the  neutral  centers  are  unstable  against  the 
release  of  a  H  atom  by  — 1.5  and  —3.3  eV,  respec¬ 
tively. 

We  have  also  considered  H  atom  removal  from 
metastable  ammonium  centers  that  can  be  induced 
by  either  electron  trapping  at  low  temperatures  (< 
300°C)  without  H2  formation  or  by  electron  trapping 
at  high  temperatures  (>400°C)  which  includes  H2 
formation  (see  Section  4).  The  energy  calculations 
needed  to  describe  these  effects  must  include  any 
electrostatic  interactions  between  the  N  atom  and  Si 
atom  dangling  bonds  formed  during  the  high-temper¬ 
ature  H-release  processes.  These  calculations 
demonstrate  that,  for  Si-N  distances  of  the  order  of 
0.25-0.3  nm,  there  are  relatively  strong  electrostatic 
interactions  that  result  from  the  dangling  bonds  be¬ 
ing  charged  rather  than  neutral;  the  N  dangling  bond 
is  doubly  occupied  and  negatively  charged  and  the  Si 
dangling  bond  is  unoccupied  and  positively  charged. 
These  charge  states  are  in  accordance  with  the  rela¬ 
tive  electronegativies  of  these  N  and  Si  atoms.  For 
example,  for  a  Si-N  distance  of  0.25  nm,  the  elec¬ 
trostatic  bond  energy  is  calculated  to  be  ~  2.3  eV. 


4.  Defect  model 

4.1.  General  aspects  of  defect  metastability  and  hy¬ 
drogen  release 

The  proposed  model  for  defect  metastability  is 
illustrated  in  Fig.  3,  where  a  complete  cycle  of 


O  H-Atom 
9  N-Atom 

Fig.  3.  Metastability  cycle  proposed  for  the  Staeblc-Wronski 
effect  for  clusters  that  couple  Si-H  and  Si-NH  groups  by  H 
bonds. 


metastable  bonding  including  defect  creation  and 
defect  creation  and  defect  neutralization  is  shown. 
The  model  is  based  on  the  ab  initio  calculations 
presented  in  Section  3,  and  includes  a  novel  activa¬ 
tion/neutralization  mechanism  in  which  trapping  of 
charged  carriers  at  local  clusters  with  H  bonding 
arrangements  provides  a  mechanism  that  promotes 
low-temperature  defect  metastability  without  the  loss 
or  diffusion  of  H  atoms.  In  this  model,  the  equations 
governing  (i)  defect  creation  by  trapping  of  a  hole, 
and  (ii)  defect  neutralization  by  trapping  of  an  elec¬ 


tron  are  given  by 

defect  generation:  lh  +  +  Si-H . N-HSi2 

- >H2-N+-Si2  +  Si°,  (2) 

and 

defect  neutralization:  le_+  H?-N+-Si,  4-  Si° 

- Si-H . N-HSi2.  (3) 

The  dotted  lines  in  Eqs.  (2)  and  (3)  indicate  a  H 


bond  between  the  H  atom  of  the  Si-H  group  and  the 
N  atom  of  the  SiN-H  group;  the  superscript  (°) 
indicates  a  neutral  dangling  bond.  N-HSi2  is  a 
symbolic  rather  than  a  structural  formula,  e.g.,  the  N 
atom  is  bonded  to  two  Si  atoms  and  one  H  atom.  The 
trapping  of  a  hole  at  an  initially  neutral  site  initiates 
the  metastability  cycle  leading  to  the  creation  of 
charged  ammonium  center,  H2-N+-Si2,  and  a  neu¬ 
tral  Si  atom  dangling  bond,  Si0.  The  ab  initio  results 
in  Table  2  have  established  the  stability  of  the 
positively  charged  ammonium  center.  The  trapping 
of  an  electron  at  the  positively  charged  ammonium 
center  destabilizes  that  center,  leading  to  the  detach¬ 
ment  of  one  of  the  H  atoms,  which  in  the  low-tem¬ 
perature  limit  then  becomes  re-attached  to  the  Si 
atom  dangling  bond.  This  results  in  the  formation  of 
Si-H  and  N-HSi2  groups  connected  via  the  H  bond¬ 
ing  interaction  and  therefore  in  the  initial  bonding 
arrangement.  The  coinage  in  this  defect  metastability 
process  is  the  displacive  motion  of  the  H  atom  which 
is  driven  by  the  sequential  trapping  of  holes  and 
electrons.  The  H  atom  is  initially  bonded  to  the  Si 
atom,  and  weakly  associated  with  the  NH  group  by  a 

H  bond  with  Si— H  and  N . H  distances  of 

~0.15  and  0.20  nm,  respectively.  After  hole  trap¬ 
ping,  the  Si-H  distance  is  increased  to  >  0.2  nm, 
and  the  N-H  bonding  distance  is  decreased  to  ~  0.10 
nm. 
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The  defect  metastability  cycle  described  by  Eqs. 
(2)  and  (3)  can  occur  at  low  temperatures,  i.e.,  below 
about  300°C,  where  release  of  H  atoms  from  the 
defect  configuration  is  highly  improbable.  However, 
if  electron  hole  and  trapping  occur  at  elevated  tem¬ 
peratures,  from  about  400°C  and  up  to  900-1000°C, 
then  H2  release  from  Si  and  N  atoms  and  the  linking 
up  of  the  defect  state  Si  and  N  atom  dangling  bonds 
are  possible  (see  Fig.  4).  This  sequence  of  events  is 
represented  in  Eqs.  (4)-(6),  which  illustrate 
(i)  hole  trapping 

lh  +  +  Si-H . N-HSi2 

H2-N+-Si2  +  Si0,  (4) 

(i)  electron  trapping,  followed  by  release  of  an  H2 
molecule 

le“  +  H2-N+-Si2  +  Si0  Si  +  +  N-Si2  +  H, , 

(5) 

and  (iii)  bond  healing 

Si+  +  " N-Si2  heat  >  Si-N-Si2 .  (6) 

The  ab  initio  calculations  of  Section  3  indicate  that 
both  of  the  dangling  bonds  in  Eq.  (5)  are  charged 
and  this  is  indicated  by  the  superscripts  ‘  ~  ’  and  ‘  +  ’. 
The  N  dangling  bond  is  doubly  occupied  and  nega¬ 
tively  charged  (‘ '  ’),  and  the  Si  dangling  bond  is 
unoccupied  and  positively  charged  0  +  ’). 


(b)  ^  H-bond  (C) 


Near-Neighbor 
Sl-H  &  Si-NH 


H-bond 
coupling 
as-deposited 
<300°C 


Hole  trapping 
metastable 
defect  pair 
precursor  to 
H-release 


H-release 

400-800°C 


Si-N  Formation 
850  -  900°C 


®  Si  o  H 


Note:  NH  "equivalent"  to  O 


Fig.  4.  Local  bonding  configurations  for  the  release  of  H2 
molecules  from  clusters  that  couple  Si-H  and  Si-NH  groups  by  H 
bonds. 


•  O-Atom 
®  Si-Atom 


O  H-Atom 

Fig.  5.  Metastability  cycle  proposed  for  the  Staebler-Wronski 
effect  for  clusters  that  couple  Si-H  and  Si-O-Si  groups  by  H 
bonds. 


The  experimental  results  presented  in  Section  2 
have  demonstrated  that  defect  metastability  (Eqs.  (2) 
and  (3))  is  promoted  by  light-soaking  and  low-tem¬ 
perature  annealing  (<250°C),  whereas  H2  forma¬ 
tion  followed  by  defect  healing  is  driven  at  higher 
temperatures:  400-800°C  for  H2  formation,  and  > 
800°C  for  defect  healing  as  indicated  in  Eqs.  (4)-(6). 

An  analogous  defect  metastability  mechanism  ap¬ 
plies  to  materials  with  bonded  O,  as  in  hydrogenated 
silicon  oxides.  The  link  between  the  NH  and  O 
bonding  arrangements  derives  from  the  fact  that  NH 
groups  and  O  atoms  are  chemically  equivalent  (i.e., 
isoelectronic),  with  each  being  capable  of  forming 
two  partially  covalent  bonds  in  their  normal  neutral 
bonding  states  and  three  partially  covalent  bonds 
when  positively  charged  as  for  example  in  the  re¬ 
spective  ammonium  and  oxonium  configurations, 
NH  J  and  OH+. 

The  local  bonding  arrangements  for  these  O  atom 
groups  in  a  defect  metastability  cycle  are  shown  in 
Fig.  5,  and  the  reaction  equations  for  defect  genera¬ 
tion  and  neutralization  are  given  below: 

(i)  defect  generation 

lh  +  +  Si-H . 0-Si2 

- >  H-0+-Si2  +  Si°,  (7) 

(ii)  defect  neutralization 
le_  +  H-0+-Si2  +  Si0 

- *  Si-H . O-Si  2,  (8) 

where  the  dotted  line  between  the  H  of  the  Si-H 
group  and  the  O  of  the  Si-O-Si  string  indicates  the 
H  bond.  Elimination  of  bonded  H  from  Si-H  and 
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Si-H  groups,  with  the  formation  of  H2,  can  occur 
via  a  series  of  reactions  that  parallel  Eqs.  (4)-(6).  A 
second  type  of  process  in  which  H20  molecules  can 
be  eliminated  is  from  near-neighbor  Si-OH  groups 
that  are  interconnected  through  H  bonding  interac¬ 
tions  [19,20]. 

4.2.  Defect  metastability  in  a-Si:H  and  a~Si:N :H 

Studies  of  photo-induced  metastability  in  a-Si :  H 
have  shown  that  the  SWE  is  accompanied  by  an 
increase  in  the  electron  spin  resonance  (ESR)  signal, 
and  that  the  level  of  light-induced  defect  generation 
saturates  in  the  low  to  mid-1017  cm-3  range  [21-23]. 
These  studies  also  demonstrated  that  the  Si  dangling 
bonds  responsible  for  the  ESR  signal  are  separated 
by  more  than  ~  1  nm  from  other  Si  dangling  bonds, 
and  in  addition  do  not  have  a  back-bonded  H  neigh¬ 
bor  [29].  This  infers  that  photo-induced  defects  con¬ 
tain  only  one  Si  atom  dangling  bond,  and  perhaps 
another  defect  associated  bonding  arrangement  that 
does  not  include  a  second  Si  dangling  bond.  Many  of 
the  studies  of  the  SWE  indicate  correlations  between 
increases  in  the  magnitude  of  the  SWE  and  impurity 
atom  concentrations  of  electronegative  species  such 
as  oxygen  and  nitrogen  [22,23].  The  quantitative 
differences  in  the  SWE  in  a-Si :  N :  H  alloys  in  films 
prepared  by  remote  PECVD  from  the  different  N 
atom  source  gases,  N2  and  NH3,  and  the  differences 
in  local  bonding  groups  for  H  atoms  has  led  us  to 
propose  the  following  model  of  the  SWE. 

The  proposed  model  is  based  on  an  inherent 
charge-trapping-induced  metastability  of  local  bond¬ 
ing  arrangements  that  include  an  Si— H  group  and  a 
near-neighbor  SiN-H  group  in  which  the  H  atom  of 
the  Si-H  group  makes  a  H  bond  with  the  N  atom  of 
the  SiN-H  group.  The  complete  cycle  of  defect 
generation  and  defect  neutralization  are  described  by 
the  following  steps. 

(i)  Under  solar  illumination,  electron-hole  pairs 
are  produced  by  absorption  when  the  photon  energy 
of  the  incident  light  exceeds  the  effective  optical 
band  gap  of  the  a-Si  material. 

GO  A  relative  small  fraction  of  the  holes  are 
trapped  at  the  Si-H . N-HSi2  sites,  con¬ 

verting  these  into  a  Si  dangling  bond,  and  a  positive 
ammonium  center  with  two  H  atoms,  Si0  +  H2-N+~ 
Si2  (see  Eq.  (2)). 


(iii)  During  continued  exposure  to  light,  there  are 
two  possible  processes  that  can  take  place: 

(a)  conversion  of  normal  bonding  arrange¬ 
ments  into  Si  dangling  bond  and  ammonium 
centers  by  hole  trapping  (Eq.  (2)),  or 

(b)  conversion  of  ammonium  centers  and  Si 
dangling  bonds  back  to  their  normal  bonding 
arrangement  by  electron  trapping  (Eq.  (3)). 

(iv)  After  a  period  of  time  dictated  by  (a)  the 
generation  rate  of  electron-hole  pair  production  by 
the  incident  light,  (b)  the  trapping  cross-sections  of 
the  normal  (<x0)  and  defect  (<x+)  structures  for  holes 
and  electrons  respectively  and  (c)  the  concentration 
of  normal  centers  (N{))  that  serve  as  precursor  sites 
for  defect  generation,  a  steady  state  is  reached 
wherein  the  number  of  defect  centers  (ATd(  +  ))  com¬ 
prised  of  the  Si  atom  dangling  bond  and  the  charged 
ammonium  center  approaches  a  constant  value  ap¬ 
proximately  equal  to 

A/d(  +  )~  {o-()/<r^}N0.  (9) 

(v)  If  the  light  source  is  removed,  then  the  mate¬ 
rial  will  remain  in  the  defect  state  for  a  period  of 
time  dictated  by  the  thermal  generation  rate  of  elec¬ 
trons. 

(vi)  If  the  sample  is  subjected  to  thermal  anneal¬ 
ing,  then  the  kinetics  of  this  process  display  an 
activation  energy  that  is  determined  by  the  thermal 
rate  of  generation  of  electrons.  The  activation  energy 
for  annealing  is  determined  by  the  position  of  the 
Fermi  level  relative  to  the  conduction  band,  which  in 
materials  dominated  by  electron  transport  is  the  sim¬ 
ply  the  dark  conductivity  activation  energy  in  the 
light-soaked  state. 

A  similar  situation  will  prevail  for  other  bonding 
arrangements  in  which  Si-H  bonds  are  in  close 
proximity  to  strongly  electronegative  atoms  (e.g.,  O) 
or  groups  (e.g.,  OH),  that  can  also  participate  in  H 
bonding  interactions  with  the  H  atom  of  the  Si-H 
group.  The  bonding  configurations  which  are  most 
susceptible  to  these  H  bonding  reactions  are  those  in 
which  there  is  at  least  one  strongly  electronegative 
atom  (O  or  N)  or  group  (OH  or  NH)  back-bonded  to 
the  Si  atom  of  the  Si-H  group.  This  generates  a 
positive  partial  charge  on  the  H  atom  of  the  Si-H 
group  promoting  the  H  bonding  interaction. 
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43.  Application  to  a~Si:H 


Consider  a-Si :  H  alloys  with  no  intentional  addi¬ 
tions  of  O,  N  or  NH  groups.  From  secondary  ion 
mass  spectrometry  (SIMS)  analyses  performed  on 
PECVD  materials,  the  oxygen  concentrations  of  these 
materials  are  typically  the  order  of  3  X  1019  cm-3 
[30].  We  take  this  as  the  number  of  precursor  sites  by 
assuming  that  in  the  a-Si :  H  network  a  bridging  O 
atom  will  be  encapsulated  by  an  internal  a-Si  surface 
which  will  include  Si-H  terminations.  Since  the 
precursor  state  is  neutral,  the  capture  cross-section 
will  of  the  order  of  atomic  dimensions  squared,  i.e., 
~  5  X  10" 16  cm2  [31].  The  efficiency  of  defect  gen¬ 
eration  is  determined  by  the  concentration  of  precur¬ 
sors,  their  capture  cross-section,  and  the  concentra¬ 
tion  and  capture  cross-section  of  the  sites  which 
characterize  any  competitive  processes  such  as  shal¬ 
low  trapping  as  in  the  hole  transport  process.  A  hole 
lifetime  against  shallow-trapping  can  be  estimated 
from  the  drift  mobility;  alternatively,  if  the  micro¬ 
scopic  hole  mobility  is  assumed  to  be  of  order  1 
cm2/V  s,  then  the  measured  drift  hole  mobilities  of 
-  10"3  cm2/V  s  mean  that  the  hole  is  free  for 
capture  by  other  centers  ~  0.1%  or  10  3  of  the 
time.  This  is  defined  here  as  the  fraction  of  time, 
tfrcc,  that  is  free  or  available  for  other  trapping  and 
recombination  processes  such  as  in  the  defect  forma¬ 
tion  process.  If  it  is  further  assumed  that  every  Si 
atom  is  a  potentially  shallow  trapping  site  for  trans¬ 
port  limitations,  then  the  quantum  efficiency  (QEg) 
for  defect  generation  is  approximated  by 

QEg~(/Vtfd(a_si)Kee,  (10) 

where  A^d(a_Si)  is  the  atomic  density  of  a-Si :  H,  ~  4 
X  10 23 /cm3.  Taking  N0  ~  3  X  1019  cm-3  gives 
QEg  ~  8  X  10“8,  in  agreement  with  estimates  de¬ 
rived  from  the  light-intensity  time  products  that  are 
known  to  generate  the  approximately  ~  1017  defect 
states/cm3  associated  with  the  light  soaking/in- 
duced  defect  formation  [21-23]. 

Consider  next  the  typical  number  of  defect  states 
created  by  light  soaking.  The  room -temperature  trap¬ 
ping  cross-sections  for  uncharged  and  Coulomb  at¬ 
tractive  centers  are  approximately  5X10“ 16  cm2, 
and  10“ 13  cm2,  respectively  [31].  Using  Eq.  (9),  the 


number  of  defect  states  expected  under  steady-state 
conditions  is 


N, 


d(  +  ) 


5  X  10“16  cm2 
10“13  cm2 


3  X  1019 


cm 


-3 


«  1.5  X  1017  cm"3, 


(11) 


and  in  quantitative  agreement  with  experiment.  In 
addition  experiments  performed  by  Crandall  [22]  have 
demonstrated  that  the  Staebler-Wronski  effect  in¬ 
creases  linearly  with  increasing  O  atom  concentra¬ 
tion,  also  in  agreement  with  Eq.  (9). 

The  characteristic  activation  energy  for  defect 
relaxation  after  removal  of  the  light  source  and 
associated  with  low-temperature  (150-250°C)  ther¬ 
mal  annealing  in  the  dark  has  been  found  to  be 
~  0.9  eV,  which,  as  predicted  by  the  model,  is 
approximately  equal  to  the  dark  conductivity  activa¬ 
tion  energy  after  light  soaking.  Finally,  in  agreement 
with  ESR  data,  this  model  predicts  only  one  Si  atom 
dangling  bond  per  defect  center,  and  the  dangling 
bond  site  does  not  necessarily  include  a  an  additional 
H  atom  back-bonded  to  the  Si  of  the  Si-H  group. 


4.4.  Application  to  a-Si:N :H  alloys 

In  applying  the  model  to  a-Si :  N :  H  alloys  three 
assumptions  are  made:  (i)  the  concentration  of  O 
precursor  sites  remains  unchanged  by  adding  either 
NH  or  N  groups;  (ii)  the  addition  of  N  atoms  into 
a-Si :  N :  H  alloys  by  deposition  from  N2  does  gener¬ 
ate  new  precursor  states,  since  N  atoms  bonded  only 
to  Si  atoms  do  not  readily  participate  in  H  bonding 
interactions;  whereas  (iii)  the  addition  of  NH  groups 
to  a-Si :  N :  H  alloys  by  deposition  from  NH3  adds 
new  precursor  states  in  direct  proportion  to  number 
of  incorporated  NH  groups. 

Using  these  assumptions,  the  experimental  results 
support  the  model  discussed  above;  e.g., 

(a)  the  Staebler-Wronski  effect,  as  manifested  in 
the  ratio  of  the  rested  to  the  fatigued  state  photocur¬ 
rent,  is  the  same  in  a-Si :  N :  H  alloys  grown  from  N2 
as  in  a-Si :  H  alloys.  In  the  context  of  this  model  the 
precursor  cluster  is  the  same  as  in  a-Si :  H,  i.e.,  an 
Si-H  and  an  Si-O-Si  linkage  coupled  via  a  H  bond; 

(b)  the  Staebler-Wronski  effect,  as  reflected  by 
the  ratio  of  the  rested  to  the  fatigued  state  photocur- 
rent,  is  increased  in  a-Si :  N :  H  alloys  grown  from 
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NH3  with  respect  to  a-Si :  H  alloys.  In  the  context  of 
the  model  there  are  two  precursor  sites:  (i)  the  H 
bond  coupled  Si-H  to  an  Si-O-Si  group;  and  (ii) 
the  H  bond  coupled  Si-H  to  Si-NH-Si  group. 

If  one  assumes  the  same  cross-sections  for  hole 
capture  at  the  two  precursor  sites  in  the  a-Si :  N :  H 
alloys  grown  from  NH3,  then  the  steady-state  num¬ 
ber  of  defects  is  expected  to  be  larger  than  for 
a-Si:H,  and  a-Si :  N :  H  grown  from  N9.  It  must  be 
emphasized  again  that  this  is  anticipated  for  a- 
Si :  N :  H  alloys  grown  by  remote  PECVD  because  of 
the  control  of  local  bonding  inherent  in  the  remote 
excitation  process  [26].  In  a  conventional  PECVD  or 
glow  discharge  (GD)  process,  similar  considerations 
relative  to  N  and  NH  populations  will  not  generally 
apply,  and  the  SWE  is  expected  to  increase  with  [N] 
in  a-Si :  N :  H  alloys  independent  of  the  N  atom 
source  gas.  If  we  designate  A()(0}  and  V()(NH)  as  the 
concentrations  of  the  two  precursors  and  assume  that 
the  neutral  and  charged  state  capture  cross-sections 
are  the  same  for  the  two  defect  configurations,  then 
the  maximum  number  of  positively  charged  oxonium 
and  ammonium  sites  will  be  given  by 

AU  +  )  =  {ero/°’+}(W„(o)  and  JV0(NH)).  (12) 

However,  this  expression  will  overestimate  the  num¬ 
ber  of  sites  because  it  does  not  take  into  account  (i) 
near-neighbor  Si-O-Si  and  Si-NH-Si  environ¬ 
ments,  and  (ii)  changes  in  the  capture  kinetics  when 
positively  charged  centers  increase  to  the  point  where 
their  respective  spheres  of  influence  overlap  and 
their  effective  capture  cross-section  are  reduced. 

Using  spectroscopic  data  to  estimate  the  density 
of  NH  centers  for  the  alloys  studied  in  Ref.  [25], 
V0(NH)  is  at  most  of  the  order  of  1021  cm”3,  and 
according  to  Eq.  (10)  we  would  then  expect  a 
steady-state  density  of  defects  of  ~  10 19  cm”3,  about 
20  times  higher  than  is  inferred  from  the  fivefold 
increase  in  the  degradation  ratio  of  the  photoconduc¬ 
tivity.  Alternatively,  the  Coulomb  cross-section  for 
capture  by  a  charge  center  can  be  used  to  estimate  a 
maximum  density  of  charged  defects.  Assuming  that 
charged  defects  can  be  no  closer  than  about  two 
times  the  radius  associated  with  their  capture  cross- 
section,  this  estimate  yields  an  upper  density  of 
charged  traps  to  be  of  the  order  of  9  X  10 17  cm"3,  in 
quantitative  agreement  with  a  defect  density  of  (5-7 


X  10 17  cm  3  as  determined  from  the  increased 
degradation  ratio  for  the  photoconductivity. 

4.5 .  Elimination  of  H  from  Si-H  and  Si-NH  bonds 
in  a-Si  :N :  H  alloys 

The  IR  results  discussed  above,  coupled  with 
aspects  of  network  topology,  have  led  to  the  proposal 
of  the  following  model  for  the  simultaneous  release 
of  H  atoms  for  Si-H  and  SiN~H  from  a-Si:N:H 
alloys.  Fig.  4(a)  indicates  an  SiN-H  group  and  Si-H 
group  in  close  proximity.  If  the  distance  between  the 
H  atom  of  the  Si-H  group  and  the  N  atom  of  the 
SiN-H  group  is  between  about  0.25  and  0.3  nm 
(2.5-3. 0  A),  there  will  be  a  sufficiently  strong  elec¬ 
trostatic  interaction  between  the  H  atom  to  promote 
the  formation  of  a  H  bond  [32].  Typical  energies  of 
these  H  bonds  range  from  about  0.2  to  0.8  eV.  The 
H  bond  interaction  is  included  (Fig.  4(b))  and  it  can 
promote  metastability  with  respect  to  the  trapping  of 
charged  carriers,  thereby  forming  a  structural  basis 
for  the  SWE.  Fig.  4(c)  illustrates  a  possible  interme¬ 
diate  step  of  the  H  release  process  in  which  hole 
trapping  by  the  N  atom  results  in  both  H  atoms 
becoming  bonded  to  a  positively  charged  N  atom  of 
the  SiN-H  group  (the  ammonium  center  in  Fig. 
2(a)).  The  conjugate  defect,  a  neutral  Si  atom  dan¬ 
gling  bond,  is  formed  in  the  same  process.  The 
formation  of  this  new  configuration  is  due  to  dis- 
placive,  rather  than  diffusive  motion  of  the  H  atom 
which  was  originally  closer  to  the  Si  atom  than  the  N 
atom  (~  0.15  nm,  as  compared  with  ~  0.2-0.3  nm); 
after  hole  trapping,  the  relative  distances  are  re¬ 
versed,  ~  0.1  nm  from  the  N  atom,  and  -  0.25  nm 
from  the  Si  atom.  Fig.  4(d)  illustrates  the  release  of  a 
hydrogen  molecule  (H2),  driven  in  part  by  electron 
trapping,  and  resulting  in  the  formation  of  two  dan¬ 
gling  bond  defects,  one  on  the  N  atom  and  one  on 
the  Si  atom.  As  noted  in  Section  3,  ab  initio  calcula¬ 
tions  suggest  that  the  N  atom  dangling  bond  is 
doubly  occupied  and  negative,  and  the  Si  atom  dan¬ 
gling  bond  is  unoccupied  and  positive.  Fig.  4(e) 
illustrates  the  temperature-driven  recombination  of 
these  dangling  bonds  to  form  an  Si-N  bond,  which 
then  completes  the  network  healing  processes. 

The  reaction  equations  governing  this  H  release 
process  have  been  presented  above  (see  Eqs.  (4)-(6)). 
Two  reaction  equations  along  with  the  energy  bal- 
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ance  are  given  below.  The  first  of  these  is  for  the 
high-temperature  process  that  includes  formation  of 

an  H2  molecule  where  the  dot-dash  line  ( - ) 

indicates  an  electrostatic  attraction  between  the 
charged  dangling  bonds: 

le'  +  H2-N+-Si2  +  Si° 

- >  Si  + - ~N-Si2  +  H2: 

£=  — 3.9( ±0.5)  eV,  (13) 

and  the  second  is  for  the  low-temperature  defect 
metastability  process  in  which  trapping  of  electron 
restores  the  bonding  arrangement  to  the  precursor 
state: 

le”+H2-N+-Si2  +  Si° 

- »  Si-H . N-HSi2: 

E=  — 5.2( ±0.2)  eV.  (14) 

From  the  energies  for  the  two  processes  in  Eqs. 

(13)  and  (14),  it  can  be  concluded  that  defect 
metastability  is  favored  at  low  temperature  (Eq.  (13)), 
while  H2  elimination  and  the  creation  of  charged 
defect  pair  is  more  likely  at  higher  temperatures  (Eq. 

(14) ).  This  is  in  agreement  with  the  experimental 
results  presented  above.  Above  about  800°C,  the  IR 
data  indicate  the  formation  of  Si-N  bonds  according 
to  a  reaction  equation  given  by 

Si+ - “N-Si2 - >  Si-N— Si2.  (15) 

4.6.  Defects  in  MOS  and  MIS  devices 

Metal-oxide-semiconductor  (MOS)  capacitors 
were  formed  by  a  300°C  two-step  remote  plasma-as¬ 
sisted  process  [33].  The  in  situ  steps  were  (i)  a 
remote  plasma-assisted  oxidation  using  either  02  or 
N20;  followed  by  (iii)  a  remote  plasma-enhanced 
chemical  vapor  deposition  (PECVD)  of  Si02  using 
downstream  injected  SiH4  as  the  Si  atom  source  gas, 
and  N20,  coexcited  with  He,  as  the  O  atom  source 
gas.  In  addition,  some  of  the  MOS  devices  were  also 
exposed  to  N  species  produced  by  the  direct  or 
remote  plasma  excitation  of  NH3  [34,35].  MOS  de¬ 
vices  were  prepared  by  conventional  techniques  in¬ 
cluding  (i)  the  sputter  deposition  of  A  as  a  metal 
electrode,  (ii)  photolithographic  patterning  to  define 
devices  with  areas  of  ~  (1-4)  X  10' 3  cm2,  and  (iii) 


Table  3 

Electrical  properties  at  Si-Si02  interfaces 


Mid-gap  Dit 
(cm-2  eV_1) 

Nitrogen  at  interface 
species  cm-2  (XlO14) 

Plasma  oxidation  (02) 
400°C  processing 

1.3  XIO10 

N 

1.6 

Plasma  oxidation  (N20) 
400°C  processing 

1.1  XIO10 

N 

8.5 

Exposure  to  NH3  plasma 
400°C  Processing 

2-5  XIO11 

NH 

>5 

900°C  RTA 

~1  XIO10 

N 

>5 

a  400°C  post-metallization  anneal  (PMA)  in  an  N2 
atmosphere.  Table  3  includes  mid-gap  defect  state 
densities,  Dit ,  determined  from  capacitance-voltage 
(C-V)  measurements  using  the  conventional  high- 
low-frequency  method  of  data  analysis  performed  on 
three  types  of  MOS  device  prepared  with  pre-deposi¬ 
tion  oxidations  using  (i)  either  (a)  02  or  (b)  N20 
[36],  and  with  no  post-deposition  exposures  to  ex¬ 
cited  NH3,  and  (ii)  02,  but  with  post-deposition 
exposures  to  excited  species  from  an  NH3  plasma. 
Also  included  in  the  table  are  interfacial  densities  of 
N  atoms  as  determined  from  an  analysis  of  SIMS 
data.  The  results  in  Table  3  demonstrate  (i)  about  the 
same  Di{  values  for  MOS  devices  which  included 
pre-deposition  oxidation  steps  using  02  and  N20, 
and  with  no  exposures  to  plasma-excited  NH3,  but 
(ii)  significantly  higher  values  of  Dix  for  MOS  de¬ 
vices  which  included  pre-deposition  oxidation  using 
02  followed  by  an  exposure  to  species  from  an  NH3 
plasma  after  the  oxide  deposition  and  before  the 
metallization.  Based  on  SIMS  data  and  C-V  studies, 
and  under  processing  conditions  including  a  400°C 
PMA,  it  has  been  found  that  (i)  the  incorporation  of 
N  atoms  (as  contrasted  with  NH  groups)  in  the 
immediate  vicinity  of  the  Si-Si02  interface  does  not 
lead  to  significant  changes  in  Dlt  with  respect  to 
interfaces  (they  are  not  intentionally  processed  to 
increase  N  atom  concentrations),  whereas  (ii)  the 
incorporation  of  NH  groups  at  the  Si— Si02  interface 
can  lead  to  significant  increases  in  Dit.  Three  differ¬ 
ent  experimental  situations  using  plasma-excited  NH3 
have  given  this  same  result  with  respect  to  increases 
in  Dit  :  (i)  the  exposure  of  oxide  dielectrics  to  species 
from  an  NH3/He  discharge  with  no  film  deposition 
during  the  exposure  [34];  (ii)  the  deposition  of  nitride 
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Fig.  6.  Local  bonding  arrangements  at  Si— Si02  interfaces,  (a)  and 
(b)  display  H  bonding  interactions  between  H  atoms  of  Si-H 
groups  at  the  Si  side  of  the  interface  with  O  atoms,  and  NH 
groups  respectively,  (c)  indicates  the  absence  of  H  bonding  inter¬ 
actions  when  N  atoms  are  threefold-coordinated  to  only  Si  atoms. 

layers  that  are  incorporated  into  oxide-nitride-oxide 
(ONO)  dielectrics  [34];  and  (iii)  the  deposition  of 
homogeneous  oxynitride  alloy  dielectrics  onto  pre- 
plasma-oxidized  Si  surfaces  [35].  When  the  devices 
with  ONO  or  oxynitride  dielectrics  were  subjected  to 
a  30  s  post-deposition  rapid  thermal  anneal  (RTA)  at 
900°C,  D]t  values  were  reduced  to  approximately  the 
same  levels  as  for  devices  processed  without  any 
NH3  exposures  [34,35],  We  propose  that  these  dif¬ 
ferences  are  due  to  aspects  of  the  local  bonding 
arrangements  that  involve  H  bond  formation,  (see 
Fig.  6).  This  type  of  bonding  is  possible  when  Si~H 
groups  are  in  close  proximity  to  either  Si-O-Si  and 
Si-NH-Si  groups  as  in  Si-Si02  interfaces  with  NH 
groups,  but  not  when  N  atoms  bonded  only  to  Si  are 
in  close  proximity  to  Si-H  bonds  at  Si-Si02  inter¬ 
faces. 

Since  N  atoms  bonded  only  to  Si  atoms  at  Si-Si02 
interfaces  cannot  produce  additional  H  bonding  con¬ 
figurations,  but  only  reduce  the  number  of  such 
interactions  involving  near-neighbor  Si-H  groups 
and  Si-O-Si  linkages,  we  would  expect  no  increases 
in  Dit  at  Si-Si02  interfaces  processed  with  the  N^O 


pre-oxidation  step,  even  though  the  number  of  N 
atoms  in  the  immediate  vicinity  of  the  Si-Si02 
interface  is  increased  by  a  factor  of  about  five  when 
N20  is  substituted  for  02  (see  Table  3).  By  contrast, 
the  values  of  D{[  are  significantly  higher  if  NH 
species  are  allowed  to  accumulate  at  the  Si-O-Si 
interface  during  processing  [34,35]. 

The  increase  in  Dit  derives  from  two  effects:  (i) 
the  accumulation  of  Si-NH-Si  linkages  in  close 
proximity  to  Si-H  groups  at  the  Si02  interface,  and 
(ii)  the  temperature  of  400°C  for  the  post  metalliza¬ 
tion  anneal  used  with  the  Al  gate  electrodes.  If  these 
two  groups  are  in  close  proximity  and  linked  through 
a  H  bonding  interaction  then,  as  shown  in  Fig.  6,  H 
atoms  can  be  released  from  these  environments  fol¬ 
lowing  the  mechanism  given  above  (see  Eqs.  (4)- 
(6)).  This  will  lead  to  simultaneous  increases  in  both 
Z)jt  and  <2f,  since  Si  atoms  dangling  bonds  are 
created  which  contribute  to  Di(,  and  positively 
charged  centers  are  created  which  contribute  to  Qf. 
The  experiments  to  date  have  shown  coupled  effects 
for  NH  atom  accumulation:  (i)  increases  in  Z)it,  and 
(ii)  negative  shifts  in  the  flatband  voltage  due  to 
positive  fixed  charge  (increases  in  Qt ).  Finally,  the 
inclusion  of  a  30  s  900°C  RTA  prior  to  Al  metalliza¬ 
tion  results  in  capacitor  structures  with  ONO  and 
oxynitride  dielctrics  that  have  Dit  and  Qt  values 
essentially  the  same  as  devices  processed  without 
any  NH  exposures,  and  with  oxide  dielectrics.  This 
is  consistent  with  a  900°C  defect  healing  process 
described  by  Eq.  (15). 

Interrupted  charge  to  breakdown  experiments  in¬ 
dicate  increases  in  Dit  occur  before  breakdown  [37]. 
An  integrated  charge  of  about  1  C/cm2  typically 
increases  Dit  from  the  1010  cm-2  range  to  the  low 
to  mid  1011  cm-2  range.  Since  one  Coulomb  of 
charge  corresponds  to  ~  6.3  X  10 18  charged  carriers, 
this  means  that  the  quantum  efficiency  for  this  pro¬ 
cess  in  which  Dit  is  increased  is  ~10n/(6.3X 
1018)  or  approximately  1.6  X  10~8,  and  is  therefore 
comparable  with  the  effective  quantum  efficiency 
(QE)  for  the  defect  generation  step  in  the  SWE. 
Interestingly  enough,  this  type  of  defect  generation  is 
reversible  before  breakdown  of  the  capacitor  struc¬ 
ture  [38]. 

The  similarities  in  the  numerical  values  for  the 
QEs  for  the  Dn  increase  at  Si-SiCE  interfaces  and 
for  the  SWE  in  a-Si  materials  are  fortuitous.  The 
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factors  that  contribute  to  the  QE  for  the  Dn  increase 
are  (i)  the  number  and  trapping  cross-section  of 
precursor  sites  at  the  Si-Si02  interface,  and  (ii)  a 
kinetic  factor  given  by  the  ratio  of  the  transit  time 
through  the  interface  region  to  the  lifetime  against 
trapping  at  the  precursor  sites.  Since  the  fractional 
coverage  of  precursor  defect  sites  at  the  interface  is 
the  product  of  their  area  density,  ~  10 12  cm  2, 
times  their  cross-section,  ~5X10-16  cm2,  this 
gives  a  value  of  ~  5  X  10“4.  The  kinetic  factor  is 
approximated  by  tlVdnsn/tlUclime,  where  rtransit  is  the 
transit  time  through  the  interface  region.  Assume  an 
effective  interface  thickness  of  0.5  nm  and  a  veloc¬ 
ity,  v  —  5  X  105  cm/s,  transit  =  ^  X  10“ 8  cm/5  X 
105  cm/s  =  10-13  s.  The  lifetime  is  given  by  the 
usual  expression,  lifetime  =  (^Ntcrt),  where  Nt  is  the 
trap  density,  and  <xt  is  the  capture  cross-section. 
Therefore  *Kfctimc  =  1/(5  X  105  cm/sXlO18  cm-3 
X  5  X  10“ 16  cm2)  =  4  X  10”9  s,  so  that  the  ratio, 
'.ranshAifetimo  >s  given  by  2.5  X  1CT5,  thereby  yield- 
ing  a  QE  for  defect  generation  at  Si-Si02  interfaces 
of  ~  1.2  X  10 “8,  close  to  the  approximate  experi¬ 
mental  value  of  ~  1.6  X  10“8. 


5.  Discussion 

The  results  presented  in  this  paper  have  demon¬ 
strated  a  new  mechanism  for  the  formation  of 
metastable  defects  that  is  triggered  by  charge  trap¬ 
ping  in  atomic  clusters  that  include  H  bonds.  In  the 
examples  discussed,  the  important  components  of  the 
precursor  sites  are  (i)  an  Si-H  bond  with  at  least  one 
of  the  back-bonds  to  the  Si  atom  involving  a  strongly 
electronegative  atom  or  groups  such  as  O  or  N,  or  an 
NH  or  OH  group,  and  (ii)  an  electronegative  atom  or 
group  such  as  O,  or  an  NH  or  OH  group  that 
participates  in  the  H  bonding  interaction  with  the  H 
atom  of  the  Si-H  group.  Trapping  of  a  hole  at  these 
environments  generates  a  Si  atom  dangling  bond, 
and  an  over-coordinated,  positively  charged  O  or  N 
atom  in  an  oxonium  or  ammonium  bonding  arrange¬ 
ment,  respectively.  If  the  material  system  with  the 
over-coordinated  groups  is  maintained  at  room  tem¬ 
perature,  or  annealed  at  low  temperatures,  typically 
below  about  300°C,  then  trapping  of  an  electron  will 
destabilize  the  defect  center  comprised  of  the  Si 
atom  dangling  bond,  and  the  positively  charged  oxo¬ 


nium  or  ammonium  center  will  return  to  its  normal 
state  via  a  displacive  motion  of  the  H  atom.  On  the 
other  hand,  trapping  of  an  electron  at  higher  tempera¬ 
tures,  or  simply  the  application  of  temperatures  in 
excess  of  about  400°C,  will  result  in  the  elimination 
of  H,  and  the  formation  of  stabilized  defect  centers. 
These  defect  centers  consist  of  charged  dangling 
bonds  on  Si+  and  0“,  or  Si+  and  N“  atoms  and  can 
be  neutralized  by  annealing  at  sufficiently  high  tem¬ 
peratures  which  allow  structural  relaxation.  For  ex¬ 
ample,  temperatures  of  the  order  of  900°C  for  30  s 
are  required  for  healing  defects  in  nitrides,  oxyni¬ 
trides  and  at  oxide-nitride  interfaces  internal  to  ONO 
dielectrics. 
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Abstract 

Electron  spin  resonance  (ESR)  and  photoluminescence  (PL)  measurements  have  been  employed  to  investigate  some 
electronically  important  defects  in  nitrogen-rich  amorphous  silicon  nitride  films  (a-SiNx:H  where  x>  1.3)  prepared  using 
plasma-enhanced  chemical  vapor  deposition.  The  PL  intensity  decreases  with  time  (fatigues)  when  excited  with  UV  light. 
This  fatigued  PL  can  be  restored  (bleached)  with  the  application  of  visible  light.  There  exists  an  ESR  signal  in  as-deposited 
films  of  a-SiNA. :  H  which  is  temperature  dependent.  This  ESR  signal  can  be  increased  by  irradiation  with  UV  light,  and  the 
increased  ESR  signal  can  be  bleached  by  application  of  visible  light.  Microscopic  models  for  the  defects  responsible  for 
these  effects  are  discussed. 


1.  Introduction 

Amorphous  films  of  silicon  nitride  are  of  interest 
for  a  variety  of  applications  where  insulating  layers 
are  required  [1].  This  material  is  normally  grown 
using  the  plasma-enhanced  chemical  vapor  deposi¬ 
tion  (PECVD)  technique  by  decomposition  of  mix¬ 
tures  of  ammonia  (NH3)  and  silane  (SiH4).  The 
films  are  termed  ‘nitrogen-rich’  when  the  nitrogen 
content  exceeds  that  of  the  stoichiometric  crystalline 
compound  Si3N4  (i.e.,  a-SiNx:H  where  x  >  4/3). 
The  optical  band  gap  of  these  films  for  x=  1.6  is 
about  5  eV. 

The  most  common  neutral  defect  in  nitrogen-rich 
a-SiNx :  H  is  the  K  center  which  has  been  identified 
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as  a  paramagnetic  dangling  bond  on  a  silicon  atom 
that  is  back-bonded  to  three  nitrogen  atoms  [2-4].  A 
second  important  neutral  defect  is  the  so-called  N 
center  which  is  a  paramagnetic  dangling  bond  on  a 
nitrogen  atom  that  is  back-bonded  to  two  silicon 
atoms  [3-5].  Under  certain  conditions  these  defects 
exist  in  measurable  densities  in  as-prepared  films, 
but  one  can  also  enhance  the  densities  of  the  neutral 
K  centers  by  application  of  ultraviolet  (UV)  light 
(E  >  3.5  eV)  [6-8].  When  the  ESR  spin  density 
increases  due  to  the  application  of  UV  light,  then 
there  is  a  concomitant  increase  in  a  subgap  optical 
absorption  [9]  and  decrease  in  (fatigue  of)  the  photo¬ 
luminescence  (PL)  signal  [10]. 

It  has  been  suggested  [3]  that  the  K  centers  exhibit 
a  negative  effective  electron-electron  correlation  en¬ 
ergy  (negative  Uci{ )  such  as  that  proposed  earlier  for 
the  dominant  defects  in  the  amorphous  chalco- 
genides  [11,12].  It  has  also  been  suggested  that, 
because  a-SiNA. :  H  is  a  wide-gap  insulator,  the  de¬ 
fects  exhibit  positive  Ueff  but  strong  potential  fluctu- 


0022-3093 /95 /$09.50  ©  1995  Elsevier  Science  B. V.  All  rights  reserved 
SSDI  0022-3093(94)00579-6 


104 


D.  Chen  et  al.  /Journal  of  Non-Crystalline  Solids  182  (1995)  103-108 


ations  produce  charged  defect  states  [13].  In  this 
paper  we  review  the  experimental  evidence  from 
photoluminescence  (PL)  and  electron  spin  resonance 
(ESR)  that  relates  to  the  K  defects  and  discuss  the 
implications  for  the  two  models  that  have  been  pro¬ 
posed.  We  also  discuss  optically  induced  absorption 
measurements  that  have  an  influence  on  the  interpre¬ 
tation. 


2.  Experimental  details 

The  thin  films  of  nitrogen-rich  a-SiNv:H  were 
prepared  by  PECVD  using  an  ammonia-to-silane 
ratio  of  12.  Substrates  were  roughened  to  reduce  the 
fringing  effects  on  the  PL  lineshapes.  Substrate  tem¬ 
peratures  were  400°C  for  all  samples  discussed  in 
this  paper.  The  value  of  x  for  these  films  was 
approximately  1.6,  and  the  films  had  an  index  of 
refraction  [14]  of  1.77  in  the  energy  range  well 
below  the  optical  gap.  Sample  thicknesses  were  ap¬ 
proximately  1  p,m.  The  PL  spectra,  PL  excitation 
spectra,  and  fatiguing  and  bleaching  of  PL  were 
measured  at  300  K  using  a  spectrofluorimeter  (SPEX) 
with  both  visible  and  UV  capabilities.  Details  of  the 
PL  measurements  are  available  elsewhere  [10,15]. 

The  ESR  measurements  were  made  on  a  spec¬ 
trometer  (IBM  ER200-SRC)  operating  at  approxi¬ 
mately  9  GHz.  Variable  temperatures  were  obtained 
using  a  gas  flow  system  (Helitran)  over  the  tempera¬ 
ture  range  from  4  to  300  K.  Signal  averaging  tech¬ 
niques  were  employed  to  increase  the  signal-to-noise 
ratios.  At  all  but  the  lowest  temperatures  appropriate 
microwave  powers  could  be  chosen  to  avoid  satura¬ 
tion  effects.  Details  of  the  ESR  measurements  are 
also  available  elsewhere  [16]. 

3.  Photoluminescence  measurements 

The  room-temperature  PL  spectra  for  a  sample  of 
a-SiNv :  H  grown  at  a  substrate  temperature  of  400°C 
are  shown  in  Fig.  1.  The  PL  lineshape  peaks  at  about 
3  eV  with  a  full  width  at  half  maximum  of  about  1.4 
eV.  The  PL  peak  position  corresponds  to  an  energy 
that  is  a  little  more  than  half  of  the  optical  gap 
energy.  The  curve  labeled  (a)  is  for  the  sample  after 
annealing  at  300°C  for  30  min  to  eliminate  any 


Fig.  1.  Room-temperature  photoluminescence  spectra  for  an  a- 
SiNL6:H  film  grown  at  a  substrate  temperature  of  400°C  (a) 
thermally  annealed  at  300°C  for  30  min,  (b)  thermally  annealed 
and  then  illuminated  under  4.8  eV  UV  light  for  120  min.  The  PL 
excitation  light  energy  is  4.8  eV.  Curve  (c)  is  (a)  divided  by  (b). 

possible  fatiguing  effects.  The  spectrum  labeled  (b) 
is  after  illumination  of  the  sample  at  4.8  eV  for  120 
min.  One  can  see  from  this  figure  that  the  fatiguing 
represents  approximately  a  10%  effect  for  this  partic¬ 
ular  sample.  Fatiguing  of  up  to  about  30%  has  been 
observed  in  some  samples  under  similar  conditions. 
The  fatiguing  effect  is  uniform  across  the  PL  spec¬ 
trum  and  therefore  does  not  change  the  PL  lineshape. 
This  result  can  be  seen  in  Fig.  1  by  examining  the 
ratio  of  curves  (a)  and  (b)  which  is  presented  as 
curve  (c).  The  fact  that  curve  (c)  is  essentially  flat 
shows  explicitly  that  the  PL  lineshape  is  not  altered 
by  the  fatiguing  process.  A  Gaussian  lineshape  with 
a  peak  maximum  at  2.9  eV  and  a  full  width  at  half 
maximum  of  1.4  eV  provides  a  good  fit  to  the  PL 
spectrum. 

The  PL  fatigue  does  not  follow  a  simple  exponen¬ 
tial  relationship,  but  appears  to  involve  a  fairly  broad 
distribution  of  time  constants.  At  high  photon  ener¬ 
gies  (E  >  4.5  eV),  the  efficiency  of  the  PL  fatiguing 
follows  the  optical  absorption  edge.  This  fact  implies 
that  at  these  energies  the  fatiguing  is  proportional  to 
the  number  of  absorbed  photons  and  is  independent 
of  energy.  At  energies  between  3.5  and  4.5  eV,  there 
is  an  additional  fatiguing  ‘band’  where  the  fatiguing 
efficiency  peaks  near  4  eV.  Below  3.5  eV  there 
appears  to  be  no  measurable  fatiguing  effect.  Anneal¬ 
ing  of  the  fatigued  sample  at  300°C  for  about  30  min 
restores  the  room  temperature  PL  to  its  original 
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Fig.  2.  Increase  of  room-temperature  photoluminescencc  spectrum 
due  to  photobleaching  for  an  a-SiN,  6  :  H  film  grown  at  a  substrate 
temperature  of  400°C.  The  increase  of  PL  is  from  a  fatigued 
condition  (film  irradiation  at  4.8  eV  for  60  min)  to  a  photo- 
bleached  condition  (film  irradiation  at  a  given  bleaching  energy 
for  30  min)  relative  to  the  fatigued  condition.  (See  text  for 
details.) 


unfatigued  state.  The  fatiguing  process  is  therefore 
completely  reversible  upon  annealing  at  temperatures 
below  the  temperature  at  which  the  sample  was 
originally  deposited. 

After  fatiguing,  the  PL  can  be  restored  (the  fatigu¬ 
ing  can  be  bleached)  by  irradiation  with  light  whose 
energy  is  below  the  optical  gap  energy.  Fig.  2  shows 
the  bleaching  spectrum  for  the  same  sample  as  that 
used  in  Fig.  1.  Note  that  there  is  an  onset  to  the 
bleaching  process  around  the  3  eV,  an  energy  which 
roughly  corresponds  to  the  peak  of  the  PL  spectrum 
as  shown  in  Fig.  1.  The  error  bars  in  Fig.  2  represent 
the  estimated  contribution  from  random  errors,  but 
there  appears  to  be  a  systematic  error  in  these  data  as 
well  since  the  data  below  3  eV  are  negative  in  Fig.  2. 
(At  300  K,  the  bleaching  experiments  are  compli¬ 
cated  by  the  fact  that  there  is  a  thermal  decay  of  the 
fatiguing  effect  at  this  temperature  that  partially  re¬ 
stores  the  fatigued  PL  even  in  the  absence  of  light 
[15].  The  data  of  Fig.  2  have  been  corrected  for  this 
room-temperature  annealing  effect.)  Regardless  of 
this  complication,  the  general  features  of  the  bleach¬ 
ing  band  are  apparent  from  Fig.  2.  In  particular,  the 
fall-off  of  the  bleaching  effect  above  about  4  eV  is 
clear  and  is  probably  related  to  the  competition 
between  the  fatiguing  and  bleaching  effects  in  this 
spectral  range. 


The  PL  excitation  (PLE)  spectrum  has  also  been 
measured  for  nitrogen-rich  a-SiNx :  H  films  and 
shown  to  follow  the  absorption  edge  over  the  range 
from  about  3  to  4.5  eV  where  the  values  of  the 
absorption  coefficient,  a ,  vary  from  1  to  300  cm'1. 
Above  4.5  eV,  the  PLE  spectrum  bends  over  faster 
than  the  absorption  [10]. 

4.  Electron  spin  resonance  measurements 

The  optically  induced  changes  in  the  PL  and  ESR 
spectra  are  clearly  related  in  nitrogen-rich  a-SiNx  :  H. 
While  UV  irradiation  produces  a  fatiguing  of  the  PL 
spectrum,  this  light  also  produces  an  increase  in  the 
ESR  response  attributed  to  the  neutral  K  center  [6,8]. 
There  is  also  an  increase  in  the  sub-gap  optical 
adsorption  that  looks  very  much  like  a  shift  of  the 
very  broad  absorption  edge  to  lower  energies  [9,16]. 
The  excitation  spectra  for  these  three  effects  (PL 
fatigue,  ESR  increase,  optical  absorption  increase) 
are  similar  in  that  they  all  appear  to  follow  the 
absorption  coefficient,  a ,  above  about  4.5  eV. 

The  optically  induced  ESR  may  also  be  photo- 
bleached  in  analogy  with  the  bleaching  of  the  fa¬ 
tigued  PL  described  above  [6].  Also  for  this  effect 
there  is  a  rough  parallel  between  the  excitation  spec¬ 
tra  for  the  PL  bleaching  and  ESR  bleaching  effects; 
however,  the  bleaching  of  the  ESR  appears  to  extend 
to  lower  energies  [6]  than  that  for  the  PL. 

The  PL  and  ESR  results  presented  thus  far  for 
nitrogen-rich  a-SiNv :  H  are  very  similar  to  those  that 
have  been  observed  in  the  amorphous  chalcogenides 
[17].  There  is  an  important  difference  in  the  optically 
induced  absorption  that  is  discussed  below.  There  is 
also  an  additional  ESR  result  that  has  no  parallel 
with  the  chalcogenide  glasses.  This  result  is  the  fact 
that  there  is  a  dark  ESR  signal  in  most  of  the 
annealed  films  of  nitrogen-rich  a-SiNx :  H  and  this 
ESR  signal  is  temperature-dependent  [16]  as  shown 
in  Fig.  3.  The  samples  employed  for  the  ESR  mea¬ 
surements  are  made  under  the  same  conditions  as 
those  used  for  the  PL  and  optical  absorption  mea¬ 
surements. 

Because  the  dark  ESR  signal  is  small  (<1016 
spins/cm3),  there  are  technical  difficulties,  such  as 
that  due  to  microwave  saturation  of  the  signal,  that 
hinder  accurate  measurements  of  the  ESR  intensities. 
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Fig.  3.  Spin  densities  in  a-SiNL6:H  and  a-As  as  functions  of 
temperature  over  the  range  4  <  T  <  300  K.  Solid  and  dashed  lines 
are  aids  to  the  eye.  See  text  for  details. 


For  this  reason  the  temperature  dependence  of  the 
ESR  signal  in  nitrogen-rich  a-SiNx  :  H  is  compared 
with  that  observed  in  a  sample  of  a-Si :  H  that  has  a 
similar  spin  density  at  300  K.  In  a-Si:H  the  spin 
density  is  well  known  to  be  temperature-indepen¬ 
dent. 

The  temperature-dependent  ESR  signal  in  nitro¬ 
gen-rich  a-SiNx :  H  is  also  compared  with  that  previ¬ 
ously  observed  [18]  in  amorphous  arsenic  (a- As). 
The  nitrogen-rich  a-SiNx  :  H  and  a- As  samples  ap¬ 
pear  to  have  qualitatively  similar  behaviors  over  the 
temperature  range  shown  in  Fig.  3.  The  arrows  on 
the  datapoints  for  the  nitrogen-rich  a-SiNx  :  H  sample 
at  1000/T  equal  to  100  and  250  represent  lower 
bounds  since  the  signals  are  saturated  at  these  tem¬ 
peratures  at  the  lowest  microwave  powers  available. 
It  is  probable  that  the  ESR  intensities  in  the 
nitrogen-rich  a-SiNr :  H  become  essentially  tempera¬ 
ture-independent  at  the  lowest  temperatures.  This 
behavior  is  quantitatively  different  from  that  ob¬ 
served  in  a-As  where  the  ESR  signal  continues  to 
decrease  at  the  lowest  temperatures  measured. 

5.  Discussion 

As  mentioned  above,  there  are  many  parallels 
between  the  optically  induced  effects  on  the  ESR,  PL 
and  optical  absorption  spectra  in  nitrogen-rich 
a-SiNx :  H  and  the  semiconducting  chalcogenide 
glasses.  In  addition,  the  average  nearest-neighbor 
coordination  number,  nav ,  for  nitrogen-rich 


a-SiNx  :  H  alloys  can  be  significantly  less  than  that  of 
the  stoichiometric  composition.  In  the  stoichiometric 
composition,  where  x  =  1.33,  nav  <  3.43  (if  one  ig¬ 
nores  the  hydrogen  concentration)  while  in  the  nitro¬ 
gen-rich  alloys,  where  x  =  1.6,  «av  <  3.38.  For  these 
reasons,  the  first  models  to  explain  the  K  centers 
were  based  on  the  concept  of  a  negative  effective 
electron-electron  correlation  energy  (negative  £/eff) 
for  these  centers  [2,19].  If  the  K  centers  constitute  a 
negative  Ue{f  system,  then  the  reaction 

2K°  — >  K+  +  K-  (1) 

is  exothermic,  where  K°  is  the  neutral,  metastable 
paramagnetic  center  and  K+,  K"  are,  respectively, 
the  positively  and  negatively  charged  diamagnetic 
ground  states  for  the  defect  system.  According  to  this 
model,  by  exposure  to  band-gap  light  the  K+  and  K~ 
states  can  be  photoexcited  to  the  metastable  K°  state. 
In  thermal  annealing  or  bleaching  with  below-gap 
light,  the  metastable  K°  centers  can  be  reconverted 
to  K+  and  K~  centers  as  described  in  Eq.  (1). 

There  are  some  difficulties  with  the  application  of 
the  negative  Ueff  model  to  the  defects  in  nitrogen-rich 
a-SiNx  :  H  films.  First,  there  should  be  no  dark  ESR 
signal  in  any  of  these  films  if  negative  Uef{  K  centers 
are  the  only  defects.  This  deficiency  can  be  avoided 
if  other  defects,  such  as  charged  nitrogen  dangling 
bonds  (N  centers),  are  also  important  [20]. 

A  second  problem  with  the  negative  UQff  model  is 
the  existence  of  a  temperature  dependence  to  the 
dark  ESR  signal  as  shown  in  Fig.  3.  In  principle,  one 
can  avoid  this  problem  also  by  assuming  that  there 
exists  a  broad  distribution  of  values  for  Ueff  that 
includes  both  positive  and  negative  values  [10]. 
(There  is  nothing  inherently  special  about  Uc{f  =  0 
since  it  represents  an  arbitrary  cancellation  of  the 
effects  due  to  Coulomb  repulsion  and  lattice  relax¬ 
ation.)  This  situation  describes  the  behavior  in  a-As 
very  well  [18]. 

A  third  problem  with  the  negative  UtU  interpreta¬ 
tion,  which  is  more  difficult  to  overcome,  is  the  fact 
that,  although  the  ESR  results  in  nitrogen-rich  a- 
SiNx :  H  and  a-As  are  similar,  the  optically  induced 
absorption  is  very  different  in  these  two  materials 
[16].  As  mentioned  above,  the  optically  induced 
absorption  in  nitrogen-rich  a-SiNx  :  H  depends  expo¬ 
nentially  on  energy  and  closely  resembles  a  shift  of 
the  absorption  edge  to  lower  energies  [9,13].  On  the 
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other  hand,  the  optically  induced  absorption  in  a-As 
exhibits  a  sharp  rise  at  an  energy  equal  to  half  the 
optical  gap  and  is  essentially  constant  above  this 
onset  energy  [17,21].  This  behavior  is  identical  with 
that  which  occurs  in  the  chalcogenide  glasses.  Be¬ 
cause  there  is  no  well  defined  onset  energy  for  the 
optically  induced  absorption  in  nitrogen-rich  a- 
SiNx :  H,  it  is  difficult  to  infer  a  well  defined 
metastable  defect  level  in  the  middle  of  the  gap  for 
the  K°.  Therefore,  in  addition  to  the  existence  of  a 
range  of  effective  correlation  energies  that  includes 
both  positive  and  negative  values  such  as  occurs  in 
a-As,  one  must  also  assume  that  the  metastable 
defect  energies  themselves  extend  over  a  wide  range 
within  the  energy  gap.  It  has  been  difficult  to  con¬ 
struct  a  microscopic  model  that  provides  such  distri¬ 
butions  in  a  natural  way. 

On  the  other  hand,  nitrogen-rich  a-SiN^ :  H  is  an 
ionic  material  so  it  is  natural  to  assume  that  the 
metastable  changes  in  the  ESR,  PL  and  optical  ab¬ 
sorption  are  due  to  rearrangements  of  charges  trapped 
at  various  valence  states  of  defects  due  to  the  fact 
that  the  potential  fluctuations  are  larger  than  the 
correlation  energies  [13,22,23]  In  these  potential- 
fluctuation  models,  charged  defects  analogous  to  K+ 
and  K-  will  exist  even  for  a  positive  value  of  Ue{f 
provided  that  the  potential  fluctuations  are  larger 
than  t/eff.  The  critical  assumption  in  models  that  rely 
on  potential  fluctuations  to  produce  charged  states  of 
defects  is  that  local  inhomogeneities,  such  as  those 
due  to  bond  angle  or  bond  length  distortions,  are 
such  that  dipolar  or  higher-order  potential  fluctua¬ 
tions  cannot  be  screened  by  the  continuous  density 
of  states  near  the  Fermi  level  [22].  The  presence  in 
nitrogen-rich  a-SiNx  :  H  of  Si-N  and  N-H  bonds 
[24],  which  are  highly  ionic,  at  least  allows  the 
possibility  of  producing  large  potential  fluctuations. 

Although  the  optically  induced  absorption  does 
not  provide  a  well  defined  ‘onset’  energy,  the 
bleaching  of  the  fatigued  PL  as  shown  in  Fig  2  does 
suggest  an  onset  energy  near  3  eV.  A  similar,  al¬ 
though  slightly  higher,  onset  energy  is  indicated  in 
the  fatiguing  measurements  [15].  In  addition,  mea¬ 
surements  of  bleaching  of  the  optically  induced  ESR 
suggest  the  possibility  of  an  onset  near  1.8  eV  [6]. 
Clearly,  any  detailed  microscopic  model  must  be 
consistent  with  these  specific  results.  The  fact  that 
nitrogen-rich  a-SiR, :  H  alloys  have  band  gaps  of  5 


eV  or  greater  suggests  that  the  defects  that  contribute 
to  the  metastabilities  in  this  system  are  characteristi¬ 
cally  different  from  those  that  are  important  in  the 
much  narrower-gap  amorphous  semiconductors.  The 
possibility  that  large  potential  fluctuations  play  an 
important  role  in  influencing  the  charge  states  of  the 
defects  in  nitrogen-rich  a-SiN*. :  H  may  be  an  impor¬ 
tant  ingredient  for  microscopic  models  of  the  pre¬ 
dominant  defects. 


6.  Summary 

The  metastable  optical  effects  that  occur  in  the 
PL,  ESR  and  optical  absorption  measurements  of 
nitrogen-rich  a-SiN^  :  H  films  are  qualitatively  simi¬ 
lar  to  metastable  effects  that  occur  in  some  amor¬ 
phous  semiconducting  systems. 

The  research  at  the  University  of  Utah  was 
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Abstract 

The  optical  and  electrical  properties  of  proton-implanted  Si02,  Ge02-Si02,  Mg0-P205  glasses  and  nanocrystalline 
Mgln204  (spinel-type  structure)  films  were  examined  and  several  drastic  changes  in  them  were  observed.  The  results 
obtained  are  summarized  as  follows.  (1)  Fast  proton  conduction  (conductivity  at  300  K  =  ~  10“5  S  cm" l)  was  obtained  in 
Mg  (P03)2  glasses  implanted  with  H+  ions  to  a  fluence  of  1018  cm"2.  (2)  Nanocrystalline  Ge  colloid  particles  were  created 
by  implantation  of  H+  ions  into  lGe02-9Si02  glasses  without  post  heat  treatment.  (3)  Electronic  conductivities  in 
Mgln204  sputter-deposited  films  at  300  K  increased  from  10"7  S  cm"1  to  1.5  X  101  S  cm"1  on  implantation  of  H+  to  a 
fluence  of  2  X  10 16  cm”2.  (4)  Peroxy  radicals  in  Si02  glasses  were  created  primarily  by  electronic  excitation  with  1.5  MeV 
H+  ions. 


1.  Introduction 

A  proton  has  several  properties  very  different 
from  those  of  other  monovalent  cations  (Ernsberger 
[1]  called  it  a  ‘non-conformist  ion’).  It  has  the  small¬ 
est  mass,  its  mobility  varies  over  ten  orders  of 
magnitude  with  chemical  bonding  state  in  the  con¬ 
densed  phases  and  its  chemical  interaction  with  ma¬ 
terials  results  in  changes  in  chemical  and  physical 
properties.  Modification  of  materials  by  chemical 
reactions  with  protons  has  been  demonstrated  in  a 
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wide  variety  of  fields.  In  most  cases,  however,  chem¬ 
ical  treatments  of  materials  with  hydrogen  are  per¬ 
formed  at  high  temperatures  to  obtain  significant 
reaction  rates.  Ion  implantation  is  a  low-temperature 
processing  technique  and  a  given  ion  can  be  intro¬ 
duced  at  a  controlled  depth  to  a  desired  concentra¬ 
tion  level  [2-4].  Therefore  we  anticipate  that  implan¬ 
tation  of  protons  offers  novel  possibilities  for  study¬ 
ing  electronic  excitation  effects  and  for  creation  of 
new  materials  utilizing  the  unique  properties  of  pro¬ 
tons. 

In  this  paper  we  report  preliminary  results  on  the 
following  problems:  (a)  effects  of  electronic  excita¬ 
tion  on  defect  formation  in  ion-implanted  amorphous 
Si02,  (b)  fabrication  of  fast  proton  conducting  glasses 
by  H+  implantation,  (c)  formation  of  nanocrystalline 
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Ge  by  H+  implantation  into  Ge02-Si02  glasses, 
and  (d)  generation  of  conduction  carriers  in  nano¬ 
crystalline  insulating  Mgln204  (spinel-type  struc¬ 
ture)  by  H  +  implantation.  Since  the  effects  of  im¬ 
plantation  on  modification  of  the  properties  of  mate¬ 
rials  are  in  most  cases  governed  by  nuclear  (elastic) 
collision  processes  [5],  little  concrete  evidence  [6]  of 
electronic  excitation  effects  has  been  reported  so  far 
to  our  knowledge.  A  concrete  piece  of  evidence  for 
electronic  excitation  effects  on  defect  formation  by 
ion  beams  is  given  by  utilizing  H+  in  (a). 

Fast  proton  conducting  materials  are  of  impor¬ 
tance  in  various  applications  such  as  solid  electrodes 
for  electrochromic  displays  and  H2-02  fuel  cells. 
Although  the  fundamentals  of  protonic  conduction  in 
oxide  glasses  have  been  established  by  Abe  and 
co-workers  [7-9],  no  proton  conducting  glass  show¬ 
ing  high  conductivity  (>  10“ 5  S  cm"1)  has  been 
obtained  yet,  to  our  knowledge.  An  approach  for 
fabricating  glasses  with  high  proton  conductivity  is 
shown  in  (b). 

Nanosized  metal  or  semiconductor  colloid  parti¬ 
cles  embedded  in  glass  are  attracting  considerable 
attention  because  of  their  novel  optical  properties 
such  as  a  large  third-order  non-linear  susceptibility 
originating  from  quantum  confinement  effects  of 
electronic  wave  functions.  Ion  implantation  is,  un¬ 
doubtedly,  a  favorable  technique  to  fabricate  these 
nanocomposite  materials.  All  nanosized  colloid  parti¬ 
cles  in  glass  obtained  by  implantation  have  been 
synthesized  by  implantation  of  ions  of  a  desired 
colloid  [4,10,11].  Here,  we  show  a  novel  approach 
utilizing  the  chemical  reaction  of  implanted  protons 
with  the  constituents  in  substrate  glasses  in  (c). 

Historically,  a  great  success  in  the  application  of 
ion  implantation  is  in  carrier  doping  into  semicon¬ 
ductors  such  as  Si  and  GaAs  [12].  However,  no  work 
showing  efficient  carrier  generation  in  crystalline 
and  amorphous  oxides  by  implantation  has  been 
reported  so  far,  to  our  knowledge.  We  show  in  (d) 
that  the  electronic  conductivity  in  sputter-deposited 
films  of  Mgln204  (crystalline  size  4-8  nm)  with 
spinel  type  crystal  structure  at  room  temperature  can 
be  enhanced  by  over  nine  orders  of  magnitude  by 
implantation  of  protons.  The  efficiency  of  carrier 
doping  is  ~  20%  for  nanocrystalline  Mgln204  in  the 
as-implanted  state  and  increases  to  ~  40%  on  post 
annealing. 


2.  Experimental 

Substrates  used  are  plates  of  synthetic  Si02 
glasses  (type  III,  OH  content  200  wt  ppm.),  10 
GeO2-90SiO2  glasses  (VAD  method,  OH  content 
<0.1  ppm),  50MgO-50P2O5  glasses  and  Mgln204 
films  (~  1  p-m  thick)  deposited  on  Si02  glass  sub¬ 
strates  by  the  rf  sputtering  technique.  Detailed  prepa¬ 
ration  procedures  of  Mg0-P205  glasses  and 
Mgln204  thin  films  were  described  in  Refs.  [8]  and 
[13],  respectively. 

The  crystallite  size  of  Mgln204  in  these  films, 
determined  from  the  width  of  X-ray  diffraction  peaks 
using  Scherrer’s  formula,  was  4-8  nm  [13]. 

Implantation  of  H+  ions  was  performed  at  room 
temperature  at  an  acceleration  voltage  of  50-150  kV 
or  1.5  MV.  The  total  fluences  and  dose  rate  were 
0.5  X  10 16 — 1  X  1018  cm-2  and  ~  3  pA  cm-2,  re¬ 
spectively.  Substrates  were  wrapped  with  Al  foil 
except  for  implanted  parts  during  implantation  to 
reduce  charging  effects  [14]. 

Depth  concentrations  of  peroxy  radicals  (POR)  in 
1.5  MeV  H+-implanted  substrates  were  determined 
by  a  sectioning  technique  using  mechanical  grinding 
(accuracy  ±3  pm).  For  160  keV  Cr+-implanted 
substrates,  the  POR  depth  profile  was  measured  by 
an  etch  back  technique  using  HF  and  the  depth  was 
determined  (accuracy  +30  nm)  by  comparing  the 
Rutherford  backscattering  (RBS)  spectra  of  im¬ 
planted  Cr+  ions  in  substrates  before  etching  with 
those  after  etching  [15].  Concentrations  of  PORs 
were  measured  at  77  K  by  electron  paramagnetic 
resonance  (EPR)  spectroscopy.  Optical  absorption 
spectra  were  measured  by  a  conventional  dual-beam 
spectrophotometer  for  190-3000  nm  or  by  a  Fourier 
transform  infrared  spectrometer  for  4000-2000 
cm-1.  Measurements  of  Raman  spectra  were  carried 
out  with  a  triple-grating  type  spectrometer  using  an 
Ar+  laser  as  excitation  source. 

Direct-current  electrical  conductivities  were  mea¬ 
sured  with  an  electrometer  (detection  limit  10“ 11  A). 
Platinum  paste  electrodes  were  used  for  ^-im¬ 
planted  substrates  in  a  two-probe  configuration  and 
sputtered  Au  electrodes  were  applied  for  Mgln204 
films  in  a  four-probe  configuration.  Conductivities  in 
H+-implanted  substrates  were  measured  in  air  and  in 
an  evacuated  state  (~  10 Pa).  Hall  effect  measure¬ 
ments  in  Mgln204  films  were  carried  out  at  room 


H.  Hosono  et  al. /Journal  of  Non-Crystalline  Solids  182  (1995)  109-118 


111 


temperature  by  the  Van  der  Pauw  method,  applying  a 
static  magnetic  field  of  1  T.  A  Ga-In  alloy  was 
appropriate  as  an  electrode  to  make  a  better  Ohmic 
contact.  Conductivity  and  Hall  measurements  were 
made  by  examining  an  Ohmic  contact.  The  sign  of 
the  Seeback  coefficient  was  measured  at  room  tem¬ 
perature  under  a  temperature  gradient  of  ~  20°C. 

3.  Results 

3.1.  Depth  profile  of  implantation-induced  PORs  in 
Si02  glasses 

Fig.  1  shows  energy  depositions  and  depth  pro¬ 
files  of  PORs  in  Si02  glasses  implanted  with  160 
keV  Cr+  or  1.5  MeV  H+.  Concentrations  of  PORs  in 


the  Cr+-implanted  substrates  have  a  maximum  at 
~  100  nm  from  the  surface  and  the  profile  is  similar 
to  that  of  nuclear  energy  loss.  On  the  other  hand,  in 
the  case  of  H+  implantation,  the  depth  concentra¬ 
tions  of  PORs  gradually  increase  with  depth,  reach  a 
maximum  at  ~  20  |xm,  and  decrease  rapidly  to 
below  the  detection  limit.  This  profile  is  close  to  that 
of  the  electronic  energy  loss. 

32.  Effects  of  H+  implantation  on  phosphate  and 
silica  glasses 

Fig.  2  shows  changes  in  UV-visible  and  infrared 
absorptions  in  magnesium  phosphate  glasses  upon 
implantation  of  H+  ions  at  120  keV.  It  is  evident 
that  a  broad  absorption  band  peaking  at  ~  3200 
cm'1  is  induced  and  its  intensity  increases  with  the 


(b) 


Fig.  1.  Energy  deposition  and  depth  concentrations  of  peroxy  radicals  (POR).  Rp  and  A  Rp  denote  the  projected  range  and  range  of 
straggling,  respectively.  Energy  depositions,  Rp,  and  A Rp  were  calculated  with  the  TRIM  code,  (a)  Implantation:  Cr+-»  Si02  glass  (type 
III  [OH]  =  200  ppm),  160  keV.  The  depth  POR  concentrations  was  measured  for  substrates  implanted  to  0.5  X  10 16  cm  2  by  the  chemical 
etch-back  technique,  (b)  Implantation:  H+  Si02  glass  (VAD,  [OH]  <  0.1  ppm),  1.5  MeV.  The  depth  POR  concentrations  were  measured 
for  substrates  implanted  to  1  X  1017  cm-2  by  the  mechanical  sectioning  technique. 
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fluence  of  protons.  This  band,  which  is  close  to  that 
in  substrates  before  implantation,  is  due  to  POH 
groups  forming  a  strong  hydrogen  bonding  with  an 
oxygen  attaching  to  the  glass  network  [8].  However, 
a  new  band  peaking  at  ~  3400  cm-1,  marked  by  an 
arrow  in  the  figure,  becomes  prominent  in  the  sub¬ 
strate  implanted  to  a  fluence  of  1  X  10 18  cm-2.  This 
band  is  not  seen  for  POH  groups  in  the  substrate 
before  implantation  and  is  tentatively  attributed  to 
molecular  water  H20  [16]  from  its  similarity  to  the 
peak  position  of  H20  in  silicate  glasses  [17].  In 
UV~visible  absorption  spectra,  absorptions  extend¬ 
ing  from  a  deep  UV  region  to  ~  2  eV  are  induced  at 
fluences  >  1  X  1017  cm”2  and  their  intensities  in¬ 
crease  rapidly  at  doses  >3X1017  cm-2.  Then  the 
substrate  changed  from  being  colorless  to  reddish 
yellow.  This  absorption  and  coloring  are  close  to  that 
of  amorphous  red  phosphorus  colloids  [18]. 

Fig.  3  shows  the  changes  in  infrared  absorption 
spectra  of  Si02  glasses  with  implantation  of  150 
keV  H+.  It  is  evident  that  two  absorption  bands 
centered  at  3670  and  2230  cm"1,  which  are  due  to 
Si-OH  and  Si-H  groups  [19],  respectively,  are  in¬ 
duced  by  proton  implantation.  The  presence  of  the 
latter  band  became  clear  by  subtracting  the  spectrum 
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Fig.  2.  Visible-ultraviolet  (left)  and  infrared  (right)  absorptions 
induced  by  implantation  of  protons.  Each  spectrum  was  obtained 
by  subtracting  the  spectrum  before  implantation  from  that  after 
implantation.  The  induced  visible-UV  absorptions  appearing  >  3 
XlO17  cm-2  are  ascribed  to  amorphous  red  phosphorus  (a-Pred) 
colloids,  referring  to  the  spectra  of  a-Pred  colloids  embedded  in 
silica  fabricated  by  P  implantation.  Absorptions  appearing  in  the 
range  3800-2500  cm  ~ 1  are  due  to  stretching  vibrations  of  PO-H 
bonds.  Note  that  a  component  (indicated  by  an  arrow)  which  is 
seen  only  in  the  substrate  implanted  to  a  fluence  of  1  X  10 18  cm-2 
is  attributed  to  due  to  molecular  water,  H20. 
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Fig.  3.  Changes  in  infrared  absorption  spectra  of  SiO?  glass  (type 
IV)  upon  implantation  of  H+  ions  (150  keV,  1X1018  cm-2). 
Two  induced  bands  peaking  at  ~  3670  and  2230  cm  - 1  are  due  to 
stretching  vibrations  of  SiO-H  and  Si-H  bonds. 


of  the  substrate  before  implantation  from  that  after 
implantation.  No  formation  of  molecular  water  was 
seen.  The  concentrations  of  created  SiOH  and  SiH, 
estimated  from  the  infrared  spectra,  were  4.9  X  10 17 
and  3.7  X  10 17  cm-2,  and  the  sum  of  these  two 
concentrations  is  comparable  with  the  concentration 
(1  X  10 18  cm"2)  of  implanted  H+  ions.  In  UV-visi- 
ble  absorption  spectra  (not  shown),  there  is  a  band 
peaking  at  5,8  eV  and  a  shoulder  at  ~  5  eV,  both  of 
which  are  ascribed  to  intrinsic  point  defects  created 
by  ion  bombardment  in  silica. 

Fig.  4  shows  the  electrical  conductivities  of 
50MgO-50P2O5  glasses  implanted  with  120  keV 
H+  to  1  X  10 18  cm”2.  No  difference  in  data  was 
seen  between  samples  measured  in  air  and  in  an 
evacuated  state  within  the  experimental  uncertainty 
(~  ±10%).  Here,  conductivities  were  calculated  by 
postulating  the  thickness  of  conductive  layers  to  be  1 
pirn,  which  corresponds  to  the  calculated  depth  [20] 
of  implanted  protons.  The  conductivity  at  300  K  is 
~  10” 5  S  cm”1  and  the  estimated  activation  energy 
was  ~  18  kJ  mol  1  (0.19  eV).  The  conductivity  at 
room  temperature  is  larger  by  about  ten  orders  of 
magnitude  than  that  in  the  substrate  (containing  ~ 
0.2  mol  L  1  of  residual  OH)  before  implantation 
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(conductivities  are  controlled  by  protons  [7,  21,  22]). 
Conductivities  in  Si02  glasses  implanted  with  150 
keV  H+  to  a  fluence  of  1  X  1018  cm  2  at  ~  300  K 
were  <  10"8  S  cm-1. 

3.3.  H  +  -implanted  Ge02-Si02  glasses 

Fig.  5  shows  the  changes  in  optical  absorption 
spectra  of  lGe02-9Si02  glasses  implanted  with  1.5 
MeV  H+  to  a  fluence  of  1  X  1018  cm"2  with  depth. 
No  perceptible  optical  band  except  for  a  band  peak¬ 
ing  around  5  eV,  which  originates  from  Ge-related 
oxygen  vacancies  [23],  was  seen  in  the  substrate 
before  implantation.  Absorptions  extending  from  -  2 
to  >  7  eV  are  induced  by  implantation,  and  then  the 
substrates  appear  to  be  yellowish  brown.  It  is  evident 
from  the  figure  that  induced  absorptions  are  com¬ 
prised  of  at  least  two  components,  the  5  eV  band  and 
absorption  extending  from  a  deep  UV  to  visible 
range  including  a  shoulder  at  ~  3  eV.  No  such 
change  was  observed  in  the  substrate  implanted  with 
1.5  MeV  He+  to  a  fluence  of  1  X  1018  cm"2  as 
shown  in  inset  of  the  figure.  Fig.  6  shows  the  Raman 

TEMPERATURE  ( ) 


Fig.  4.  Semi-logarithmic  plot  of  the  electrical  conductivity  of 
50Mg050P205  glass  implanted  with  120  keV  H+  ions  to  a 
fluence  of  IX  10 18  cm-2  as  a  function  of  the  inverse  absolute 
temperature.  The  curve  is  a  least-squares  fit  (correlation  factor 
0.98)  of  the  data  of  a  linear  function  log  (conductivity)  =  a 
(1  /T)+  b  (where  a  and  b  are  constants  to  be  determined). 


Fig.  5.  Changes  in  optical  absorption  spectra  of  H+-implanted  (1.5 
MeV,  1X1018  cm-2)  10Ge02-90Si02  glass  as  a  function  of 
depth.  Numbers  in  the  figure  denote  the  thickness  removed  by 
mechanical  grinding.  The  trace  of  the  spectrum  of  the  substrate 
before  implantation  is  drawn  by  the  broken  curve.  The  inset  shows 
the  optical  absorption  spectra  of  the  substrate  before  and  after 
He+  (1.5  MeV,  1X1018  cm“2)  implantation. 


spectra  of  substrates  before  and  after  implantation.  A 
conspicuous  spectral  change  upon  implantation  is 
noted,  i.e.,  the  emergence  of  a  sharp  band  at  ~  300 
cm”1  (shaded  band).  It  is  already  known  [24]  that 
fine  particles  of  Ge  give  an  intense  Raman  scattering 
band  (peaking  at  around  300  cm-1)  originating  from 
resonance  effects  and  the  peak  width  provides  infor¬ 
mation  on  the  states  and  sizes  of  Ge  particles.  There¬ 
fore,  the  observed  300  cm"1  band  is  attributed  to 
fine  crystalline  Ge  colloid  particles.  The  colloid  size 
was  estimated  to  be  ~  8  nm  in  diameter  from  a 
relation  [24]  between  the  linewidth  of  the  band  and 
the  diameters  of  crystalline  Ge  particles  embedded  in 
amorphous  Si02  matrix  (the  linewidth  of  amorphous 
Ge  particles  is  much  broader  than  that  of  crystalline 
particles  [24]).  The  optical  absorption  [25]  of  Ge 
particles  7-10  nm  in  diameter  is  consistent  with  the 
observed  absorption  having  a  shoulder  at  ~  3  eV.  In 
infrared  spectra,  the  formation  of  GeOH  and  SiOH 
groups  was  observed  in  the  substrate  after  implanta¬ 
tion  as  shown  in  inset  to  Fig.  6  (lower  right).  Fig.  7 
shows  the  depth  intensity  of  absorption  at  3  eV,  i.e., 
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Fig.  6.  Raman  spectra  of  10Ge02-90Si02  glass  substrate  before 
and  after  H+  (1.5  MeV,  1  X10IS  cm-2)  implantation.  The  inset 
(upper  left)  shows  a  portion  of  the  sharp  band  appearing  at  ~  300 
cm"1  measured  at  a  resolution  of  1  cm”1.  Excitation:  Ar+  laser 
(514.5  nm,  250  mW).  Infrared  absorption  bands  of  SiOH  and 
GeOH  arc  observed  in  the  substrate  after  implantation  as  shown  in 
the  inset  (lower  right). 


the  depth  concentrations  of  Ge  colloids  and  energy 
depositions.  The  profile  of  the  electronic  energy  loss 
is  similar  to  that  of  the  absorption.  No  formation  of 
Si  particles  was  observed  in  lGe02-9Si09  or  in 
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Fig.  7.  Electronic  energy  loss  and  depth  intensity  of  absorption  at 
3  eV.  The  electronic  energy  loss  was  calculated  for  H+  -> 
!Ge02-9Si02  substrate  with  the  TRIM  code  [20]  and  the  depth 
intensity  of  the  absorption  at  3  eV  was  evaluated  from  Fig.  5.  Rp 
and  NRp  denote  the  calculated  projected  range  and  range  of 
straggling,  respectively. 
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Fig.  8.  Temperature  dependence  of  the  electrical  conductivities  of 
Mgln204  sputtered  films.  The  conductivities  in  the  substrate 
before  implantation  are  <  10” 7  S/cm.  As-implanted:  H+  ions 
were  implanted  at  50  keV  to  1  X  1016  cm”2  and  then  at  80  keV  to 
1X1016  cm-2.  Annealed  at  300°C:  after  annealing  of  as-im¬ 
planted  substrate  at  300°C  for  1  h  in  air.  The  inset  shows  the 
optical  transmission  spectra  of  substrates  before  and  after  implan¬ 
tation  and  the  implanted  substrate  after  post  annealing  at  300°C. 

Si02  glasses  (hydroxyl  free  type)  implanted  with 
protons  under  the  same  conditions. 

3.4.  Changes  in  optical  and  electrical  properties  of 
Mgln204  films 

Fig.  8  shows  the  electrical  conductivities  of 
Mgln204  sputter-deposited  films  before  and  after 
H+  implantation  and  after  post  thermal  annealing. 
Conductivity  at  room  temperature  increased  by  more 
than  eight  orders  of  magnitude  after  implantation, 
i.e.,  from  <  1CT7  to  1.5  X  10  S  cm'1.  The  mobility 
and  carrier  electron  concentrations  (the  sign  of  Hall 
voltages  showed  that  the  electrons)  evaluated  by  Hall 
effect  measurements  were  3  cm2/V  s  and  3  X  10 19 
cm"3  at  ~  300  K  in  the  as-implanted  substrate.  No 
such  carrier  generation  was  observed  on  implantation 
of  He+  ions.  Two  optical  absorption  bands  were 
induced  by  proton  implantation  as  shown  in  the  inset 
to  Fig.  8,  a  band  centered  at  ~  500  nm  and  a  band 
extending  from  ~  800  nm  to  >  2600  nm.  When  the 
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as-implanted  substrate  was  annealed  at  300°C  for  1  h 
in  air,  the  former  band  faded  but  the  latter  absorption 
developed.  Then,  conductivities  were  reduced  over 
the  entire  temperature  range  by  about  an  order  of 
magnitude  compared  with  those  in  the  as-implanted 
substrate.  The  carrier  concentration  was  enhanced 
from  3  X  1019  to  6  X  1019  cm-3,  whereas  the  mobil¬ 
ity  was  reduced  from  3  to  0.2  cm2  V  1  s  No 
change  in  X-ray  diffraction  pattern  was  perceived 
after  implantation  or  post  annealing  of  the  as-im¬ 
planted  substrate. 

4.  Discussion 

4.1.  Two  formation  channels  of  PORs  in  implanted 
Si02  glass 

Substrate  silica  glasses  used  for  Cr+  and  H  + 
implantation  are  type  III  (prepared  by  flame  hydroly¬ 
sis  of  SiCl4)  and  contain  ~  200  ppm  of  residual 
SiOH  groups.  The  predominant  oxygen-associated 
paramagnetic  defects  in  type  III  silica  irradiated  with 
ionizing  radiation  such  as  y-rays  is  not  a  POR  but  a 
non-bridging  oxygen  hole  center  NBOHC,  which  is 
created  via  radiolysis  of  SiOH  groups  [26]. 

However,  Tsai  and  Griscom  [27]  found  in  type  III 
(wet)  Si07  glasses  irradiated  with  ArF  excimer  laser 
light  (6.4  eV)  that  although  the  predominant  oxygen 
hole  center  (OHC)  is  a  NBOHC  in  the  unfocused 
region  as  was  already  known,  a  POR  becomes  the 
major  OHC  in  place  of  NBOHC  in  the  focused 
region  and  the  POR  concentration  is  much  higher 
than  that  of  precursors  even  in  the  as-irradiated  state 
(POR  concentrations  increase  after  annealing  at 
100-200°C  through  a  reaction  of  E'  centers  and 
molecular  oxygens,  which  are  created  by  dense  elec¬ 
tronic  excitation).  This  finding  indicates  that  dense 
electronic  excitation  of  amorphous  Si02  induces  the 
formation  of  PORs  from  Si-O-Si  bonds  via  an 
intrinsic  mechanism.  It  is  now  established  that  self- 
trapped  excitons  (STE)  are  formed  in  crystalline  and 
amorphous  Si02  as  in  alkali  halides  by  electronic 
excitation  [28-30]. 

In  1979,  Griscom  [29]  proposed  a  structural  model 
of  STE,  which  is  composed  of  a  peroxy  radical  and  a 
E'  center.  Recently  Shluger  and  Stefanovich  [30] 
proposed  a  structural  model  of  STE  in  silica  and  a 


defect  pair  of  an  oxygen  vacancy  and  an  oxygen 
interstitial  by  self-consistent-field  molecular-orbital 
calculations.  The  STE  is  composed  of  a  hole  local¬ 
ized  on  a  singly  bonded  oxygen  (Si-O— Si  bonds  are 
broken  by  energy  localization)  and  an  electron  which 
is  trapped  in  the  Coulombic  field  of  the  localized 
hole.  When  the  oxygen  on  which  the  hole  is  trapped 
moves  to  a  neighboring  oxygen,  it  results  in  a  neutral 
oxygen  vacancy  and  a  peroxy  bridge  Si-O-O-Si. 
This  structure  is  the  proposed  model  of  defect  pairs 
created  from  decay  of  the  STE.  Both  models  may 
explain  the  formation  of  E'  centers  and  POR  (in  the 
latter  model,  the  POR  is  created  by  trapping  a  hole 
on  the  peroxy  bridge).  Therefore,  we  consider  that 
PORs  in  the  H+-implanted  silica  are  created  primar¬ 
ily  by  dense  electronic  excitation  with  energetic  H  + 
via  an  excitonic  mechanism. 

On  the  other  hand,  a  similarity  in  depth  profile 
between  nuclear  energy  loss  and  PORs  indicates  that 
the  PORs  are  created  in  the  Cr+-implanted  substrates 
by  knock-on  events.  As  a  consequence,  it  turns  out 
that  PORs  are  created  in  implanted  amorphous  silica 
either  by  electronic  excitation  or  elastic  collision. 
The  present  results  strongly  indicate  that  the  primary 
factor,  elastic  or  inelastic  energy  loss,  controlling 
defect  formation  in  amorphous  Si02  is  the  mass  of 
implanted  ions  (it  was  reported  by  Pfeffer  [31]  that 
ionization  rather  than  atomic  collision  is  the  predom¬ 
inant  defect  formation  mechanism  in  Si02  by  fast 
electron  irradiation).  The  major  problem  to  be  clari¬ 
fied  first  is  to  evaluate  the  efficiency  of  POR  forma¬ 
tion  by  these  two  mechanisms.  The  determination  of 
a  saturation  fluence  by  examining  the  fluence  depen¬ 
dence  is  indispensable  for  this  evaluation. 

4.2.  Requirements  for  glasses  with  high  proton  con¬ 
ductivity 

According  to  experimental  works  on  protonic 
conduction  in  oxide  glasses  by  Abe  and  co-workers 
[7,9,21,22],  the  conductivity,  or417K  (S  cm-1),  is 
related  to  the  concentration  of  protons,  [H  +  ]  (mol  1), 
and  the  peak  wave  number,  vou  (cm-1),  of  the 
infrared  absorption  band  due  to  OH  stretching  vibra¬ 
tion  through 

°417  k  =^h[FI+  ]  ,  (1) 

log  A. H  =  —  0.0097z'oh  +  17.1,  (2) 
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where  cr417K  is  the  conductivity  at  a  reference  tem¬ 
perature  of  417  K  and  AH  is  a  constant  depending 
on  the  glass  composition,  and  is  a  measure  of  the 
protons  mobility.  These  equations  have  been  ob¬ 
tained  from  the  experimental  data  for  about  80  types 
of  oxide  glass  containing  only  residual  X-OH  groups 
(X  =  Si,  P  and  B)  (no  molecular  water  is  contained ). 
The  activation  energy,  E  (kJ  mol1),  in  Mg0-P205 
glasses  is  also  related  to  proton  concentrations 
through 

E  =  110-12  log[H+].  (3) 

Let  us  calculate  the  conductivity  and  activation 
energy  in  H+-implanted  (1  X  10 18  cm-2)  magne¬ 
sium  phosphate  glasses.  The  produced  POH  concen¬ 
tration  estimated  from  the  peak  height  of  POH  band 
(at  ~  3200  cm-1)  using  a  molar  absorption  coeffi¬ 
cient  of  1 50  1  cm  mol  “ 1  is  2.7  mol  1  1 .  Putting  these 
values  into  Eqs.  (l)-(3),  we  obtain  <x4i7  K  =  1(T12  S 
cm-1  and  E  =  105  kJ  mol1.  The  observed  conduc¬ 
tivity  cr417K  is  —  10-4,  which  is  larger  by  about 
eight  orders  of  magnitude  than  the  calculated  one, 
and  the  observed  activation  energy  is  about  one-sixth 
of  the  calculated  one.  These  conspicuous  discrepan¬ 
cies  suggest  that  fast  protonic  conduction  in  ^-im¬ 
planted  Mg0-P205  glasses  is  not  related  to  OH 
groups.  We  propose  that  the  present  results  are  re¬ 
lated  to  the  formation  of  molecular  water.  Since 
protons  are  transferred  as  H30  +  in  acid  solutions, 
we  consider  that  the  coexistence  of  acidic  POH 
groups  and  H20  results  in  easy  formation  of  H30  + 
and  hence  the  mobility  is  greatly  enhanced  compared 
with  the  system  involving  no  molecular  water.  In 
fact,  H5Mo12P04  •  29H20  [32],  H3W12P04  •  29H20 
[32]  and  HU02P04*4H20  [33],  all  of  which  are 
known  as  fast  protonic  at  room  temperature,  com¬ 
monly  contain  both  POH  and  H20. 

In  the  case  of  H-implanted  Si02  glasses,  SiOH 
and  SiH  groups  are  created  at  comparable  concentra¬ 
tions  and  the  sum  of  these  two  groups  is  close  to  the 
concentration  of  implanted  protons.  These  results 
indicate  that  most  of  the  implanted  H+  ions  react 
with  Si— O— Si  bonds  to  form  Si-OH  and  Si-H,  but 
the  reaction  does  not  proceed  to  reduction  of  Si4  + 
ions  into  the  neutral  state  such  as  in  the  case  of 
H+-implanted  MgO  •  P205  glasses.  This  difference 
may  be  attributed  to  that  in  thermodynamic  stability 
of  Si02  and  P205,  i.e.,  standard  Gibbs’  free  energy 


formation  AG*nn  K(1/5P203)  =  -580  kJ/mol  > 
AG30()  K(Si02)  =  -850  kJ/mol. 

4.3.  Formation  of  nanosized  Ge  colloids  by  implan¬ 
tation  of  protons 

It  is  worth  noting  that  crystalline  Ge  particles  are 
obtained  in  the  as-implanted  state  without  post  ther¬ 
mal  annealing.  There  are  several  works  reporting  that 
nanosized  Ge  particles  embedded  in  amorphous  sil¬ 
ica  and  related  materials  can  be  synthesized  by  co¬ 
sputtering  of  Ge  and  silica  or  plasma-enhanced 
chemical  vapor  deposition  using  relevant  gases. 
However,  post  thermal  annealing  at  >  600-800°C 
of  as-deposited  films  is  necessary  to  obtain  crys¬ 
talline  Ge  particles  [24,25].  It  is  interesting  to  note 
that  when  Ge  ions  are  implanted  into  SiO?  glasses, 
nanocrystalline  Ge  cannot  be  obtained  in  the  as-im¬ 
planted  state  and  post  annealing  at  temperatures  > 
600°C  is  needed  [34]. 

The  profile  of  the  electronic  energy  deposition  is 
similar  to  that  of  the  absorption,  suggesting  that 
electronic  excitation  plays  an  important  role  in  the 
formation  of  Ge  colloids.  It  is,  however,  assumed 
from  the  result  on  the  He+  implantation  that  elec¬ 
tronic  excitation  with  a  rare  gas  ion  is  much  less 
efficient  than  that  with  H+,  i.e.,  chemical  interac¬ 
tions  of  implanted  protons  with  ions  in  the  substrates 
play  a  key  role  in  the  formation  of  Ge  colloids.  Since 
SiOH  and  GeOH  groups  are  produced  with  H+-im- 
plantation,  we  consider  that  Ge02  components  in  the 
substrate  glasses  are  reduced  to  Ge  particles  (Ge02 
+  4  H  ->  Ge  +  4H20).  In  thermodynamic  argument, 
whether  the  elementary  state  is  formed  or  not  is 
determined  by  the  magnitude  of  free-energy  changes, 
AGf,  in  the  formation  of  oxide  of  an  ion.  AGf 
(~  —500  kJ  mol-1  at  300  K)  of  Ge02  is  much 

larger  than  that  ( - 850  kJ  mol"1)  of  Si02;  hence, 

it  is  assumed  that  Ge02  is  much  more  easily  reduced 
to  elementary  colloids  compared  with  Si02.  This  is 
consistent  with  the  experimental  result.  So  far,  col¬ 
loid  particles  have  been  produced  by  implanting  ions 
of  a  desired  colloid  into  substrates,  to  our  knowl¬ 
edge.  The  present  method  can  be  applicable  to  vari¬ 
ous  colloids.  An  advantage  of  this  method  is  that  it  is 
capable  of  creating  colloids  at  much  deeper  regions 
from  the  surface. 
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4.4.  Carrier  generation  in  implanted  M gin 204 

Since  no  significant  conductivity  increase  was 
observed  in  He-implanted  substrates,  we  conclude 
that  chemical  interactions  of  implanted  H+  ions  with 
ions  in  the  substrate  control  key  events.  According  to 
tight-binding  calculations,  the  bottom  of  the  conduc¬ 
tion  band  of  Mgln204  crystal  is  mainly  constituted 
of  the  In  5s  orbital  and  the  dispersion  near  the  T 
point  is  considerably  large.  The  effective  mass  of  the 
electron,  m  * ,  which  is  inversely  proportional  to  the 
carrier  mobility,  p,  can  be  related  to  the  curvature  of 
e  versus  k  (at  the  bottom  of  the  band)  through 

1/m*  —  (l/h2)(d2e/&K2).  (4) 

Here  e  and  k  denote  the  electronic  energy  and  wave 
vector,  respectively.  It  is  therefore  obvious  that  high 
mobility  should  be  obtained  in  Mgln204  if  carrier 
electrons  can  be  injected  into  the  conduction  band. 
On  the  assumption  that  each  implanted  H+  generates 
a  conduction  electron,  the  carrier  generation  efficien¬ 
cies  in  the  as-implanted  substrate  and  in  the  post 
annealed  substrate  were  ~  20  and  ~  40%,  respec¬ 
tively. 

An  optical  band  at  ~  500  nm  was  induced  in  both 
the  He-  and  H-implanted  substrates.  On  the  other 
hand,  another  induced  band  extending  to  the  infrared 
region  was  not  seen  in  the  He+-implanted  substrate 
and  its  intensity  increases  on  annealing  of  the  as 
(H  +  )-implanted  substrate.  This  intensity  increase  is 
parallel  to  an  increase  in  concentration  of  carrier 
electrons.  Thus,  we  attribute  the  former  band  and  the 
latter  absorption  to  be  due  to  a  color  center  produced 
by  ion  bombardment  and  to  a  plasma  oscillation 
arising  from  generated  carrier  electrons,  respectively. 
Since  the  optical  band  gap  of  Mgln204  is  ~  3.5  eV 
and  the  tail  of  the  plasmon  band  almost  ends  at 
~  800  nm,  H+-implanted  Mgln204  is  almost  color¬ 
less  after  annealing  at  300°C  but  has  high  electrical 
conductivity,  i.e.,  a  novel  transparent  conducting  ox¬ 
ide  material  has  been  created  by  carrier  injection 
using  proton  implantation. 


5.  Summary 

(l)  Fast  proton  conducting  glasses  were  obtained 
by  implantation  of  protons  (120  keV,  lXl018cm-2) 


into  magnesium  phosphate  glasses.  The  conductivity 
at  room  temperature  was  ~  10" 5  S  cm-1  and  the 
activation  energy  was  ~  18  kJ  mol-1  (0.19  eV).  We 
suggested  that  the  coexistence  of  molecular  water 
and  OH  groups  is  requisite  to  obtain  fast  H+  conduc¬ 
tion  in  glass. 

(2)  Nanocrystalline  Ge  colloids  embedded  in  glass 
were  fabricated  only  by  implanting  protons  into  ger- 
manosilica  glass  substrates.  No  post  annealing  was 
needed  to  crystallize  Ge. 

(3)  Conduction  carriers  were  generated  efficiently 
in  nanosized  Mgln204  crystallites  with  spinel-type 
structure  by  proton  implantation  without  post  anneal¬ 
ing.  Electric  conductivities  at  room  temperature  in¬ 
creased  from  <  10” 7  to  1.5  X  10  S  cm-1.  We  pos¬ 
tulated  that  an  implanted  H+  generates  a  carrier 
electron,  the  efficiency  of  carrier  generation  was 
~  20%  for  the  substrate  implanted  with  50  keV 
1  X  1016  cm-2  +  80  keV  1  X  1016  cm-2. 

(4)  Peroxy  radicals  in  amorphous  Si02  implanted 
with  1.5  MeV  H+  were  created  primarily  by  elec¬ 
tronic  excitation. 
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Abstract 

An  electron  spin  resonance  study  has  been  carried  out  on  E'7  centers  in  7-irradiated  silica  glasses  of  various  "  Si 
enrichments,  with  the  object  of  measuring  superhyperfine  splittings  due  to  29Si  nuclei  at  the  three  closest  silicon  neighbors  to 
the  silicon  of  the  unpaired  spin.  Experimental  spectra  obtained  at  X  band  (9.1  GHz)  in  the  absorption  mode  and  at  Ka  band 
(35.0  GHz)  in  the  rapid-passage  dispersion  mode  are  compared  with  computer  lineshape  simulations  based  on  a  simple 
tight-binding  model  anchored  to  literature  values  of  the  so-called  ‘weak’  29Si  hyperfine  splittings  of  the  E',  center  in 
a-quartz.  Surprisingly  few  E'y  sites  are  found  in  the  glasses  to  exhibit  such  ‘weak’  splittings.  To  reconcile  this  result  with 
the  model  assumption  made  by  Mozzi  and  Warren  and  the  supporting  analyses  of  Galeener,  it  is  suppose  that  dihedral  angles 
in  glassy  silica  might  be  relatively  uniformly  distributed  and  uncorrelated  with  the  Si-O-Si  angle  distribution  in  the 
undamaged  glass  but  that  backward  puckering  relaxations  (similar  to  that  calculated  by  Rudra  et  al.  for  the  E'2  center  in 
quartz)  may  be  pervasive  at  E'  (oxygen  vacancy)  sites  in  glassy  silica,  causing  dihedral  angles  in  the  range  100  <  al  <  140° 
to  be  ‘read  out’  in  the  present  experiment  as  falling  in  the  range  80  >  ax  >  40° 


1.  Introduction 

Both  amorphous  and  crystalline  forms  of  silicon 
dioxide  are  materials  of  high  technological  impor¬ 
tance,  with  the  former  playing  critical  roles  in  both 
fiber-optic  and  metal-oxide-semiconductor  (MOS) 
applications,  while  a-quartz  is  widely  used  for  crys¬ 
tal  oscillators.  Thus,  for  practical  reasons,  there  is 
strong  interest  in  knowledge  of  the  structures  of 
these  materials.  In  addition,  the  structure  of  silica 
glass  has  been  the  object  of  intensive  studies  because 
it  is  a  ‘simple’  single-component  prototype  for  a  host 
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of  practical  network  glasses.  The  structures  of  a- 
quartz  and  other  crystalline  polymorphs  of  Si02  are 
well  known  from  diffraction  studies  [1].  The  struc¬ 
tures  of  various  amorphous  forms  of  silicon  dioxide 
(which  may  depend  strongly  on  preparation  history) 
are  knowable  to  a  degree  by  the  practice  of 
‘amorphography’,  which,  as  defined  by  Wright  [2-4], 
consists  of  the  careful  comparison  of  the  predictions 
of  various  structural  models  against  the  results  of 
high-precision  diffraction  experiments.  It  is  critical 
to  recognize  the  role  of  models  in  amorphography. 
For  example,  the  well  known  distribution  of  Si-O-Si 
bond  angles  in  silica  glass  derived  by  Mozzi  and 
Warren  [5]  was  based  on  the  model  assumption  of  a 
completely  random  distribution  in  dihedral  angles 
(designated  a[  in  Fig.  1).  If  a  different  distribution 
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Fig.  1.  Definitions  of  Si-O-Si  bond  angle,  13,  and  dihedral 
angles,  a,  and  a2 .  Dashed  cone  in  (a)  represents  the  locus  of 
possible  positions  of  Si2  obtainable  by  varying  a ,  for  fixed  13. 
Panel  (b)  is  a  view  along  direction  of  arrow  in  (a).  (Adapted  from 
Ref.  [2].) 

in  had  been  assumed,  a  different  distribution  in 
Si-O-Si  angle  (denoted  /3  in  fig.  1)  would  have 
resulted  from  the  analysis.  Similar  Si-O-Si  bond 
angle  distributions  in  silica  glass  have  also  been 
obtained  from  magic-angle  spinning-sample  NMR 
[6-8],  although  again  not  without  model  assumptions 
(e.g.,  linear  proportionality  between  /3  and  the  chem¬ 


ical  shift,  irrespective  of  a^).  Thus,  while  further 
refinements  in  these  types  of  data  may  yet  begin  to 
constrain  the  distributions  in  both  types  of  bond 
angle,  it  remains  desirable  to  identify  additional  ex¬ 
perimental  techniques  capable  of  providing  indepen¬ 
dent  information  on  the  interconnection  of  adjacent 
structural  units  in  amorphous  Si02,  i.e.,  the  interme¬ 
diate-range  order  defined  by  Galeener  [9]  or  the 
similarly  defined  range-II  order  of  Wright  [4]. 

Radiation-induced  defect  centers  in  silica  glasses 
have  been  extensively  studied  by  various  spectro¬ 
scopic  methods  for  about  forty  years  [10-15].  Again, 
technology  was  a  prime  driving  force  for  this  work 
(although  investigator  curiosity  was  still  an  accepted 
motivation  in  the  1950s  and  1960s).  Windows  and 
fiber  optics  must  not  black  out  under  irradiation,  nor 
must  electrical  charge  be  allowed  to  build  up  in  the 
gate  oxide  of  MOS  transistors.  Similarly,  there  is  a 
concern  that  quartz  crystal  frequency  standards  be 
insensitive  to  nuclear  or  ionizing  radiations.  One  of 
the  early  tasks  of  researchers  in  this  field  was  to 
distinguish  intrinsic  color  centers  from  defects  asso¬ 
ciated  with  impurities,  and  one  of  the  earliest  suc¬ 
cesses  was  the  identification  of  a  family  of  intrinsic 
color  centers  associated  with  oxygen  vacancies  (the 
E'  centers  of  Weeks  [10,11]). 
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311.9 


■y  a 


333.0  333.4  333.8 

Magnetic  Field  (mT) 


■v  h 


352.2 


Fig.  2.  ESR  spectrum  of  E\  centers  in  irradiated  a-quartz  recorded  with  the  direction  of  the  applied  magnetic  field  accurately  parallel  to  the 
c-axis.  Satellite  lines  are  the  so-called  ‘strong,’  ‘weak,’  and  ‘very  weak’  hyperfine  splittings  of  the  4.7%  abundant  29Si  isotope.  (Adapted 
from  Ref.  [21].)  (The  corresponding  lines  recorded  for  silica  glasses  are  much  broader  and  in  some  cases  overlapping.) 
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Electron  spin  resonance  (ESR)  was,  and  remains, 
the  experimental  technique  of  choice  to  elucidate  the 
atomic-scale  structures  of  defects  which  are  para¬ 
magnetic,  i.e.,  those  which  contain  an  unpaired  elec¬ 
tron  ‘spin’  in  the  highest  occupied  orbital.  Weil  has 
published  two  comprehensive  reviews  [16,17]  on 
what  has  been  learned  from  ESR  studies  of  both 
intrinsic  and  impurity-related  point  defects  in  a- 
quartz.  The  ESR  spectra  of  point  defects  in  pure  and 
doped  oxide  glasses  have  been  reviewed  by  Griscom 
[18].  Families  of  E'  centers  are  known  in  both  crys¬ 
talline  and  glassy  Si02. 

LI.  E'  centers  in  crystalline  quartz 

The  best  information  on  the  E'  centers  comes 
from  irradiated  single  crystals  of  a-quartz,  since  the 
angular-dependent  line  positions  can  be  related  to  the 
crystal  structure  known  from  diffraction  methods. 
For  a  general  orientation  of  the  direction  of  the 
applied  magnetic  field  with  respect  to  the  crystal 
axes,  the  ESR  spectrum  of  the  E\  center  in  a-quartz 
comprises  six  equally  intense  symmetry-related  lines; 
these  coalesce  into  a  single  line  when  the  field 
direction  is  made  parallel  to  the  c-axis  [11,19-21]. 
Each  of  these  six  principal  lines  is  flanked  by  several 
pairs  of  additional  lines  with  relative  intensities 
~  2.5%  [11,19-21].  These  satellite  pairs  are  recog¬ 
nized  as  hyperfine  structure  due  to  spin-|  nuclear 
species  at  or  near  the  defect  sites.  As  illustrated  in 
Fig.  2,  so-called  ‘strong’,  ‘weak’  and  ‘very  weak’ 
hyperfine  pairs  have  been  recorded,  characterized  by 
magnetic  field  splittings  of  about  41,  0.8  and  0.05 
mT,  respectively  [21]  (the  descriptive  nomenclature 
refers  to  the  magnitudes  of  the  splittings  and  not 
their  intensities).  For  the  E',  center,  there  is  one 
‘strong’  doublet  and  two  each  of  the  ‘weak’  and 
‘very  weak’  splittings  [11,19-21].  Each  of  these 
pairs  is  believed  to  be  due  a  hyperfine  interaction 
with  the  29  Si  isotope,  which  is  4.7%  abundant  in 
nature  and  is  possessed  of  a  nuclear  spin,  I  =  The 
notion  that  the  ‘weak’  pairs  in  quartz  might  be  due 
to  impurity  protons  (also  I  =  was  unambiguously 
dispelled  by  the  careful  electron-nuclear  double  res¬ 
onance  (ENDOR)  measurements  of  Jani  et  al.  [21], 
The  29 Si  origin  of  the  ‘strong’  doublet  is  so  univer¬ 
sally  accepted  that  no  ENDOR  experiment  has  been 
thought  necessary.  Nevertheless,  in  the  case  of  silica 


glass ,  a  suggestion  [22]  that  the  ‘strong’  42  mT 
splitting  is  due  to  an  interaction  with  an  impurity 
proton  was  definitively  disproved  by  systematic  29  Si 
isotopic  substitution  experiments  [23]. 

Angular  dependence  data  recorded  by  Silsbee  [20] 
for  the  ‘strong’  hyperfine  splitting  of  the  E\  center  in 
a-quartz  demonstrated  the  unpaired  spin  to  be  con¬ 
fined  to  an  sp-type  orbital  of  a  single  silicon  atom, 
this  orbital  being  oriented  parallel  to  a  ‘short’  Si-0 
bond  direction  in  the  quartz  structure.  (For  each 
silicon,  there  are  two  Tong’  and  two  ‘short’  Si-0 
bonds  of  lengths  1.611  and  1.604  A,  respectively.) 
This  fundamental  result  was  reconfirmed  in  meticu¬ 
lous  studies  by  Feigl  and  Anderson  [19]  and  Jani  et 
al.  [21].  Silsbee’s  analysis  of  the  ‘strong’  hyperfine 
data,  based  on  the  local-hybrid  model  (for  a  review, 
see  Cook  and  White  [24]),  indicated  more  specifi¬ 
cally  that  the  unpaired  spin  occupies  an  sp3  (tetra¬ 
hedral)  orbital.  Recently,  weaknesses  in  the  tradi¬ 
tional  application  of  this  model  have  been  pointed 
out  by  Edwards  and  Fowler  [25],  who  argued  that  it 
may  be  impossible  to  extract  the  exact  sp  ratio  from 
presently  available  theory.  Nevertheless,  the  essential 
‘sp-type  dangling  orbital’  picture  of  the  defect  evoked 
by  Silsbee  remains  beyond  challenge.  However,  for  a 
period  of  a  dozen  years  or  so  following  Silsbee’s 
work,  there  existed  considerable  puzzlement  over  the 
experimental  evidence  of  the  unpaired  spin  being 
confined  to  a  single  silicon  dangling  orbital,  since 
two  dangling  orbitals  point  into  each  simple  oxygen 
vacancy  (Fig.  3(b)).  (This  led,  for  example,  to  the 
postulation  of  a  silicon-oxygen  divacancy  model 
[11].)  The  asymmetric-relaxation  model  proposed  in 
1974  by  Feigl  et  al.  [26]  and  subsequently  supported 
by  the  quantum-chemical  calculations  of  a  number  of 
authors  [27-31]  has  now  explained  this  paradox  (see 
Fig.  3(c)). 

With  the  ‘strong’  splitting  now  understood  as  the 
29  Si  hyperfine  interaction  of  the  unpaired  spin  with 
the  atom  on  which  it  is  primarily  localized,  i.e.,  Si(0) 
in  Fig.  3(c),  the  ‘weak’  and  ‘very  weak’  splittings 
may  be  supposed  to  be  due  to  Si  nuclei  in  neigh¬ 
boring  sites.  Such  near-neighbor  hyperfine  interac¬ 
tions  are  commonly  referred  to  as  superhyperfine 
structure  (SHFS).  Feigl  et  al.  [26]  assumed  that  one 
of  the  two  ‘weak’  splittings  could  be  due  to  a 
superhyperfine  interaction  with  Si(l)  in  Fig.  3,  and 
the  calculations  of  Yip  and  Fowler  [27]  verified  that 
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this  model  was  a  possibility  by  finding  order-of- 
magnitude  agreement  between  Silsbee’s  data  [20] 
and  their  calculations  on  the  model.  However,  Jani  et 
al.  [21],  sensing  a  high  degree  of  uncertainty  in  both 
the  data  and  the  model,  obtained  higher-precision 
angular  dependence  data  for  the  two  ‘weak’  hyper- 
fine  interactions  of  the  E'j  center  in  a-quartz.  On  the 
basis  of  their  findings,  it  became  apparent  that  the 
‘weak’  interactions  are  almost  certain  to  be  with  the 
silicons  bonded  to  oxygens  0(2)  and  0(3)  in  Fig.  3. 
For  convenience  we  denote  the  nearest-neighbor  sili¬ 
cons  not  shown  at  the  bottom  of  Fig.  3  as  Si(2),  Si(3) 
and  Si(4),  according  to  the  oxygens  to  which  they 
are  respectively  bonded.  Fig.  4(a)  shows  the  posi¬ 
tions  of  Si(2)  and  Si(3)  with  respect  to  the  orienta¬ 
tion  of  the  sp  orbital  on  Si(0)  which  comprises  the 
E'j  center  in  a-quartz.  Not  being  able  to  explain  the 
absence  of  a  similar  ‘weak’  interaction  with  Si(4), 
Jani  et  al.  [21]  tentatively  proposed  an  oxygen  va¬ 
cancy  at  the  0(4)  position  -  in  addition  to  the 
accepted  one  at  the  0(1)  position.  The  increased 
precision  of  Jani  et  al.’s  measurements,  together  with 
the  controversial  new  divacancy  model  it  spawned, 


Fig.  3. (a)  A  fragment  of  the  structure  of  a-quartz  projected  into 
the  plane  of  Si(0),  0(1),  and  Si(  1).  ‘L’  and  ‘S’  designate  the 
so-called  ‘long’  and  ‘short’  bonds,  (b)  An  unrclaxed  oxygen 
vacancy  created  by  removal  of  0(1).  If  the  vacancy  is  electrostati¬ 
cally  neutral,  the  dangling  sp  orbitals  on  Si(0)  and  Si(l)  (dashed 
‘balloons’)  contain  a  total  of  two  electrons,  (c)  Feigl-Fowler-Yip 
asymmetric-relaxation  model  for  the  (positively  charged)  E'j  cen¬ 
ter  in  irradiated  a-quartz.  Note  that  Si(0)  puckers  forward  toward 
the  vacancy,  while  Si(l)  relaxes  into  the  plane  of  its  three 
coordinating  oxygens.  This  model  accounts  for  the  available  ESR 
and  ENDOR  data  and  is  supported  by  numerous  semiempirical 
and  ab  initio  calculations.  (Adapted  from  Ref.  [26].) 
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Fig.  4.  (a)  E',  -center  model  from  Fig.  3(c)  expanded  to  show 
positions  of  near-neighbor  silicon  atoms  (Si(2)  and  Si(3))  respon¬ 
sible  for  the  ‘weak’  29 Si  hyperfinc  structure.  The  terminologies 
‘back  bond’  and  ‘equatorial  bond’  are  explained  in  the  text,  (b) 
Definition  of  angles  6  and  17  used  in  our  tight-binding  calculation. 
The  z-axis  in  (b)  is  taken  to  be  parallel  to  the  dangling  orbital 
represented  by  the  ‘balloon’  in  (a)  and  the  jp-axis  lies  in  the  plane 
z-Si(0)-O(2). 


proved  to  be  the  catalyst  for  the  next  major  step 
forward  in  theory  of  the  E'j  center. 

Rudra  and  Fowler  [28],  taking  into  consideration 
the  complexity  of  the  quartz  structure  and  the  many 
possible  structural  relaxations,  employed  semiempiri¬ 
cal  molecular  orbital  methods  -  modified  intermedi¬ 
ate  neglect  of  differential  overlap  (MINDO/3)  and 
its  open  shell  version  MOPN  -  to  perform  calcula¬ 
tions  involving  clusters  of  atoms  (30-40)  much  larger 
than  had  previously  been  possible.  In  this  way,  they 
were  able  to  examine  the  predicted  29Si  superhyper- 
fine  interactions  of  the  E',  center  at  all  of  the 
nearest-neighbor  silicon  sites.  From  the  standpoint  of 
the  present  paper,  the  most  interesting  findings  of 
Rudra  and  Fowler  [28]  were  (i)  calculations  of  the 
hyperfine  interactions  with  Si(2)  and  Si(3)  which 
were  within  10-30%  of  the  experimental  ‘weak’ 
splittings  and  (ii)  a  calculated  interaction  with  Si(4) 
which  came  out  comparable  in  magnitude  with  the 
‘very  weak’  splittings  without  resort  to  positing  a 
vacancy  at  the  0(4)  site.  Rudra  and  Fowler  [28] 
remarked  that  “the  positions  of  only  Si(2)  and  Si(3) 
are  mutually  equivalent  with  respect  to  the  unpaired 
electron  on  Si(0),  and  the  position  of  Si(4)  is  com¬ 
pletely  different  in  this  regard” .  The  meaning  of  this 
remark  becomes  transparent  by  reference  to  Fig. 
4(a).  We  refer  to  bonds  of  the  type  Si(0)-O(2)-Si(2) 
and  Si(0)-O(3)-Si(3)  as  ‘back  bonds’  because  they 
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point  backwards  from  the  direction  of  the  dangling 
sp  orbital  on  Si(0).  As  distinguished  from  this,  we 
refer  to  bonds  of  the  type  Si(0)-O(4)-Si(4)  as  equa¬ 
torial  bonds  since  Si(4)  (not  shown  in  the  figure) 
falls  near  the  equator  of  a  sphere  centered  on  Si(0) 
with  its  polar  axis  pointing  along  the  direction  of  the 
dangling  orbital. 

1.2.  Rationale  for  the  present  work 

We  have  become  convinced  that  Rudra  and  Fowler 
[28]  have  hit  upon  something  fundamental,  although 
they  had  not  fully  spelled  it  out.  In  the  present  paper 
we  attempt  to  generalize  the  model  implications  of 
the  Rudra-Fowler  ‘weak’  hyperfine  structure  (HFS) 
calculations  by  using  a  simple  tight-binding  model 
[32]  to  investigate  theoretically  the  superhyperfine 
interactions  of  the  E'  center  with  29  Si  nuclei  at 
nearest-neighbor  silicon  sites  as  a  function  of  the 
dihedral  angle,  aq,  as  defined  in  Fig.  1.  We  then 
employ  computer  lineshape  simulation  methods  to 
extract  the  experimental  ‘weak’  29 Si  hyperfine  inter¬ 
actions  of  the  E'7  center  in  silica  glass  (thought  to  be 
the  nearest  equivalent  of  the  E\  center  in  quartz)  and 
we  use  our  theory  to  make  inferences  concerning  the 
local  bonding  at  these  defect  sites. 

To  set  our  experimental  data  in  perspective,  it 
should  be  kept  in  mind  that  the  sharp  spectral  lines 
of  Fig.  2  which  characterize  the  E\  center  in  quartz 
become  greatly  broadened  in  the  case  of  the  E'7 
center  in  silica  glass,  due  to  a  combination  of  pow¬ 
der-pattern  effects  and  the  statistical  influences  of 
vitreous  disorder  (see,  for  example,  Ref.  [18]).  For 
example,  the  ‘strong’  HFS  of  the  E'y  center  has  been 
clearly  observed  [23,33]  but  was  found  to  be  two 
orders  of  magnitude  broader  than  the  ‘strong’  HFS 
lines  of  Fig.  2.  By  contrast,  it  was  earlier  concluded 
by  one  of  us  [34]  that  the  E7  center  in  silica  glass 
does  not  exhibit  any  ‘weak’  29 Si  HFS  at  all.  In  Ref. 
[34],  all  spectral  manifestations  which  could  have 
qualified  as  ‘weak’  HFS  were  either  demonstrated  to 
arise  from  a  proton-associated  defect  [35]  or  argued 
to  result  from  quasiforbidden  simultaneous  electron- 
nuclear  spin  flips  [36].  In  the  present  paper,  the  data 
of  Ref.  [34]  are  re-analyzed  under  the  (unproved) 
assumption  that  the  spectral  manifestations  of  E' 
centers  in  29  Si-enriched  glasses  previously  ascribed 
to  quasi-forbidden  transitions  are  indeed  ‘weak’  29 Si 


superhyperfine  structure  interpretable  by  our  theory. 
Even  under  this  assumption,  the  implied  differences 
between  the  dihedral  angles  in  a-quartz  and  those  in 
silica  glass  turn  out  to  be  profound.  We  discuss 
possible  reasons  for  this  outcome  and  offer  our 
assessment  of  the  prospects  for  using  29  Si  SHFS  of 
the  E'7  center  as  a  probe  of  range-II  order  in  silica 
glass. 


2.  Theory 

Fig.  4(b)  is  a  schematic  illustration  of  a  molecular 
fragment  representing  the  paramagnetic  part  of  an  E' 
center  including  the  three  nearest-neighbor  oxygens 
and  of  one  of  its  nearest-neighbor  silicon  atoms, 
Si(2).  The  unpaired  spin  is  localized  in  an  sp-type 
orbital  on  Si(0)  projecting  along  the  +Z  axis.  Defi¬ 
nitions  of  the  angles,  0  and  r\ ,  to  be  used  in  our 
calculation  are  indicated  in  Fig.  4(b);  the  dihedral 
angle,  aq,  is  defined  in  Fig.  1.  Specifically,  aq  is  the 
angle  between  the  Z-Si(0)-O(2)  plane  and  the 
Si(0)-O(2)-Si(2)  plane.  In  our  definition,  when  the 
projection  of  the  vector  r(0(2)  — >  Si(2))  on  the  Z- 
axis  reaches  its  most  negative  value,  aq  =  180°. 

We  wish  to  investigate  the  dependence  of  the 
magnitude  of  the  isotropic  part  of  the  superhyperfine 
interaction  with  Si(2),  asi(2).  To  do  this,  we  construct 
a  simple  tight-binding  model  [32]  for  the  interaction. 
The  simplest  form  of  this  model  gives  the  aSl(2)  in 
the  form 

flSi(2)a(cSi(2,S)qfe(0)|2  (1) 

That  is,  the  isotropic  superhyperfine  interaction  with 
Si(2)  is  proportional  to  (cf(2)s)2,  the  square  of  the 
s-orbital  coefficient  on  Si(2)  in  the  defect  level,  and 
is  also  proportional  to  |  i/fsi(0)  | 2,  the  valence  s-orbital 
wavefunction  density  at  the  Si  nucleus  in  the  isolated 
atom.  This  form  assumes  that  the  primary  mecha¬ 
nism  for  generating  a  superhyperfine  interaction  on 
Si(2)  is  the  mixing  of  an  Si(2)  s-orbital  into  the 
defect  level.  In  general,  spin  polarization  effects 
should  also  contribute  to  the  superhyperfine  interac¬ 
tions.  However,  interatomic  polarization  is  typically 
a  rapidly  decreasing  function  of  distance,  so  at  the 
Si(2)  position  the  effect  should  not  be  large. 
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The  Si(2)  orbital  is  mixed  into  the  defect  level 
through  the  presence  of  off-diagonal  elements  of  the 
secular  matrix,  which  are  often  taken  to  be  propor¬ 
tional  to  the  overlap  of  the  atomic  orbitals.  At  the 
lowest  reasonable  level  of  approximation,  this  mix¬ 
ing  would  be  modeled  by  a  2X2  secular  matrix 
between  the  defect  hybrid  on  Si(0)  and  an  s-orbital 
on  Si(2).  If  the  Si(0)  hybrid  is  primarily  p-like,  the 
overlap  -  and  the  interaction  matrix  element,  V  - 
becomes  proportional  to  the  cosine  of  the  angle 
Z-/*(Si(0)  ->  Si(2)).  For  fixed  values  of  the  angles,  0 
and  77,  the  distance  |  r(Si(0)  -»  Si(2))  |  is  independent 
of  the  dihedral  angle,  aq,  and,  hence,  V  has  no 
explicit  dependence  on  this  distance  in  this  case.  For 
simplicity,  we  here  take  the  distances  R( Si(0) 
0(2))  and  R( 0(2)  — »  Si(2))  to  be  equal  to  an  average 
Si-0  bond  length,  R.  It  then  becomes  straightfor¬ 
ward  to  show  that  the  vector  r(Si(0)  -»  Si(2))  has  the 
form 

r  =  (R  sin  ax  sin  77,  [cos  0(1  +  cos  77) 

-I- sin  0(cos  ax  sin  77)], 

R[  —  sin  0(1  +  cos  77) 

+  cos  0(cos  a j  sin  77)]).  (2) 

If  the  Si(0)  hybrid  is  modeled  by  a  p-orbital  along 
the  Z  direction,  then  V  is  proportional  to  the  cosine 
of  the  angle  between  Z  and  r, 

Tacos  0Zr.  (3) 

From  Eq.  (2)  we  find  the  dependence  of  cos  0Zr  on 
dihedral  angle,  a{: 

cos  0Zr 

=  —  [sin  0(1  +  cos  77)  -  cos  0(cos  ax  sin  77)] 

X  [2(1  +  COS  T})]  1/2.  (4) 

In  the  approximation  of  a  2X2  interaction,  the 
mixing  coefficient  of  the  Si(2)  s-orbital  into  the 
defect  level  is  proportional  to  V,  and  hence  Eq.  (1) 
implies 

as,(2)  =  constant  X  cos20Zr.  (5) 

In  Fig.  5,  expressions  proportional  to  cos 20Zr  are 
plotted  versus  dihedral  angle,  ax,  for  several  values 
of  the  angle  Si-O-Si  ( p  =  180°  —  77),  assuming  the 
tetrahedral  value  for  0  (  =  19.47°).  Here,  we  make 
no  attempt  to  incorporate  the  results  of  orbital  theory 


Fig.  5.  Tight-binding  calculation  of  superhyperfinc  coupling  of  an 
E'-type  defect  with  a  29Si  nucleus  at  position  Si(2)  in  Fig.  4(b). 
The  curves  are  obtained  by  evaluating  Eq.  (5)  as  a  function  of 
dihedral  angle,  a,,  and  Si-O-Si  angle,  j3  =l8Q-rf.  Datapoints 
represent  the  isotropic  ‘weak’  (■)  and  ‘very  weak’  (□)  29Si 
hyperfine  coupling  constants  of  the  E'j  center  in  a-quartz  plotted 
at  dihedral  angles  corresponding  approximately  to  silicons  Si(2) 
and  Si(3)  in  Fig.  4(a)  for  the  ‘weak’  splittings  and  to  Si(4)  for  the 
‘very  weak’  splittings.  Inset  shows  distribution  of  the  angle,  £,  in 
silica  glass  taken  from  Ref.  [5]. 


calculations  [27]  which  suggest  that  the  pucker  angle, 
0,  should  increase  somewhat  at  E'j  sites  (see  Fig. 
3(c)).  Nor  do  we  include  estimates  of  the  (relatively 
small)  \r  \  dependence  of  the  ‘constant’  in  Eq.  (5) 
which  enters  when  f3  is  allowed  to  take  on  different 
values. 

For  the  (hypothetical)  case  of  a  tetrahedral  /.Si- 
O-Si,  we  see  that  as,(2)  goes  to  zero  for  aq  =  60° 
(dotted  curve  in  Fig.  5).  This  zero  results  from  the 
fact  that,  at  this  combination  of  angles,  Si(2)  would 
be  found  in  the  nodal  plane  of  the  defect  p-orbital  on 
Si(0).  Of  course,  this  situation  is  unlikely  in  Si02, 
but  it  does  accurately  model  the  structure  of  crys¬ 
talline  silicon,  which  can  be  represented  by  replacing 
the  basal  oxygens  in  Fig.  4(b)  with  silicons  and 
completing  the  other  two  tetrahedral  bonds.  In  fact, 
important  support  for  the  present  tight-binding  model 
comes  from  self-consistent  calculations  [37]  of  dan¬ 
gling-bond  defects  on  (111)  silicon  surfaces  (Pb  cen¬ 
ters)  where,  in  good  qualitative  agreement  with  ex¬ 
periment,  sizable  superhyperfine  interactions  were 
found  with  second-neighbor  silicons  Si(2)  at  al  = 
180°  and  nearly-zero  interactions  were  calculated  for 
second-neighbor  silicons  at  ax  =  ±60°. 
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3.  Experimental  details 

Samples  for  this  experiment  consisted  of  small 
beads  of  silica  glass  fused  from  isotopically  enriched 
powders  containing  99.8%  28 Si  or  95.3%  29 Si  ob¬ 
tained  from  Oak  Ridge  National  Laboratory  (ORNL). 
In  addition  to  glasses  prepared  directly  from  these 
as-supplied  materials,  a  third  sample  was  prepared 
by  blending  the  two  in  50:50  proportions.  The 
masses  of  the  0%  29 Si  and  50%  29  Si  samples  were  49 
and  55  mg,  respectively.  Two  separately  fabricated 
95%  29 Si  samples  were  employed:  (No.  1)  39  mg 
and  (No.  2)  20  mg.  All  of  these  samples  were 
annealed  in  air  at  1000°C  for  93  h  before  being 
irradiated  by  60  Co  7-rays  to  a  cumulative  dose  of 
8.3  X  106  Gy  (Si).  Additional  details  concerning  the 
physical  and  chemical  natures  of  these  materials  and 
their  histories  have  been  given  elsewhere  [23].  For 
reference,  an  identically  treated  sample  of  a  common 
high-purity  synthetic  silica  (Suprasil  1)  was  also 
examined. 

All  samples  were  first  investigated  at  room  tem¬ 
perature  by  X-band  (~  9.1  GHz)  ESR  in  the  absorp¬ 
tion  mode,  using  100  kHz  field  modulation  resulting 
in  the  normal  first-derivative  display.  As  described 
elsewhere  [23],  both  the  E'-center  ‘central  line’  and 
the  42  mT  ‘strong’  HFS  were  recorded  and  their 
microwave-power-corrected  intensities  quantified  by 
numerical  integration  (Fig.  6).  Most  of  the  X-band 
spectra  to  be  reported  below  were  obtained  at  a 
microwave  power  level  of  0.05  mW  and  a  modula- 


Fig.  6.  ESR  intensity  per  unit  sample  mass  versus  isotopic  abun¬ 
dance  for  the  E'^-center  ‘central  line’  (open  symbols)  and  ‘strong’ 
29  Si  hyperfine  structure  (filled  symbols)  in  the  silica  glasses  of  the 
present  study.  Deviations  from  the  predicted  behavior  (diagonal 
straight  lines)  arc  tentatively  ascribed  to  experimental  error  and/or 
slight  differences  in  glass  structure.  (After  Ref.  [23].) 


tion  amplitude  of  0.04  mT.  A  computer-averaged 
X-band  spectrum  of  95%  ~9Si  sample  No.  2  was 
acquired  as  the  sum  of  46  sweeps  under  conditions 
of  elevated  power  and  modulation  (0.5  mW  and  0.16 
mT,  respectively). 

To  maximize  the  cavity  filling  factor  with  these 
small  samples,  ESR  spectra  were  also  recorded  at 
Ka-band  frequencies  (  ~  35  GHz),  also  at  room  tem¬ 
perature.  Operation  of  the  Ka-band  bridge  of  the 
Varian  E-9  spectrometer  in  the  traditional  absorption 
mode  proved  impossible  due  to  inadvertent  crosstalk 
with  the  dispersion  signal.  Therefore,  all  Ka-band 
measurements  were  made  in  the  dispersion  mode. 
The  magnetic  field  was  modulated  at  frequency 
a >m/2'rr  =  100  kHz  with  amplitude  Hm  =  0.032  mT, 
and  the  lock-in  amplifier  was  set  90°  out  of  phase 
(see  Section  5.1  for  explanation).  The  microwave 
power  level  was  P  ~  0.1  mW  for  all  of  the  Ka-band 
measurements  to  be  described. 


4.  Experimental  results 

X-band  ESR  spectra  of  the  four  isotopically  en¬ 
riched  samples  are  illustrated  in  Fig.  7  for  identical 
conditions  of  microwave  power,  modulation  ampli¬ 
tude  and  spectrometer  gain.  (The  two  95%  29  Si 
samples  were  run  only  at  10  X  gain.)  The  central-line 
spectrum  of  Suprasil  proved  to  be  effectively  identi¬ 
cal  in  both  shape  (not  shown)  and  mass-normalized 
intensity  (Fig.  6,  O)  to  that  of  the  sample  containing 
99.8%  28 Si  (Fig.  6,  v).  Note  that  95%  29 Si  sample 
No.  1  displays  a  strong  impurity  signal  to  the  high- 
field  side  of  the  central  line,  while  the  central  line  in 
95%  29 Si  sample  No.  2  appears  anomalously  weak. 
Spectra  recorded  as  a  function  of  increasing  mi¬ 
crowave  power  (not  shown)  revealed  the  weak  fea¬ 
ture  near  the  position  of  the  arrow  in  Fig.  7(a)  to  be 
less  saturable  than  the  central  line. 

Dispersion-mode  Ka-band  spectra  of  the  0  and 
50%  29Si  samples  and  of  95%  29Si  sample  No.  2  are 
reproduced  in  Fig.  8(a)  from  Ref.  [34]  (smooth  un¬ 
broken  curve,  dashed  curve,  and  noisy  trace,  respec¬ 
tively).  The  conditions  of  microwave  power  and 
modulation  were  identical  for  each  of  these  spectra, 
while  the  ratios  of  (spectrometer  gain)  X  (sample 
mass)  were  respectively  1 : 1.8 : 6.4,  vis  a  vis  expec¬ 
tation  of  1 : 2:  20.  Here,  the  stronger-than-expected 


126 


D.L.  Griscom,  M.  Cook  /  Journal  of  Non-Crystalline  Solids  182  (1995)  119-134 


signal  of  95%  29Si  sample  No.  2  is  tentatively  as¬ 
cribed  to  the  higher  cavity  Q  presumably  attaching 
to  the  less  massive  sample.  (By  contrast,  the  Q  of 
the  much  larger  X-band  cavity  is  expected  to  be 
insensitive  to  such  small  sample-mass  variations, 
thus  permitting  reliable  intensity  measurements  such 
as  are  portrayed  in  Fig.  6.) 

5.  Discussion 

5.7.  Interpretation  of  dispersion-mode  lineshapes 

It  was  previously  shown  [34]  that  the  dispersion¬ 
mode  spectra  of  Fig.  8(a)  are  in  fact  indistinguish¬ 


able  from  the  undifferentiated  absorption  curves  .of 
the  E'  centers.  (These  shapes  differ  noticeably  from 
those  expected  for  the  first  derivative  of  the  disper¬ 
sion.)  The  same  type  of  dispersion-mode  lineshape 
effect  has  been  previously  observed  by  Portis  [38]  in 
the  case  of  F  centers  in  alkali  halides.  Portis  ex¬ 
plained  this  phenomenon  as  a  rapid-passage  effect 
associated  with  paramagnetic  centers  having  long 
spin-lattice  relaxation  times  and  inhomogeneously 
broadened  lineshapes.  Portis’  analysis  was  later  ex¬ 
tended  and  amplified  by  Hyde  [39]. 

In  general,  the  ESR  spectra  of  E'  centers  in  silica 
glasses  are  inhomogeneously  broadened  in  conse¬ 
quence  of  the  existence  of  site-to-site  statistical  dis¬ 
tributions  in  spin-Hamiltonian  parameters,  as  well  as 


Magnetic  Field  (mT) 

Fig.  7.  X-band  ESR  spectra  recorded  at  room  temperature  for  ^-irradiated  silica  glasses  of  various  isotopic  enrichments:  (a)  0%  29Si; 
(b)  50%  Si;  (c)  95%  ~9Si  No.  1;  (d)  95%  “JSi  No.  2.  The  central  lines  arise  from  E'7  centers.  The  feature  indicated  by  the  arrow  in  (a)  is 
inferred  to  be  an  impurity  effect  (sec  text).  The  major  baseline  fluctuation  in  (c)  is  ascribed  to  a  different  impurity. 
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powder  pattern  effects  [23].  The  spin-lattice  relax¬ 
ation  time  at  300  K  of  these  defects  has  been  mea¬ 
sured  to  be  T]  ~  2  X  10“  4  s  [23].  For  an  inhomoge- 
neously  broadened  line  under  saturation  conditions, 
Portis  [38]  estimates  the  time  of  passage  to  be  fpassagc 

where  2H\  is  the  Peak  transverse 
microwave  field.  Assuming  the  loaded  Q  of  the 
cylindrical  Varian  Ka-band  cavity  to  be  ~  5000,  the 
value  of  H]  in  the  present  experiment  was  calculated 
from  the  relation  [40] 

Hl*\Q-iPQ(VJVe),  (6) 

where  Vw  and  Vc  are  the  volumes  of  a  section  of  the 
waveguide  one  guide  wavelength  long  and  the  vol¬ 
ume  of  the  cavity,  respectively.  The  resulting  esti- 
mate  of  tpassagc  was  ~  8  X  10“8  s.  Clearly,  the 
condition  for  rapid  passage,  /passagc T , ,  is  fulfilled 


in  the  present  case.  According  to  the  Portis  theory 
[38],  under  such  conditions  a  signal  having  the  shape 
of  the  undifferentiated  distribution  in  local  resonance 
fields  (i.e.,  the  lineshape  due  to  inhomogeneous 
broadening)  will  be  detected  in  the  dispersion  mode 
at  a  phase  angle  </>  =  tan-1  ( For  the  parame¬ 
ters  of  the  present  experiment,  we  calculate  (f>~ 
89.5°.  Thus,  in  the  following  section,  the  lineshapes 
of  Fig.  8(a)  (which  were  recorded  at  a  setting  of 
<j t b  =  90°)  will  be  regarded  as  undifferentiated  absorp¬ 
tion  curves. 

5.2.  Search  for  (weak’  HFS  of  the  E'  center  in  silica 
glass 

Even  without  performing  any  analysis,  one  is 
surprised  when  inspecting  Figs.  7  and  8(a)  by  the 


Fig.  8.  (a)  Rapid-passage  dispersion-mode  Ka-band  ESR  spectra  recorded  at  room  temperature  for  7-jrradiated  silica  glasses  of  various 
isotopic  enrichments  (smooth  unbroken  curve:  0%  2JSi;  dashed  curve:  50%  2'  Si;  noisy  trace:  95%  Si).  These  spectra  arise  from  E7 
centers.  (After  Ref.  [34].)  (b)  Computer  simulations  of  the  corresponding  spectra  of  E',  centers  in  a  fictitious  ‘idealized  amorphous  quartz’ 
(see  text). 
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close  similarity  in  shapes  between  the  spectra  for  the 
samples  containing  0  and  50%  29S i.  Indeed,  one 
might  be  inclined  to  assess  them  as  being  identical  in 
shape  within  experimental  uncertainties.  Based  on 
this  observation,  it  might  be  tempting  to  speculate 
that  the  actual  isotopic  enrichments  of  the  samples 
are  imprecisely  known.  However,  the  isotope  effects 
clearly  evident  in  the  ‘strong’  and  central-line  inten¬ 
sities  plotted  in  Fig.  6  reassure  us  that  the  isotopic 
enrichments  given  by  the  supplier  were  correct. 

We  have  searched  all  of  the  spectra  of  Fig.  7  for 
possible  evidence  of  ‘weak’  29 Si  splittings  (~1.0 
mT).  The  feature  indicated  by  the  arrow  in  Fig.  7(a) 
occurs  in  the  proper  position  to  be  the  low-field 
member  such  a  ‘weak’  HFS  doublet.  Essentially  the 
same  feature  also  appears  in  the  spectrum  of  Fig. 
7(b)  with  comparable  intensity  relative  to  the  central 
line.  Since,  on  going  from  the  sample  of  Fig.  7(a) 
(0.2%  29Si)  to  that  of  Fig.  7(b)  (50%  29Si),  the 
fraction  of  the  silicon  sites  occupied  by  a  MSi  in- 
creases  by  a  factor  of  ~  250,  the  designated  feature 
clearly  cannot  be  ascribed  to  29 Si  HFS  associated 
with  the  E^-center  central  line.  Indeed,  our  mi¬ 
crowave  saturation  studies  indicate  the  presence  of  a 
less  saturable  impurity-related  line  of  unknown  ori¬ 
gin  at  this  position.  Evidence  has  been  given  [34] 
that  a  1.04  mT  doublet,  previously  shown  to  arise 
from  a  (numerically  minor)  proton-associated  E'-type 
defect  [35],  can  also  give  rise  to  a  feature  at  the  same 
position.  However,  the  ‘strong’  HFS  due  to  the  apex 
silicon  should  weaken  the  intensity  of  this  1.04  mT 
proton  doublet  in  the  29  Si  enriched  samples  in  the 
same  proportion  that  the  E'7  center  is  weakened,  so 
that  the  former  should  be  unmeasurably  weak  in  the 
95%  "9Si  samples.  We  believe  the  most  likely  origin 
of  the  feature  marked  by  the  arrow  in  Fig.  7  to  be  the 
central  member  of  an  14  N  hyperfine  triplet  arising 
from  a  nitrogen-impurity  defect  [41].  In  any  event, 
evidence  for  ^9Si  ‘weak’  HFS  of  the  E'  center  in  the 
X-band  spectra  is  inconclusive.  It  remains  possible, 
however,  that  the  ‘weak’  HFS  of  the  E'  centers  in 
silica  glass  exists,  but  is  overlapped  by  the  impurity 
signal  which  we  tentatively  ascribe  to  the  nitrogen 
center.  If  we  have  any  chance  to  isolate  this  ‘weak’ 
HFS,  it  must  be  found  in  the  Ka-band  rapid-passage 
dispersion-mode  spectra,  where  any  lines  due  to  less 
saturable  impurity  centers  should  be  significantly 
suppressed. 


To  obtain  a  sense  of  the  types  of  lineshape  we 
might  expect  when  ‘weak’  29Si  HFS  becomes  impor¬ 
tant,  we  have  performed  computer  lineshape  simula¬ 
tions  for  a  hypothetical  material  which  we  term 
‘idealized  amorphous  quartz’.  Of  course,  it  is  well 
known  from  diffraction  data  and  model  building  that 
silica  glass  cannot  be  constructed  of  units  even 
vaguely  resembling  a-quartz  [4],  so  the  simulations 
illustrated  in  Fig.  8(b)  are  only  to  establish  a  point  of 
reference.  In  these  simulations  we  have  used  the 
average  ‘weak’  Si  hyperfine  coupling  constants  of 
the  E'j  center  in  a-quartz  given  by  Silsbee  [20] 
(A  ||  =  0.95  mT  and  A  ±  =  0.76  mT)  to  compute  the 
Ka-band  absorption  spectra  for  defects  in  samples  of 
isotopic  composition  0,  50  and  95%  29  Si.  We  did  not 
assume  statistical  distributions  in  the  values  of  A 
(the  ‘idealized’  aspect)  but  we  did  incorporate  the 
g-value  distributions  determined  [23]  for  E'  centers 
in  silica  glass.  From  the  standpoint  of  isotope  statis¬ 
tics,  the  fact  that  there  are  two  ‘weak’  hyperfine 
interactions  per  E',  defect  in  a-quartz  dictates  that,  in 
the  95%  29Si  samples,  the  fraction  of  the  centers 
which  interact  with  two  29 Si  nuclei  is  0.95  X  0.95  = 
0.9025,  while  0.95  X  0.05  X  2  =  0.095  of  the  centers 
would  interact  with  one  29 Si  and  only  0.05  X  0.05  = 
0.0025  of  the  centers  would  experience  no  ‘weak’ 
hyperfine  interactions.  In  the  50%  29 Si  samples,  the 
fraction  interacting  with  two  29 Si  falls  to  0.5  X  0.5  = 
0.25,  while  the  fraction  of  the  centers  interacting 
with  just  one  29Si  rises  to  0.5  X  0.5  X  2  =  0.5.  These 
effects  show  up  rather  dramatically  in  Fig.  8(b). 

5.3.  Model  lineshape  simulations 

Fig.  8(b)  models  the  expected  ESR  lineshapes  of 
E'|  centers  in  a  hypothetical  ‘idealized  amorphous 
quartz’.  Clearly  this  is  an  unsuccessful  model  for  the 
E'  centers  in  silica  glasses,  since  the  simulations  look 
nothing  like  the  actual  spectra  given  in  Fig.  8(a).  The 
model  used  here  was  admittedly  quite  crude.  In  the 
present  section  we  invoke  some  more  realistic  mod¬ 
els,  taking  advantage  of  the  tight-binding  theory 
developed  in  Section  2  to  translate  hypothetical  dis¬ 
tributions  of  bond  angles  into  distributions  in  near- 
neighbor  Si  coupling  constants. 

Our  tight-binding  theory  is  too  crude  to  estimate 
the  absolute  magnitude  of  the  superhyperfine  cou¬ 
pling  constants,  but  in  plotting  the  curves  of  Fig.  5 
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we  have  chosen  the  constant  factor  in  Eq.  (5)  so  that 
the  curve  corresponding  to  the  Si-O-Si  bond  angle 
in  quartz  (143.6°)  passes  through  the  published 
isotropic  coupling  constants  (expressed  in  mT)  of  the 
E'r -center  ‘weak’  29Si  HFS  when  these  data  are 
plotted  (■)  at  a  dihedral  angle  of  (150°)  roughly 
appropriate  for  both  Si(2)  and  Si(3).  The  E^  ‘very 
weak’  HFS  data  are  also  shown  in  Fig.  5  plotted  (□) 
at  a  dihedral  angle  (30°)  appropriate  to  Si(4)  - 
although  only  one,  and  perhaps  neither,  of  the  two 
‘very  weak’  splittings  may  arise  from  Si(4).  The 
largest  of  the  two  ‘very  weak’  splittings  lies  ~  0.07 
mT  above  the  Si(4)  prediction  of  Fig.  5  (  -  0  mT)  for 
the  most  probable  case,  ZSi-O-Si  =  143.6°.  If  in¬ 
deed  this  ‘very  weak’  splitting  in  a-quartz  arises 
from  Si(4),  the  small  discrepancy  in  Fig.  5  may  be 
due  to  neglect  of  the  s-orbital  component  of  the 
defect  orbital  in  our  tight-binding  treatment.  Since 
any  such  s-orbital  contribution  would  be  independent 
of  a j,  we  propose  that  the  curves  of  Fig.  5  can  be 
used  to  generate  model  predictions  of  the  Si  SHFS 
of  E'y  centers  in  glassy  silica  accurate  to  within  an 
additive  constant  ~  0.07  mT. 

To  proceed  with  our  analysis,  we  first  consider 
what  is  known  about  bond-angle  statistics  in  glassy 
silica.  The  inset  to  Fig.  5  shows  the  distribution  in 


Fig.  9.  Histogram  (bar  graph)  of  E'-center  29Si  superhyperfine 
coupling  constants  developed  from  Fig.  5  by  assuming  a  totally 
random  (flat)  distribution  in  dihedral  angle,  a,,  and  the  MW 
distribution  in  Si-O-Si  angles.  In  principle,  this  distribution 
would  independently  apply  to  2;Si  s  occupying  each  of  the  three 
near-neighbor  silicon  positions,  Si(2),  Si(3),  and  Si(4)  in  Fig.  4(a). 
The  circles  represent  a  Gaussian  SHFS  distribution  discussed  in 
the  text. 


Si-O-Si  bond  angles  in  silica  glass  experimentally 
derived  by  Mozzi  and  Warren  (MW)  [5]  under  the 
model  assumption  that  all  dihedral  angles  occur  with 
equal  statistical  probability  and  are  uncorrelated  with 
^Si-O-Si.  Galeener  [42]  has  shown  that  a  simple 
hard-sphere  steric  hindrance  model  incorporating  the 
MW  assumption  in  fact  leads  an  Si-O-Si  angle 
distribution  similar  to  that  extracted  by  Mozzi  and 
Warren  [5]  from  their  diffraction  data. 

Acting  then  on  the  MW  assumption  that  the  Si- 
O-Si  angle  distribution  is  uncorrelated  with  dihedral 
angle,  we  divided  the  dihedral-angle  axis  of  Fig.  5 
into  nine  ‘bins’  of  20°  width  and  used  the  MW 
zLSi-O-Si  bond  angle  probabilities  (inset)  to  deter¬ 
mine  the  probabilities  of  recording  ^9Si  ‘weak’  inter¬ 
action  coupling  constants  falling  in  particular  inter¬ 
vals  on  the  y-axis  of  the  figure.  Following  MW,  we 
have  assumed  a  uniform  distribution  in  dihedral  an¬ 
gle  and  have  therefore  histogrammed  these  probabili¬ 
ties  versus  the  value  of  the  29  Si  superhyperfine  cou¬ 
pling  constants  by  summing  the  equally  weighted 
histograms  of  all  nine  dihedral-angle  bins.  The  result 
is  presented  as  the  bar  graph  of  Fig.  9. 

When  comparing  our  model  predictions  with  ex¬ 
periment,  we  place  the  greatest  weight  on  the  Ka- 
band  spectrum  of  95%  29  Si  sample  No.  2,  for  reasons 
mentioned  above.  However,  to  ensure  that  we  are  not 
deceived  in  any  way  by  the  undifferentiated  line- 
shapes  and  magnified  g  anisotropies  which  distin¬ 
guish  these  rapid-passage  dispersion-mode  Ka-band 
spectra  from  those  obtained  at  X  band,  we  also  test 
each  model  simulation  against  a  signal-averaged  X- 
band  spectrum  of  the  very  same  sample. 

For  our  ‘model-1’  simulations,  we  assume  a  uni¬ 
form  distribution  in  just  one  of  the  three  dihedral 
angles  at  the  E'-center  site,  constraining  the  other 
two  to  be  essentially  equatorial  (  <  60°)  and  thus  not 
contributing  to  the  ‘weak’  29 Si  HFS.  Although  a 
radical  departure  from  the  MW  model  (which  would 
predict  a  uniform  distribution  in  all  three  of  these 
angles),  it  is  the  easiest  case  to  evaluate  since  the 
histogram  of  Fig.  9  can  be  used  directly.  The  spectra 
simulated  on  this  model  are  compared  in  Fig.  10 
with  the  experimental  spectra  of  E'  centers  in  95% 
29 Si  sample  No.  2.  The  Ka-band  simulation  (Fig. 
10(a))  is  fair  in  the  central  region  but  clearly  under¬ 
represents  the  intensities  in  the  wings.  The  X-band 
simulation  (Fig.  10(b))  is  credible,  although  we  again 
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emphasize  the  poor  quality  of  the  X-band  experimen¬ 
tal  spectrum.  In  particular,  the  spectrum  of  Fig.  10(b) 
was  recorded  at  a  microwave  power  level  of  0.5 
mW,  resulting  in  a  relative  enhancement  of  the 
intensity  of  the  low-field  satellite  line  which  we  infer 
therefore  to  arise  largely  from  an  unrelated  (nitro¬ 
gen-impurity?)  center. 

For  the  ‘model-2’  simulations,  we  assign  uncorre¬ 
lated  uniform  distributions  to  two  of  the  dihedral 
angles  at  the  E'-center  site,  holding  the  third  angle  in 
the  equatorial  regime.  Computer  codes  written  by 
Friebele  [43]  were  employed  which  generate  powder 
patterns,  accurate  to  second  order  in  perturbation 
theory,  of  paramagnetic  centers  undergoing  hyper- 
fine  interactions  with  two  inequivalent  nuclei.  Again 
using  the  histogram  of  Fig.  9,  we  obtained  the  results 
shown  in  Fig.  11.  Here,  the  Ka-band  simulation  is 
noticeably  improved,  but  the  X-band  simulation  is  a 
palpable  failure.  Although  we  lack  the  codes  to 
accurately  calculate  cases  of  uncorrelated  distribu- 


Fig.  10.  ‘Model-E  simulations  (dashed  curves)  of  (a)  Ka-band 
and  (b)  X-band  ESR  spectra  of  E'  centers  in  a  7-irradiated  silica 
glass  95%  enriched  in  29Si. 


Magnetic  Field  (mT) 


Fig.  11.  ‘Models’  simulations  (dashed  curves)  of  (a)  Ka-band 
and  (b)  X-band  ESR  spectra  of  E'  centers  in  a  7-irradiated  silica 
glass  95%  enriched  in  29 Si. 


tions  in  all  three  dihedral  angles,  from  inspection  of 
Fig.  11(b)  we  advance  the  theorem  that  the  X-band 
simulation  would  become  significantly  worse  under 
the  assumption  of  full  randomness  in  dihedral  angles 
implicit  in  the  MW  model,  since  the  experimentally 
prominent  central  line  would  be  totally  obliterated  in 
a  simulation  achieved  by  folding  in  the  broad  bar- 
graph  coupling-constant  distribution  of  Fig.  9  a  third 
time. 

In  Fig.  12,  we  have  momentarily  abandoned  the 
MW  model  and  arbitrarily  assume  one  back  bond 
(a,  >  120°)  and  two  equatorial  bonds  (ax  <  60°)  at 
each  E'  site  in  50%  of  the  cases.  (The  other  50%  of 
the  cases  are  assumed  to  have  all  equatorial  bonds.) 
We  have  adopted  Gaussian  distributions  in  29 Si  cou¬ 
pling  constants  centered  on  the  experimental  values 
of  Aj|  and  A  ±  for  the  ‘weak’  splittings  in  a-quartz 
and  have  optimized  the  fit  by  adjusting  the  full 
widths  at  half  maximum  of  these  distributions.  For 
the  ‘model-3’  simulations  of  Fig.  12,  the  distribution 
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in  the  isotropic  part  of  the  coupling  constant  is  given 
by  Aiso  =  0.82  mT  and  A  Aiso  =  0.67  mT  (circles  in 
Fig.  9).  This  very  simple  ad  hoc  model  does  not  fit 
the  Ka-band  spectrum  well  in  the  wings  (Fig.  12(a)) 
and  it  also  overaccentuates  the  satellite  structure  in 
the  X-band  simulation  (Fig.  12(b)),  given  that  much 
of  the  low-field  satellite  seems  to  be  an  impurity 
effect. 

Guided  by  both  the  weaknesses  and  the  strengths 
of  the  ‘model-3’  simulations  of  Fig.  12,  we  have 
considered  one  further  model  wherein  some  sites 
have  no  back  bonds,  some  have  one  back  bond  and 
some  have  two  back  bonds.  In  this  ‘model  4’,  we 
have  retained  the  same  Gaussian  coupling-constant 
distributions  as  used  in  the  simulations  of  Fig.  12 
and  have  carried  out  the  simulations  under  the  as¬ 
sumption  that  the  coupling  constants  of  the  two- 
back-bond  sites  are  completely  uncorrelated.  These 
simulations  were  optimized  by  varying  only  the  frac¬ 
tional  numbers  of  the  three  types  of  sites.  For  the 


Fig.  12.  ‘Modcl-3’  simulations  (dashed  curves)  of  (a)  Ka-band 
and  (b)  X-band  ESR  spectra  of  E'  centers  in  a  7-irradiatcd  silica 
glass  95%  enriched  in  2  9  Si. 


Fig.  13.  ‘Model-4’  simulations  (dashed  curves)  of  (a)  Ka-band 
and  (b)  X-band  ESR  spectra  of  E'  centers  in  a  7-irradiated  silica 
glass  95%  enriched  in  29  Si. 


‘model-4’  simulations  of  Fig.  13,  the  ratios  [0  back 
bonds]  :  [1  back  bond]  :  [2  back  bonds]  were 
[35] :  [40] :  [25].  To  our  eyes,  the  fits  of  Fig.  13  are 
excellent.  (Yet  we  may  contemplate  improving  them 
further  in  the  central  region  by  plausible  introduction 
of  ‘very  weak’  29Si  HFS.)  We  believe  it  significant 
that  these  high-fidelity  simulations  were  achieved 
under  the  effective  constraint  that  the  mean  values  of 
Ay  and  A±  assigned  to  the  back-bond  sites  remain 
identical  to  the  corresponding  values  of  the  ‘weak’ 
29 Si  HFS  of  the  E',  center  in  a-quartz. 

In  Fig.  14,  we  have  applied  the  ‘model-4’  ap¬ 
proach  to  the  Ka-band  spectrum  of  the  50%29Si- 
50%28Si  glass.  In  this  case,  use  of  the  identical 
[35] :  [40] :  [25]  bond-type  ratios  (long  dashed  curve) 
results  in  very  bad  agreement  with  the  experimental 
spectrum.  A  reasonably  good  fit  (short  dashed  curve) 
was  accomplished  by  greatly  reducing  the  fractions 
of  centers  with  back  bonds,  i.e.,  by  using  the  ratios 
[80]:  [13]:  [7]. 
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Magnetic  Field  (mT) 

Fig.  14.  ‘Model-4’  simulation  (long  dashed  curve)  of  Ka-band 
ESR  spectrum  of  E'  centers  in  a  7-irradiated  silica  glass  50% 
enriched  in  “  Si.  Short-dashed  simulation  was  accomplished  by 
reducing  the  assumed  fractions  of  sites  with  ‘back  bonds’  (see 
text). 


It  is  important  in  the  context  of  the  simulations  of 
Figs.  13  and  14  to  point  out  the  fact  that  the  possibil¬ 
ity  of  sites  involving  three  back  bonds  cannot  be 
ruled  out.  Indeed,  it  is  doubtful  that  we  could  distin¬ 
guish  the  three-back-bond  case  from  the  one-back¬ 
bond  case  (in  the  present  spectra),  since  their  simula¬ 
tions  would  be  effectively  identical  other  than  the 
fact  that  a  small  fraction  (1  /4)  of  the  intensity  in  the 
three-back-bond  case  would  be  split  into  a  doublet 
separated  by  three  times  the  single-back-bond  cou¬ 
pling  constant  and  would  thus  appear  in  the  far 
‘wings,’  where  our  spectra  recede  into  the  noise. 
Thus,  a  simulation  [0  back  bonds] :  [1  back  bond] :  [2 
back  bonds]  =  [x] :  [y] :  [z]  is  presently  indistin¬ 
guishable  from  the  case  [0  back  bonds]: [3  back 
bonds] :  [2  back  bonds]  =  [x] :  [1.33y] :  [z]. 

5.4.  What  does  it  all  mean? 

The  spectral  simulations  of  Figs.  10™  14  are  in¬ 
triguing  but  they  present  some  apparent  internal  con¬ 
tradictions  (e.g.,  the  dramatically  different  parame¬ 
terization  of  the  successful  simulations  of  Figs.  13 
and  14)  and  a  surprising  disagreement  with  the  reign¬ 
ing  model  assumption  for  the  structure  of  silica  glass 
(i.e.,  the  presently  favored  distributions  of  dihedral 
angles  differ  greatly  from  the  uniform  distribution 
posited  in  Refs.  [5,42].)  What  does  it  all  mean? 

We  believe  (but  cannot  presently  prove)  that  the 
internal  contradictions  arise  from  actual  differences 


in  glass  structure,  existing  because  each  of  the  small 
samples  underwent  melting  for  a  poorly  controlled 
short  period  of  time  ( ~  minutes).  We  suggest  that 
95%  ^;Si  sample  No.  2  is  a  worse  glass  (i.e.,  it 
retains  more  crystallinity)  than  both  95%  29Si  sample 
No.  1  and  the  50%  29Si  glass.  Indeed,  95%  29Si 
sample  No.  2  had  the  appearance  of  being  incom¬ 
pletely  vitrified,  by  contrast  with  the  50%  29 Si  sam¬ 
ple  which  appeared  as  a  clear  glass.  Second,  the  low 
X-band  ESR  intensity  recorded  for  sample  No.  2  is 
consistent  with  this  sample  being  partially  crys¬ 
talline,  since  dose-for-dose  defect  yields  in  a-quartz 
are  typically  two  orders  of  magnitude  lower  than  in 
glassy  silica.  If  we  are  correct  in  this  assessment, 
then  the  short-dashed  simulation  of  Fig.  14  gives  the 
best  information  on  the  dihedral  angles  at  E'-center 
sites  in  a  silica  glass  derived  from  the  melt.  How¬ 
ever,  at  face  value,  this  information  appears  seriously 
at  odds  with  the  MW  model  assumption.  We  believe 
that  this  second  dilemma  may  be  resolved  by  recog¬ 
nizing  that  the  E'  centers  which  we  are  using  as 
probes  of  glass  structure  are  not  probing  typical  sites 
in  the  glass  network,  but  are  sites  where  there  is  an 
oxygen  vacancy.  One  possibility  is  that  oxygen  va¬ 
cancies  are  selectively  formed  at  sites  with  atypical 
bonding  statistics.  However,  our  feeling  is  that  the 
very  high  1.5  MeV  y-ray  doses  employed  here  should 
have  created  vacancies  randomly  across  the  full 
spectrum  of  site  configurations  present  in  the  glass. 
Rather,  we  suppose  that  relaxations  take  place  at  the 
E'  sites  after  vacancy  creation  which  affect  both  the 
dihedral  and  Si-O— Si  angles  which  existed  before 
the  vacancy  was  created.  Nevertheless,  it  seems  to  us 
that  steric  constraints  would  prohibit  relaxations 
which  completely  erase  all  record  of  the  pre-existing 
order.  Rather,  we  suppose  that  the  only  possible 
gross  relaxation  at  the  defect  site  would  be  a  pucker¬ 
ing  of  the  defect  silicon  backward  through  the  plane 
of  three  oxygens  to  which  it  remains  bonded.  We 
illustrate  such  a  situation  in  Fig.  15. 

The  prevailing  theory  of  the  E'2  center  in  quartz 
involves  just  such  a  puckering  relaxation  [44],  and 
this  particular  E'  species  is  characterized  by  the 
absence  of  any  ‘weak’  “9Si  hyperfine  interactions 
[11,19].  The  single-crystal  data  unambiguously 
demonstrate  that  dangling  Si  sp  orbitals  of  the  E'j 
and  E'2  centers  in  a-quartz  are  located  on  the  so- 
called  ‘short-bond’  and  ‘long-bond’  sides,  respec- 
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Fig.  15.  Representation  of  a  backward  puckering  E'-type  defect, 
(a)  Before  relaxation,  the  dangling  orbital  (dashed  ‘balloon’) 
projects  into  the  oxygen  vacancy,  (b)  After  relaxation,  the  apex 
silicon  has  puckered  backwards  through  the  triangle  of  oxygens  so 
that  the  dangling  orbital  points  away  from  the  vacancy  and  toward 
an  interstice.  In  this  particular  example,  all  Si-O-Si  angles  are 
drawn  close  to  180°  in  the  unrelaxed  state. 


tively,  of  the  generic  oxygen  vacancy  in  the  a-quartz 
lattice  [11,19-21]  (denoted  ‘S’  and  ‘L’  in  Fig.  3(a)). 
As  underscored  in  Fig.  4(a),  the  apex  silicon  at  the 
E\  site  has  two  back  bonds  with  dihedral  angles 
aq  ~  150°  relative  to  the  direction  of  the  dangling 
bond.  The  near-neighbor  silicons  bridged  by  these 
back  bonds  give  the  ‘weak’  ~9Si  HFS  [21].  By 
contrast,  before  puckering,  the  apex  silicon  at  the  E'2 
site  has  two  back  bonds  with  dihedral  angles  of  just 

-  120°.  Quite  possibly  the  relaxation  energetics  in 
both  a-quartz  and  glassy  silica  are  keyed  to  these 
back-bond  dihedral  angles.  If  so,  guided  by  the 
apparent  structure  of  the  E'2  center,  we  hypothesize 
that  all  E'  sites  in  the  glasses  having  two  back  bonds 
with  dihedral  angles  <  120°  will  pucker  backwards 

-  converting  these  back  bonds  into  equatorial  ones 
and  thereby  eliminating  their  ‘weak’  29Si  hyperfine 
interactions  altogether.  Given  that  the  Si— O-Si  bond 
energy  has  a  shallow  minimum  at  zLSi-O-Si  «  144° 
[45],  we  envision  further  that  a  site  with  three  Si-O- 
Si  angles  close  to  180°  (irrespective  of  dihedral 
angle)  would  similarly  lower  its  energy  by  puckering 
backward  (this  case  is  illustrated  in  Fig.  15).  If  either 
or  both  of  these  effects  should  be  general  to  all 
forms  of  Si02,  then  the  global  distribution  in  dihe¬ 
dral  angles  in  the  glasses  (be  it  the  MW  uniform 
distribution  or  other)  would  not  be  accurately  repre¬ 
sented  at  the  E'  center  sites.  Rather,  at  the  defect 
sites,  a  uniform  global  dihedral  angle  distribution 
would  bifurcate  into  a  predominance  of  sites  with  no 
back  bonds  (due  to  backward  puckering)  and  a  mi¬ 


nority  of  sites  with  one  or  two  back  bonds  with 
dihedral  angles  of  perhaps  >  140°  (which  can  only 
pucker  forward  into  the  vacancy).  The  successful 
ESR  lineshape  simulations  of  Figs.  13  and  14  are 
fully  consistent  with  this  view. 

5.5.  Recommendations  for  future  work 

Future  work  should  begin  with  29  Si-enriched  sil¬ 
ica  samples  of  greater  mass,  higher  purity  and  homo¬ 
geneity,  and  better  defined  thermal  histories.  These 
might  well  be  prepared  by  sol-gel  chemistry.  They 
could  first  be  studied  as  low-fictive-temperature 
glasses  and  subsequently  revisited  as  high-melting- 
temperature  glasses.  Thorough  melting  of  these  small 
but  costly  samples  might  be  accomplished,  e.g.,  by 
ultrasonic  sample  levitation  and  using  a  C02  laser  as 
a  power  source.  The  radiation-induced  central-line 
ESR  spectra  of  the  high- 29  Si  samples  should  be 
examined  at  high  gain  in  the  far  ‘wings’  in  order  to 
discriminate  the  one-back-bond  ‘weak’  splittings 
from  those  arising  from  three  back  bonds.  Besides 
recording  the  straight  ESR  spectra,  ENDOR  studies 
might  also  be  carried  out  to  obtain  a  more  definitive 
measure  of  the  ‘weak’  and  ‘very  weak’  HFS.  A 
preliminary  ENDOR  study  [46]  performed  on  our 
samples  gave  tantalizing  support  for  the  present  in¬ 
terpretations  but  as  of  this  writing  these  results  re¬ 
main  inconclusive. 

Finally,  reliable  assessment  of  the  hypotheses  of 
Section  5.4.  are  likely  to  require  improved  ab  initio 
calculations  of  structural  relaxations  at  the  Ef  sites  as 
functions  of  the  Si-O-Si  and  dihedral  angles  defin¬ 
ing  the  vectors  (Eq.  (2))  joining  the  silicon  of  the 
dangling  Si  sp  orbital  with  its  three  bonded  silicon 
neighbors.  Based  on  such  calculations,  more  highly 
constrained  models  of  the  ‘weak’  HFS  of  E'y  centers 
in  silica  glass  could  be  developed  and  tested  against 
experiment  by  ESR  lineshape  simulation  methods. 

6.  Conclusions 

The  29  Si  superhyperfine  structure  of  radiation-in¬ 
duced  E'  centers  in  isotopically  enriched  silica 
glasses  can  be  determined  by  model  computer  simu¬ 
lations  of  their  ESR  spectra  and,  potentially,  from 
ENDOR  measurements.  These  data  provide  a  new 
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window  on  intermediate-range  order  in  these  glasses 
and  potentially  may  be  used  as  a  supplement  to 
diffraction  methods  for  testing  models  of  glass  struc¬ 
ture.  However,  for  interpreting  these  data,  new  theo¬ 
retical  studies  may  be  needed  to  account  for  local 
relaxations  likely  to  occur  at  the  defect  sites;  these 
relaxations  may  systematically  transform  the  bond- 
angle  distributions  characteristic  of  the  defect-free 
glasses. 

The  authors  (D.L.G.  and  M.C.,  respectively)  are 
grateful  to  Dr  E.J.  Friebele  for  assistance  in  record¬ 
ing  the  computer-averaged  spectrum  and  to  Dr  C.T. 
White  for  guidance  and  helpful  comments  concern¬ 
ing  the  tight-bonding  model. 
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Abstract 

In  this  paper  most  of  the  ideas  that  have  been  put  forward  over  the  past  ten  years  on  constraint  counting  and  the  resultant 
floppy  modes  in  random  networks  are  collected  together.  It  is  shown  how  model  systems  can  help  us  understand  the 
phenomena  via  rigidity  percolation.  These  ideas  have  been  tested  experimentally  in  bulk  glasses  where  the  most  illuminating 
experiments  involve  low  frequency  phonons  as  seen  by  inelastic  neutron  scattering  in  chalcogenide  glasses.  Other 
experiments,  such  as  measurements  of  the  elastic  moduli,  have  been  disappointing  in  that  the  effects  are  not  resolved. 
Marginal  cases  where  the  instability  is  caused  by  the  surface,  leading  to  the  number  of  floppy  modes  scaling  with  the  surface 
area,  are  also  examined.  These  effects  may  be  important  in  porous  silica,  zeolites  and  possibly  biological  systems. 


1.  Introduction 

The  study  of  network  structures  has  fascinated 
scientists  in  many  areas  -  engineering,  mechanics 
and  biology  going  back  more  than  a  century  [1]. 
Maxwell  was  intrigued  with  the  conditions  under 
which  mechanical  structures  made  out  of  struts, 
joined  together  at  their  ends,  would  be  stable  (or 
unstable).  To  determine  the  stability,  without  doing 
any  detailed  calculations  (that  would  have  been  im¬ 
possible  then  except  for  the  simplest  structures), 
Maxwell  devised  the  method  of  constraint  counting. 
This  counting  is  an  approximate  method  that  proves 
to  be  accurate  for  structures  where  the  density  (of 
struts  or  joints)  is  approximately  uniform.  Maxwell’s 
constraint  counting  method  is  exact  for  some  geome¬ 
tries  that  I  will  discuss  in  this  paper.  The  idea  of  a 
constraint  in  a  mechanical  system  goes  back  to  La- 
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grange  [2]  who  used  the  concept  of  holonomic  con¬ 
straints  to  reduce  the  effective  dimensionality  of  the 
space.  The  difficult  part  is  to  determine  which  con¬ 
straints  are  linearly  independent.  If  the  linearly  inde¬ 
pendent  constraints  can  be  identified,  then  the  prob¬ 
lem  is  solved  -  however,  in  most  large  systems,  this 
identification  is  not  possible  except  using  some  nu¬ 
merical  procedure  on  an  actual  realization. 

The  problem  under  consideration  is  a  static  one  - 
given  a  mechanical  system,  how  many  independent 
deformations  are  possible  without  any  cost  in  en¬ 
ergy?  These  are  the  zero  frequency  modes,  which  I 
prefer  to  refer  to  as  floppy  modes  because  in  any  real 
system  there  will  usually  be  some  weak  restoring 
force  associated  with  the  motion.  Often  it  is  more 
convenient  to  look  at  the  system  as  a  dynamical  one, 
and  assign  potentials  or  spring  constants  to  deforma¬ 
tions  of  the  various  struts  (bonds)  and  angles.  It  does 
not  matter  whether  these  potentials  are  harmonic  or 
not,  as  the  displacements  are  virtual.  However  it  is 
convenient  to  use  harmonic  potentials  so  that  the 
system  is  linear.  It  is  then  possible  to  set  up  a 
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Lagrangian  for  the  system  and  hence  define  a  dy¬ 
namical  matrix  which  is  a  real  symmetric  and  as  a 
consequence  has  real  eigenvalues.  These  eigenvalues 
are  either  positive  or  zero.  The  number  of  finite 
(non-zero)  eigenvalues  defines  the  rank  of  the  ma¬ 
trix.  Thus  our  counting  problem  is  rigorously  re¬ 
duced  to  finding  the  rank  of  the  dynamical  matrix. 
The  rank  of  the  matrix  is  also  the  number  of  linearly 
independent  rows  or  columns  in  the  matrix.  Neither 
of  these  definitions  is  of  much  formal  help,  and  a 
numerical  determination  of  the  rank  of  a  large  matrix 
is  difficult  and  of  course  requires  a  particular  realiza¬ 
tion  of  the  network  to  be  constructed  in  the  com¬ 
puter.  Nevertheless  the  rank  is  a  useful  notion  as  it 
represents  the  proper  mathematics  for  this  problem, 
which  now  becomes  well  posed. 

The  genius  of  Maxwell  was  to  devise  the  simple 
constraint  counting  method  that  allows  us  to  estimate 
the  rank  of  the  dynamical  matrix  and  hence  the 
number  of  floppy  modes.  In  the  next  section,  I 
discuss  the  application  of  these  ideas  to  bulk  cova¬ 
lent  network  glasses.  In  Section  3,  I  expand  this 
work  to  look  at  the  marginal  case  when  surface 
floppy  modes  become  important. 


2.  Large  (N->  «0  networks 

2.1.  Theory 

We  start  by  examining  a  large  covalent  network 
that  contains  no  dangling  bonds.  I  can  describe  such 
a  network  by  the  chemical  formula  GeA  As vSe,  _ v_v 
where  the  chemical  element  Ge  stands  for  any  four¬ 
fold-bonded  atom,  As  for  any  threefold-bonded  atom 
and  Se  for  any  twofold-bonded  atom.  Every  atom 
has  its  full  complement  of  nearest  neighbors  and  I 
consider  the  system  in  the  thermodynamic  limit  where 
the  number  of  atoms  N  -» =c.  There  are  no  surfaces 
or  voids  and  the  chemical  distribution  of  the  ele¬ 
ments  is  not  relevant,  except  that  I  assume  there  are 
no  isolated  pieces,  like  a  ring  of  Se  atoms.  The  total 
number  of  atoms  is  N  and  there  are  nr  atoms  with 
coordination  r  (r  =  2,  3  or  4);  then 

4 

E  n„  (1) 


and  I  can  define  the  mean  coordination 

<r>  =  |  Y,™,/  E  =  2  +  2 x+y.  (2) 

We  note  that  (r)  (where  2  <  (r)  <  4)  gives  a  par¬ 
tial  but  very  important  description  of  the  network. 
Indeed  when  questions  of  connectivity  are  involved, 
it  is  the  key  quantity  as  we  shall  see. 

In  covalent  networks  like  Ge, As„Se, _ r_„,  the 
bond  lengths  and  angles  are  well  defined  and  small 
displacements  from  the  equilibrium  structure  can  be 
described  by  the  potential  [3-5] 

E  [(«/-«;)  -6;]'  +  f  E  liMM'jrf- 

0,j>  Z  <yt> 

(3) 

I  refer  to  this  as  the  covalent  potential  [6].  Here  ui  is 
the  displacement  of  the  atom  i,  and  r{J  is  a  unit 
vector  connecting  nearest  neighbor  sites  i,  j;  lij  is 
the  length  of  the  bond  if  and  Qijk  is  the  angle 
between  the  bonds  if  and  jk.  The  bond  stretching 
force  constant,  a,  and  the  bond  bending  force  con¬ 
stant,  f3,  are  the  largest  forces  in  covalent  glasses. 
The  bond  bending  force  is  essential  to  the  constraint 
counting  approach.  The  other  terms  in  the  potential 
are  assumed  to  be  much  smaller  and  can  be  ne¬ 
glected  at  this  stage.  If  floppy  modes  are  present  in 
the  system,  then  these  smaller  terms  in  the  potential 
will  give  the  floppy  modes  a  small  finite  frequency. 
For  more  details,  see  Ref.  [6].  If  the  modes  already 
have  a  finite  frequency,  these  extra  small  terms  will 
produce  a  small  uninteresting  shift  in  the  frequency. 
This  division  into  large  and  small  forces  is  abso¬ 
lutely  essential  if  the  constraint  counting  approach  is 
to  be  of  any  use.  It  is  for  this  reason  that  it  is  of 
little,  if  any,  use  in  metals  and  ionic  solids.  It  is 
fortunate  that  this  approach  provides  a  very  reason¬ 
able  starting  point  in  many  covalent  glasses. 

We  regard  the  solution  of  the  eigenmodes  of  the 
potential  (3)  as  a  problem  in  classical  mechanics  [7]. 
The  dynamical  matrix  has  a  dimensionality  3  N  which 
corresponds  to  the  3 N  degrees  of  freedom.  In  a 
stable  rigid  network,  we  would  expect  all  the  squared 
eigenfrequencies  co2  >  0  with  six  modes  to  be  at 
zero  frequency.  These  six  modes  are  just  the  three 
rigid  translations  and  the  three  rigid  rotations.  I  am 
assuming  that  our  (large)  network  has  free  boundary 
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conditions.  There  are  some  more  comments  on  this 
in  Section  3.  Of  course  these  six  modes  have  no 
weight  in  the  thermodynamic  limit.  The  total  number 
of  zero  frequency  modes  can  be  estimated  by  the 
Maxwell  counting  algorithm.  This  approach  was  first 
done  for  glasses  by  Phillips  [8]. 

The  constraint  counting  proceeds  as  follows.  There 
is  a  single  constraint  associated  with  each  bond  and 
we  can  assign  as  r/2  constraints  associated  with 
each  r-coordinated  atom.  In  addition  there  are  con¬ 
straints  associated  with  the  angular  forces  in  Eq.  (3). 
For  a  twofold-coordinated  atom,  there  is  a  single 
angular  constraint;  for  an  r-fold  coordinated  atom, 
there  are  a  total  of  2r  —  3  angular  constraints.  The 
total  number  of  constraints  is 


X>,[r/2+(2r-3)].  (4) 


r=2 

The  fraction,  /,  of  zero-frequency  modes  is  given  by 
r  4  1 


/= 


3 N-  E  nr[r/2  +  (2r-3)] 


/3AT, 


(5) 


L  r=  2  J 

which  can  be  conveniently  rewritten  in  the  compact 
form 


/=  2 -!</->,  (6) 

where  (r)  is  defined  in  Eq.  (2).  Note  that  this  result 
only  depends  upon  the  combination  2x  +  y  which  is 
the  relevant  variable.  When  (r)  =  2  (e.g.,  Se  chains), 
then  /=l/3;  i.e.,  one  third  of  all  the  modes  are 
floppy.  As  atoms  with  coordination  higher  than  two 
are  added  to  the  network  as  crosslinks,  /  drops  and 
goes  to  zero  at  <  r )  =  2.4  and  the  network  becomes 
rigid,  as  it  goes  through  the  phase  transition. 


2.2.  Experiments 

The  above  findings  have  been  confirmed  using 
computations  on  model  networks.  Some  of  these 
results  are  shown  in  Fig.  1.  The  computed  number  of 
floppy  modes  (shown  in  the  inset)  closely  follows 
Eq.  (6)  and  the  elastic  constants  approach  zero  from 
the  high  coordination  side,  also  at  (r)  =  2.4,  which 
is  referred  to  as  the  point  at  which  rigidity  percola¬ 
tion  occurs.  This  is  a  phase  transition  from  rigid  to 
floppy,  driven  not  by  temperature,  but  rather  by  the 
mean  coordination.  Measurements  of  the  elastic  con- 


2  2.4  2.8  3.2  3.6  4 


<r> 

Fig.  1.  The  elastic  constant,  cn,  for  a  model  network  as  a  function 
of  the  mean  coordination,  (r),  for  three  different  series  of  random 
networks.  In  the  inset,  the  fraction  of  floppy  modes,  /,  is  shown. 
The  points  are  from  computer  simulation  [3],  and  the  solid  line  in 
the  inset  is  the  straight  line  given  by  Eq.  (6). 


stants  [9]  appear  to  be  influenced  considerably  by  the 
weak  forces,  and  the  phase  transition  is  washed  out 
as  shown  in  Fig.  2.  The  best  experimental  confirma¬ 
tion  of  these  ideas  to  date  comes  from  inelastic 
neutron  scattering  measurements  of  the  density  of 
states  [10],  shown  in  Fig.  3.  The  agreement  between 
theory  and  experiment  is  excellent,  even  when  the 
weak  forces  are  included  in  a  very  simple  way  and 
adjusted  to  bring  the  zero-frequency  modes  to  the 
correct  (low)  frequency.  Note  that  the  weight  in  the 
floppy  modes,  given  by  constraint  counting,  is  unaf¬ 
fected  by  the  weak  forces,  even  though  there  is  some 
background  response  with  which  to  contend. 


Fig.  2.  The  transverse  elastic  modulus,  cT,  obtained  with  the  weak 
forces  included,  is  compared  with  experiment  [3,6,9]. 
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Fig.  3.  The  density  of  states  divided  by  the  frequency,  p(co)/(x), 
for  various  values  of  the  mean  coordination,  </■>.  The  left  hand 
set  of  graphs  arc  theoretical  [6]  and  the  right  set  of  graphs  are 
from  inelastic  neutron  scattering  experiments  [10]  on  GevSc1__r. 
The  frequency  is  in  units  where  the  maximum  frequency  is  unity. 


2.3.  Correction  for  dangling  bonds 

The  previous  section  describes  the  situation  when 
there  are  no  dangling  bonds  present.  The  analysis 
fails  when  dangling  bonds  are  present  because  the 
expression  for  the  number  of  angular  forces,  2r  —  3, 
gives  —1  when  r  =  1,  instead  of  the  correct  answer 
of  zero.  Thus  formula  (6)  needs  correction.  This 
correction  has  recently  been  done  in  a  compact  way 
by  a  number  of  authors  [11,12]  following  earlier 
efforts  [13,14]. 

It  is  rather  straightforward  to  extend  formula  (5) 
to  include  the  summation  over  the  dangling  bonds 
(r  =  1)  and  correct  for  miscounting  the  angular  con¬ 
straints  to  give 

-*i  /3tf, 

(?) 

which  now  leads  to  the  form 

/=  2  — !</•>  —  («, /3iV),  (8) 

where  the  definition  of  (r)  is  extended  from  Eq.  (2) 
to  include  the  dangling  bonds.  The  transition  now 
takes  place  at  a  lower  mean  coordination,  (r),  which 
is  given  by 

<r>  =  2.4  —  0.4(nl/N) .  (9) 


It  is  not  surprising  that  the  transition  takes  place  at  a 
lower  (  r )  because  the  dangling  ends  play  no  role  in 
the  network  connectivity.  Indeed  another  conceptual 
approach  is  to  strip  the  dangling  ends  away  and 
define  a  skeleton  network  that  has  only  two-,  three- 
and  four-coordinated  atoms.  The  theory  described  in 
this  section  can  then  be  applied  to  the  skeleton 
network  [15].  Eq.  (9)  has  recently  been  applied  to 
networks  containing  iodine,  which  forms  a  dangling 
end  [12]. 

These  ideas  have  also  been  applied  to  amorphous 
carbon  networks  by  Tamor  [16].  Amorphous  carbon 
networks  can  be  thought  of  as  consisting  of  three 
type,  of  atom:  fourfold  (diamond-like)  carbon,  three¬ 
fold  (graphitic)  carbon,  and  often  considerable 
amounts  of  atomic  hydrogen  that  ties  off  dangling 
ends  and  so  is  singly  coordinated.  Suppose  that  there 
are  N  atoms  in  the  network,  with  a  fraction  x4  of 
fourfold-coordinated  carbon,  a  fraction  x3  of  three- 
fold-coordinated  carbon  and  x a  of  singly  boned 
atomic  hydrogen.  Then,  by  definition,  we  have 

*4  +  X3  +  xx  =  1.  (10) 

To  illustrate  the  use  of  the  skeleton  network,  I  apply 
it  to  this  case.  The  mean  coordination  of  the  skeleton 
network,  with  the  hydrogen  removed  is 

2(  number  of  bonds) 

(r)  = - 

number  of  sites 

(4Nx4  +  3Nx3  +  NxA  —  2  Nx, 

=  - - 1 - - - - - L  (11) 

Nx4  +  Nx3  v  j 

which  gives 


(r) 


4x4  +  3x3 
1  -x, 


(12) 


The  important  new  term  is  the  2Nxl  in  the  numera¬ 
tor  of  Eq.  (11),  which  removes  the  bonds  between 
hydrogen  and  the  rest  of  the  network  that  are  not 
present  in  the  skeleton  network.  In  deriving  Eq.  (12), 
it  has  been  assumed  [16]  that  there  are  no  molecular 
fragments,  like  for  example  methane  CH4,  that  get 
detached  from  the  network.  If  this  were  the  case, 
then  these  fragments  should  also  be  eliminated  for 
purposes  of  counting.  It  appears  that  the  elastic 
moduli  and  especially  the  hardness  properties  of 
carbon  networks  [11]  follow  Eq.  (12)  closely.  The 
hardness  is  measured,  in  a  nano-indentation  test,  as 
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Mean  Coordination  (r) 


Fig.  4.  The  hardness  (measured  by  nano-indentation)  of  various 
diamond  films,  some  containing  hydrogen,  as  a  function  of  the 
mean  coordination  as  defined  by  Eq.  (12).  The  data  were  com¬ 
piled  and  presented  in  this  form  by  Tamor  [16]  based  on  work  by 
Tamor  [18]  (•),  Lossy  et  al.  [19]  (O)  and  Weiler  et  al.  [20]  (□) 
using  various  preparation  techniques.  The  solid  triangle  is  the 
result  for  diamond. 


the  depth  a  standard  probe  penetrates,  when  subject 
to  the  same  external  force.  This  is  shown  in  Fig.  4, 
where  the  hardness  is  shown  as  a  function  of  the 
mean  co-ordination,  (r).  The  hardness  goes  all  the 
way  from  that  of  crystalline  diamond  at  the  one 
extreme,  to  mush  when  too  much  hydrogen  is  pre¬ 
sent.  Also  shown  on  the  graph  are  a  straight  line  and 
the  form  suggested  by  He  and  Thorpe  [3]  for  the 
elastic  constants  and  obtained  via  numerical  compu¬ 
tations.  This  form  has  also  been  confirmed  recently 
by  Franzblau  and  Tersoff  [17],  over  the  entire  range 
of  values  of  (r)  from  2.4  to  4.  The  results  seem  to 
lie  somewhere  in  between  these  two  lines.  It  is 
always  difficult  to  know  precisely  what  is  being 
measured  by  hardness  and  so  this  agreement  with  the 
elastic  constants  is  interesting. 

For  the  skeleton  network,  the  number  of  floppy 
modes  is  still  given  by  Eq.  (6)  as  before.  The  total 
number  of  sites  in  the  skeleton  lattice  is  reduced  to 
N(l  —Xj),  so  that  the  total  number  of  floppy  modes, 
F,  is  given  by 

F  =  3JV(1  —  x,)(2  —  f  <r>).  (13) 


We  now  insert  (r)  from  Eq.  (12)  into  Eq.  (13)  and 
find  that 

F/3N  =  2  —  —  jx3  —  lx, ,  (14) 

which  of  course  reduces  to  the  old  result  Eq.  (6)  if 
there  is  no  hydrogen  present  so  that  xl  —  0.  The  total 
number  of  floppy  modes  is  not  changed  when  the 
hydrogen  is  recombined  with  the  skeleton  network  to 
reconstruct  the  original  network  that  existed  before 
the  hydrogen  was  stripped  off.  This  absence  of 
change  occurs  because  adding  back  a  single  hydro¬ 
gen  atom  adds  three  extra  degrees  of  freedom,  but 
also  adds  three  constraints  (one  for  the  central  force 
associated  with  the  bond,  and  two  for  the  angular 
forces  associated  with  attaching  this  bond  to  an  atom 
in  the  network).  Thus  there  is  no  change  and  all  the 
floppy  modes  are  associated  with  the  skeleton  net¬ 
work  and  not  specifically  with  the  hydrogen.  No 
direct  measurements  of  these  modes  have  yet  been 
carried  out  in  carbon  networks.  Inelastic  neutron 
scattering  experiments  in  the  low  frequency  region, 
similar  to  those  carried  out  for  chalcogenide  glasses 
and  shown  in  Fig.  3,  would  be  very  interesting. 

The  transition  from  rigid  to  floppy  occurs  when 
the  number  of  floppy  modes,  F ,  goes  to  zero.  By 
using  Eq.  (10),  Eq.  (14)  can  be  written  as  5x{  =  8x4 
+  3x3  which,  going  back  to  the  previous  notation 
and  using  total  numbers  of  atoms,  can  be  written  as 

5«j  —  8«4  +  3  n3.  (15) 

Of  course  this  same  result  can  be  obtained  directly 
from  Eq.  (8),  without  use  of  the  skeleton  network 
concept.  From  Eq.  (15)  we  see  that  the  amount  of 
hydrogen  is  balanced  against  the  amount  of  carbon 
to  produce  the  transition.  Without  hydrogen  there 
can  be  no  transition,  as  the  mean  coordination  lies 
between  3  and  4,  which  is  well  above  the  transition 
point  of  (r)  =  2.4. 


3.  Surface  floppy  modes 

The  analysis  in  the  previous  section  has  all  been 
in  the  thermodynamic  limit  ( N  — >  °°),  and  the  num¬ 
ber  of  floppy  modes,  F,  was  a  thermodynamic  quan¬ 
tity  proportional  to  the  number  of  atoms,  N.  Thus  the 
floppy  modes  can  be  thought  of  as  extended  bulk 
modes.  Because  there  are  N  such  modes,  surface 
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Fig.  5.  A  square  net  with  free  boundary  conditions  containing 
nln2  atoms. 


effects  are  normally  irrelevant  and  just  small,  negli¬ 
gible  corrections.  However,  when  the  term  propor¬ 
tional  to  N  is  zero,  surface  effects  can  become 
important  and  dominant.  I  will  discuss  this  situation 
here. 

3.1.  Basic  counting  techniques 

We  use  as  an  illustration  the  square  net  with  n^n2 
sites  shown  in  Fig.  5.  I  can  apply  the  Maxwell 
constraint  counting  method  here  also,  taking  careful 
account  of  the  sides  and  corners.  The  basic  algorithm 
is  unchanged;  F,  equals  the  number  of  degrees  of 
freedom  (twice  the  number  of  sites)  minus  the  con¬ 
straints  (the  number  of  bonds): 

F2  =  2nln2  -  [fo,  -2)(n2  -2)  +  §2(«,  -  2) 

+  §2(«2-2)  +  f4], 

=  +  n2,  ( 16) 

where  the  subscript  2  on  F  denotes  two-dimensions. 
I  have  checked  this  computationally  for  a  range  of 
values  of  nx  and  n2  and  find  that  the  formula  (16) 
works  exactly.  Indeed  it  is  likely  that  the  constraint 
counting  can  be  shown  to  be  exact  for  any  structure 
with  free  boundary  conditions,  containing  no  trian¬ 
gles  of  bonds  [21].  The  formula  (16)  is  based  on 
topological  considerations  and  so  it  does  not  matter 
whether  the  network  is  distorted  or  not.  I  have  also 
checked  this  computationally. 

These  planes  can  now  be  stacked  up  to  form  a 
simple  cubic  array  and  the  result  for  F  becomes 

F3  =  n3F2  +  «3(  «i«2)  -  («l"2)(«3  -  !)>  (17) 


where  the  second  term  comes  from  the  extra  degrees 
of  freedom  and  the  last  term  is  the  additional  con¬ 
straints.  Simplifying,  I  find  that 

F3  =  n\n2  +  n2n7>  +  nln[-  (18) 

This  equation  is  clearly  a  surface  term,  as  it  is 
proportional  to  the  number  of  surface  atoms  in  a 
large  sample. 

We  can  now  generalize  to  d  dimensions: 

d  d- 1 

F<i  =  njFli-i  +  (nd)Ylni-(nll~l)  EK-  (19) 
/=  1  1=1 


which  gives 


Fj  =  ndFd_ 


d-  1 


+  n  «,• 


(20) 


We  can  solve  this  equation,  using  induction  and  the 
known  answers  for  d  =  2  and  d  =  3  to  give 

(2i» 

This  equation  has  been  checked  for  various  values  of 
n(  for  d~2  and  d  —  3  and  always  works  exactly  for 
both  distorted  and  undistorted  networks. 

A  nice  way  of  obtaining  the  equation  for  F2  is  to 
count  the  number  of  missing  bonds  at  the  surface 
and  divide  by  2.  An  example  is  shown  in  Fig.  6. 
Here  there  are  29  sites  and  24  surface  bonds  shown 
by  dashed  lines.  A  little  thought  will  convince  the 
reader  that  the  number  of  floppy  modes  is  24/2  =  12. 
This  number  clearly  reduces  to  the  previous  answer 
n{  +  n2  for  a  rectangular  shape,  but  generalizes  the 
answer  to  other  less  regular  shapes.  Note  that  the  site 


Fig.  6.  A  piece  of  a  square  net  with  29  sites  and  24  surface  bonds 
shown  by  dashed  lines.  It  is  explained  in  the  text  that  there  are 
24/2  =  12  floppy  modes  of  which  two  are  the  macroscopic  rigid 
translations  and  one  is  the  macroscopic  rigid  rotation. 
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Fig.  7.  A  piece  of  a  square  net  containing  a  void.  Before  the  void 
was  introduced  there  were  36/2  =  18  floppy  modes  of  which  two 
are  the  macroscopic  rigid  translations  and  one  is  the  macroscopic 
rigid  rotation.  The  void  introduces  an  additional  16/2  =  8  floppy 
modes  which  can  be  seen  by  counting  the  dashed  bonds. 

in  the  indentation  has  all  four  bonds  present,  and  so 
does  not  contribute,  despite  being  a  surface  atom  in 
some  sense.  This  type  of  construction  also  works  if 
there  are  internal  voids,  and  hence  surface  bonds  as 
in  Fig.  7.  Another  way  to  look  at  this  construction,  is 
to  dissect  the  network  into  distinct  linear  chains 
which  decouple.  Each  linear  chain  has  two  (dashed) 
ends  and  a  single  zero  frequency  mode,  leading 
immediately  to  the  result  above.  This  construction 
can  be  shown  to  be  rigorously  true  if  the  network  is 
made  up  of  undistorted  square  plaquettes  [21].  How¬ 
ever  the  result  is  certainly  much  more  general,  but 
awaits  a  more  general  proof. 

In  Fig.  6,  I  show  an  example  of  an  internal  void, 
where  there  are  an  additional  eight  floppy  modes 
introduced  when  the  void  is  created.  This  type  of 
counting  obviously  is  easily  extended  to  more  com¬ 
plex  internal  void  geometries,  as  long  as  the  lattice  is 
made  up  of  square  (or  rectangular)  plaquettes. 

3.2.  Problems  with  periodic  boundary  conditions 

The  periodic  case  is  more  difficult  to  understand, 
as  symmetry  now  seems  to  play  a  more  important 
role,  with  clear  differences  appearing  between  dis¬ 
torted  and  undistorted  networks  [22],  The  reader  may 
complain  that  the  periodic  case  is  of  no  more  than 
academic  interest.  This  complaint  may  be  justified, 
but  we  cannot  claim  to  understand  this  entire  area 
until  we  do  understand  the  periodic  case  also.  Con¬ 
straint  counting  always  gives  exactly  0  for  any  d 


dimensional  hypercubic  lattice.  This  result  is  not 
exactly  correct  as  there  are  always  the  d  Goldstone 
modes,  corresponding  to  the  acoustic  phonons  in  the 
long  wavelength  limit.  For  the  distorted  periodic 
case,  I  find  numerically  that  this  is  the  total  -  there 
are  indeed  always  exactly  d  modes.  The  undistorted 
periodic  case  can  be  solved  using  Bloch’s  theorem. 
For  a  periodic  hypercubic  lattice,  the  eigenfrequen- 
cies  are  given  by 

a)‘  =  yfk/M  |  sin('irrl-//ir)  |,  (22) 

where  rt  =  0,  1,  2 . . .  nr  -  1.  Because  of  the  decou¬ 
pling,  there  are 


floppy  modes  associated  with  the  direction  r,  so  that 
the  total  number  of  floppy  modes  is  again  given  by 


which  is  the  same  answer  I  obtained  for  the  square 
with  free  boundary  conditions  (Eq.  (21)).  This  is 
because  the  cube  can  be  dissected  into  Fd  periodic 
linear  chains,  each  with  a  single  floppy  mode,  as  in 
the  case  with  free  boundary  conditions. 

The  difference  is  that  the  distortions  reduce  the 
number  of  floppy  modes  from  Fd  (given  in  Eq.  (23)) 
to  d  in  the  periodic  case,  but  the  number  of  floppy 
modes  is  unchanged  at  Fd  for  free  boundary  condi¬ 
tions. 

3.3.  Silicate  networks 

Although  the  floppy  modes  that  I  have  been 
discussing  emanate  from  the  surface,  they  are  in  no 
sense  surface  modes.  The  amplitude  is  not  damped 
away  from  the  surface.  They  are  bulk  in  extent  and 
involve  the  entire  solid.  It  is  only  the  total  number 
that  scales  like  the  surface  area.  This  concept  is 
important  in  other  marginal  structures.  Another  two- 
dimensional  example  is  the  kagome  lattice  which 
consists  of  triangles  joined  at  the  comers.  The  most 
important  three-dimensional  example  is  provided  by 
silicates  [Si02]  where  the  Si04  tetrahedra  are 
corner-sharing.  This  case  has  been  examined  exten¬ 
sively,  both  theoretically  and  experimentally  recently 
[23].  These  authors  refer  to  these  modes  as  rigid  unit 
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modes  (RUMs)  in  which  the  Si04  tetrahedra  are  not 
distorted.  These  modes  can  be  seen  using  inelastic 
neutron  scattering.  This  experiment  is  not  so  straight¬ 
forward  as  in  the  chalcogenide  glasses,  because  the 
number  of  RUMs  is  proportional  to  the  surface  area, 
N2/ 3,  rather  than  the  bulk,  N,  where  N  is  the 
number  of  atoms. 

It  is  not  yet  clear  if  the  exact  results  given  for  the 
number  of  surface  floppy  modes  in  this  section,  are 
exact  or  only  approximately  generalisable  to  the 
Kagome  and  silicate  structures. 

4.  Summary 

In  this  paper,  I  have  tried  to  collect  together  some 
of  the  more  important  results  regarding  floppy  modes 
and  constraint  counting  in  glasses  that  have  emerged 
in  the  past  decade.  This  work  has  provided  a  useful 
conceptual  framework  within  which  to  discuss  some 
of  the  physical  properties  of  glasses.  Some  of  the 
arguments  in  this  area  are  subtle  and  still  controver¬ 
sial.  For  example  using  a  reduced  dimensionality  of 
two  rather  than  three  for  layered  materials  like 
AsvSej_v  does  not  seem  to  be  correct  to  me,  as 
these  atoms  are  still  embedded  in  a  three-dimen¬ 
sional  space  [24].  It  is  true  that  using  this  reduced 
dimensionality  does  seem  to  improve  agreement  with 
experiment  where  the  discontinuity  seems  to  be  at 
(r)  =  2.67  rather  than  (r)  =  2.4,  but  perhaps  there 
are  other  explanations  for  this  value. 

Recent  work  on  surface  floppy  modes  is  begin¬ 
ning  to  look  interesting  as  a  way  of  understanding 
open  structures.  So  far  the  only  serious  application 
has  been  to  bulk  silicate  networks  [23],  but  this 
approach  looks  promising  for  other  more  complex 
structures  such  as  porous  silica,  clays  and  zeolites, 
that  contain  internal  surfaces  or  voids.  Internal  floppy 
modes  may  permit  voids  to  alter  their  shape  so  as  to 
facilitate  chemical  reactions  and  catalysis.  This  pos¬ 
sibility  remains  to  be  seen.  An  even  more  distant 
hope  is  that  this  work  may  find  applications  in 
biological  systems,  where  the  ability  of  molecules  to 
move  at  little  cost  in  energy  probably  has  important 
implications  for  enzyme  activity  and  other  biologi¬ 
cally  important  interactions. 


During  the  past  twenty  years,  I  have  spent  many 
happy  periods  of  time  talking  about  the  subtleties  of 
random  networks  with  the  late  Frank  Galeener.  I 
know  that  Frank  would  appreciate  the  present  piece 
of  work  as  he  was  always  intrigued  by  such  ques¬ 
tions.  I  also  thank  A.  Angell,  A.  Bhattacharya,  P. 
Boolchand,  Y.  Cai,  J.  Chen,  A.  R.  Day,  H.  He,  V. 
Heine,  and  M.  Tamor  for  useful  insights  into  this 
problem.  This  research  was  supported  by  the  NSF 
under  grants  No.  DMR-9024955  and  CHE-9224102. 
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Abstract 

The  temperature  dependence  of  the  Lamb-Mossbauer  factor,  f(T),  in  a  solid  provides  the  first  inverse,  <l/w>,  and 
second  inverse,  <l/w2>,  moments  of  the  vibrational  density  of  states.  In  network  glasses,  these  moments  serve  as  local 
probes  of  low-frequency  vibrational  excitations,  such  as  floppy  modes,  and  provide  a  means  to  establish  the  rigidity 
percolation  threshold.  Lamb-Mossbauer  results  on  prototypical  chalcogenide  glasses  (Ge^Se^*)  correlate  well  with  those 
of  Raman  scattering,  inelastic  neutron  scattering  and  Mossbauer  hyperfine  structure  experiments  in  indicating  that  the 
rigidity  percolation  threshold  occurs  near  <r)c  =  2.46(4).  These  observations  provide  experimental  support  for  predictions  of 
the  Phillips-Thorpe  constraint  theory,  when  provision  is  made  for  a  small  but  finite  concentration  of  broken  bond-bending 
constraints  around  chalcogen  sites. 


1.  Introduction 

Vibrational  excitations  in  glasses  and  correspond¬ 
ing  crystals  display  similarities  as  well  as  differ¬ 
ences.  The  similarities,  in  general,  can  be  traced  to 
elements  of  short-range  order  (SRO),  i.e.,  to  the 
nature  of  the  building  blocks  of  the  network.  Elastic 
scattering  experiments  [1]  using  a  beam  of  X-rays  or 
neutrons  have  shown  over  the  years  that  elements  of 
SRO  between  glasses  and  crystals  are  similar  al¬ 
though  not  without  exceptions  [2].  On  the  other 
hand,  differences  in  vibrational  excitations  between 
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glasses  and  crystals  possessing  the  same  SRO  arise 
in  general  from  atomic  correlations  extending  to 
larger  distances.  Glasses  differ  from  crystals  in  that 
their  networks  do  not  possess  long-range  order.  The 
vibrational  features  intrinsic  to  glasses,  particularly 
in  the  low-frequency  regime,  continue  to  attract  in¬ 
terest  [3]  because  these  are  tied  to  elements  of 
medium-range  order  (MRO),  i.e.,  to  the  way  and 
extent  building  blocks  are  correlated  both  spatially 
and  vibrationally  in  a  glass  network. 

Traditionally,  the  experimental  methods  used  to 
establish  the  vibrational  density  of  states  (VDOS)  in 
a  glass  have  included  inelastic  neutron  scattering  [4], 
Raman  scattering  [5]  and  IR  reflectance  [6].  In  this 
paper  we  introduce  a  new  method  -  vibrational 
spectroscopy  based  on  measurements  of  the  Lamb- 
Mossbauer  factors  [7].  The  Lamb-Mossbauer  factor, 
also  known  as  the  /-factor,  physically  measures  the 
probability  for  recoilless  (zero  phonon)  emission  or 
absorption  of  a  7-ray  by  a  resonant  atomic  nucleus 
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in  a  solid.  It  is  akin  to  Debye-Waller  factors  for 
X-ray  scattering.  Broadly  speaking,  /-factors  in  a 
nuclear  resonance  experiment  are  determined  by  the 
integrated  area  under  the  observed  lineshape.  Physi¬ 
cally,  their  magnitude  at  a  given  temperature  is 
determined  by  two  parameters,  the  energy  of  the 
y-ray  being  resonantly  absorbed  or  emitted  or  scat¬ 
tered  as  the  case  may  be  and,  second,  the  hardness  of 
the  solid  host  material  often  described  in  terms  of  the 
Debye  temperature,  0D. 

In  this  paper,  we  review  results  of  specific  Lamb- 
Mossbauer  factor  experiments  on  Sn-doped  Gex- 
Se  L  __  x  glasses  that  bear  on  the  idea  of  rigidity  perco¬ 
lation  threshold  predicted  [8-10]  by  the  Phillips- 
Thorpe  constraint  theory  of  glasses.  The  underlying 
low-frequency  vibrational  excitations  in  an  underco¬ 
ordinated  network  glass,  also  called  floppy-modes, 
have  been  observed  [11]  directly  in  inelastic  neutron 
scattering  experiments.  The  presence  of  these  floppy 
modes  leads  to  a  softening  [12]  of  /-factors  in  under¬ 
coordinated  glasses.  Results  of  these  neutron  scatter¬ 
ing  and  /-factor  experiments  correlate  with  the  Ra¬ 
man  A  j  breathing  mode  [13],  the  frequency  shifts  of 
Ge(Se1/2)4  units  and  the  Te  Mossbauer  site-intensity 
ratios  [14],  all  studied  systematically  as  a  function  of 
the  glass  composition.  These  results  taken  together 
provide  persuasive  experimental  evidence  for  the 
existence  of  the  stiffness  threshold  predicted  by  the 
constraint  theory  of  glasses. 


2.  Lamb-Mossbauer  factors  as  probe  of  low- 
frequency  vibrational  excitations 

The  probability  of  nuclear  resonant  absorption  in 
a  solid,  /,  is  described  [7]  by  the  Lamb-Mossbauer 
factor 

/=  exp(  —  <(A:  •  m)2)),  (1) 

where  k  is  the  y-ray  wave  vector  and  u  is  the 
displacement  vector  of  the  resonant  nucleus;  the 
angular  brackets  imply  a  thermal  average.  For  a 
harmonic  oscillator  at  low  temperature,  T  (T->  0), 
the  mean-square  displacement  as  T  0,  is  given  by 


while  at  high  T  (T>  0D) 

(u2)t  =  3kBT/Mu>2.  (3) 

By  combining  Eq.  (2)  and  (3)  with  Eq.  (1),  one 
obtains  the  first  and  second  inverse  moments  of  the 
vibrational  density  of  states  in  a  Debye  solid 

(l/<o)  =  (2hMc2/E;)(-ln  f0)  (4) 

and 


(i/co2) 


h2Mc 2  1  d 

~e2  t 


(-In  /)• 


(5) 


In  the  harmonic  approximation,  Eq.  (4)  suggests  that 
one  can  obtain  the  first  inverse  moment  of  the 
VDOS  in  a  network  glass  by  measuring  /0,  the 
T  ->  0  limit  of  the  Lamb-Mossbauer  factor.  Eq.  (5) 
shows  that  the  second-inverse  moment  of  the  VDOS 
can  be  established  by  measuring  the  slope, 
d(  —  In  f)/dT  at  T>  0D.  In  general,  the  T-depen- 
dence  of  f(T )  in  a  harmonic  solid  possessing  a 
Debye-like  VDOS  can  be  written  [7]  as 


(6) 


The  first  term  on  the  right,  which  is  T-independent, 
describes  the  zero-point  motion  contribution  to  the 
/-factor.  The  second-term  is  T-dependent  and,  for 
T>  6d,  In  f(T)  decreases  linearly  with  T,  with  the 
slope  being  inversely  proportional  to  0%,  as  illus¬ 
trated  in  Fig.  1. 

The  second  moment  of  the  VDOS  <  co2)  in  a  solid 
is  also  accessible  from  Mossbauer  spectroscopy.  It  is 
obtained  by  measuring  the  T-dependence  of  the  nu¬ 
clear  resonance  lineshape  centroid.  This  was  first 
recognized  by  Pound  and  Rebka  [15],  and  indepen¬ 
dently  by  Josephson  [16],  and  is  familiarly  known  as 
the  thermal  shift  or  second-order  Doppler  shift.  This 
shift  is  given  by 

1  \9kBeDl  1  ,  /  T  \4\ 

V  2 c2  M  8  +  |  eD )  j 
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reD/rxf dx 
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Fig.  1.  Temperature  dependence  of  Lamb— Mossbauer  factors  in 
indicated  compounds  using  the  35.5  keV  7-ray  in  12'Te.  Note  that 
/-factors  saturate  at  T  =  0.  At  high  temperatures  the  /- factors 
decrease  with  T,  with  the  slope  d(ln  f)/dT  inversely  proportional 
to  05.  Further  note  that  the  /- factors  decrease  with  average 
coordination  of  the  compounds.  Some  parts  of  this  figure  arc 
taken  from  the  work  of  Bresser  et  al.  [7]. 


In  summary,  the  Mossbauer  effect  through  the  ther¬ 
mal  shift  becomes  a  sensitive  probe  of  high-frequency 
vibrational  excitations,  through  the  T  — » 0  limit  of 
the  /-factor,  /0,  to  intermediate-frequency  vibra¬ 
tional  excitations,  and  through  the  slope  d(  — In  /)/ 
dT,  to  low-frequency  vibrational  excitations  in  a 
solid.  The  latter  two  physical  observables  will  be  of 
special  interest  in  context  to  floppy  modes  in  a 
network  glass,  as  we  illustrate  in  the  next  section. 

In  a  Mossbauer  effect  experiment,  when  the  phys¬ 
ical  size  of  the  absorbing  grain  becomes  less  than 
about  20  nm,  such  as  in  nanocrystalline  materials  or 
a  molecular  cluster  in  a  network  glass,  then  an 
unusual  circumstance  can  prevail.  The  recoil  energy, 
Er ,  imparted  to  the  mesoscopic  grain  during  reso¬ 
nant  absorption  can  become  comparable  with  the 
natural  linewidth,  Tn,  of  the  resonance  (for  119Sn, 
Tn=5.9X  10“8eV),  i.e., 

£r  =  T-  (8) 

Eq.  (8)  defines  a  critical  grain  size,  dc ,  which  for  the 
case  of  Sn  absorption  in  GeSe2  equals  a  value  of 
about  20  nm.  In  samples  with  a  grain  size  d<dc, 
one  can  expect  a  decrease  [17]  in  the  /-factor  in 
proportion  to  ( dc-d )  due  to  displacement  of  the 
grain  upon  nuclear  absorption  or  emission.  Thus 
/-factors  in  such  solids  have  two  broad  contributions, 
one  due  to  displacement  of  the  absorbing  atom  within 


a  grain  (or  molecular  cluster)  known  as  the  intragrain 
/-factor,  /intra,  and  the  second  from  a  motion  of  the 
grains  in  relation  to  each  other  known  as  the  inter¬ 
grain  /-factor,  /intcr.  Thus  the  observed  /-factor  is 
the  product  of 

f  —  /intra  /"inter  >  (9) 

These  ideas  will  help  us  to  understand  differences  in 
/-factors  of  glasses  and  crystals  as  we  see  below  in 
Section  4. 


3.  Phillips-Thorpe  constraint  theory  of  glasses 

For  a  covalent  network  constrained  by  bond¬ 
stretching,  a,  and  bond-bending,  /3,  forces,  a  me¬ 
chanical  critical  point  exists  when  the  number  of 
constraints  per  atom,  nc ,  equals  the  dimensionality 
or  number  of  degrees  of  freedom,  nd ,  of  the  space  in 
which  is  it  embedded, 

nc  =  nd .  (10) 

This  general  condition,  enunciated  by  Phillips  [8]  in 
1981,  has  stimulated  considerable  interest  in  glass 
science.  This  condition  is  satisfied  exactly  in  some  of 
the  best  glass  formers  in  nature  such  as  As2Se3  and 
Si02.  In  Si02,  the  ft  constraint  associated  with  O 
atoms  is  apparently  broken  as  revealed  by  experi¬ 
ments  and  this  ensures  nc  =  nd.  Eq.  (10)  is  thought 
to  describe  the  formation  of  optimally  polymerized 
networks  [8].  Thorpe  [9,10]  recognized  that  the  glass 
condition  (10)  can  be  cast  in  the  language  of  percola¬ 
tion  theory.  Specifically,  he  showed  that  for  covalent 
networks  in  which  the  N  atoms  bond  chemically 
with  coordination  numbers  greater  than  or  equal  to 
two,  the  number  of  zero-frequency  modes,  F  =  N 
(nd  —  nc),  vanishes  when  the  average  coordination 
number,  ( r ),  increases  to  2.40, 

(r)  =  2.40.  (11) 

The  character  of  a  covalent  network  undergoes  a 
qualitative  change  [9]  from  being  easily  deformable 
(r)  <  2.40  to  being  rigid  at  (r)  >  2.40. 

Recently,  Boolchand  and  Thorpe  [18]  have  ex¬ 
tended  constraint  theory  to  include  networks  contain¬ 
ing  singly  coordinated  atoms.  Specifically,  they  have 
shown  that  rigidity  will  percolate  in  such  networks  at 

(r)  =  2.4  —  QA(nl/N) ,  (12) 
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where  (nx/N)  represents  the  concentration  of  singly 
coordinated  atoms  in  the  polymeric  (backbone)  net¬ 
work  structure  terminated  by  singly  coordinated 
atoms. 

These  ideas  based  on  the  enumeration  of  a  and  /3 
constraints  lead  to  results  that  are  mathematically 
well  defined.  The  floppy  modes  represent  zero- 
frequency  modes  or  cyclical  modes  in  the  dynamical 
matrix.  In  practice  these  modes  do  not  possess  zero 
frequency,  but  are  blue-shifted  due  to  the  presence  of 
residual  interactions  such  as  van  der  Waals  forces. 


4.  Rigidity  percolation  threshold  in  chalcogenide 

glasses 

The  prediction  of  a  stiffness  threshold  or  a  rigidity 
percolation  threshold  in  a  glassy  network  at  (r)  = 
2.40  (based  on  Eq.  (11))  has  stimulated  much  experi¬ 
mental  activity  over  the  years.  The  binary  glass 
systems  GevSe,_v  and  GevS,_v  in  which  cations 
and  anions  are  known  to  be  four-  and  two-fold-coor- 
dinated  provide  convenient  test  systems  for  these 
ideas.  In  these  binaries,  one  can  prepare  homoge¬ 
neous  bulk  glasses  over  a  wide  composition  range 
0  <  x  <  0.40,  in  which  the  average  coordination 
number  of  the  network  can  be  tuned  to  include 
(r)  =  2.40.  According  to  constraint  theory,  one  must 
exclude  monomeric  species  such  as  S8  or  Se8  units, 
which  apparently  phase-separate  at  low  x  (x  <  0.20) 
in  the  respective  networks,  since  these  molecular 
clusters  do  not  form  part  of  the  backbone  structure  to 
which  the  constraint  arguments  apply.  Further,  since 
the  stoichiometric  chemical  compounds  occur  at  x  = 
0  (Se  or  S),  x  =  1/3  (GeSe2  or  GeS2)  and  x  =  1/2 
(GeSe  and  GeS),  sufficiently  far  removed  from  the 
projected  stiffness  threshold  composition  at  xc  =  0.20 
(corresponding  to  < r )  -  4xc  +  2(1  -xc)  =  2.4),  one 
is  in  a  position  to  separate  the  more  delicate  mechan¬ 
ical  effects  from  the  overwhelming  chemical  ones 
associated  with  stoichiometric  crystalline  compound 
formation. 

4.1.  Inelastic  neutron  scattering 

Direct  evidence  for  the  existence  of  floppy  modes 
in  binary  GevSej„v  glasses  has  emerged  from  the 
inelastic  neutron  scattering  measurements  of  Kami- 


E  (meV) 

Fig.  2.  VDOS  for  Se-As-Ge  alloy  glasses.  Starting  from  the 
bottom  ({/■)  =  3.00),  successive  curves  have  been  shifted  up  to 
0.015  units  on  the  vertical  scale.  The  top  curve  «r>  =  2.00)  is  for 
pure  Sc  glass.  The  other  alloy  glasses  in  order  arc  <r>  =  2.08, 
Se%Gc4;  <r>  =  2.16,  SeiS9 As()6Ge05;  </•>  =  2.24,  Se88Ge12;  <r> 
-  2.40,  Sc675As250Ge()75;  </•>  =  2.60,  Sc6,As14Gc23;  (r)  =  2.80, 
Sc51  As]SGe3l;  and  <r>  =  3.00,  Sc  395  As21(>Ge395.  The  peak  at 
~  5  meV  is  identified  as  the  floppy  mode  peak.  This  figure  is 
taken  from  Ref.  [11]. 


takahara  et  al.  [11].  Fig.  2,  taken  from  their  work, 
shows  a  plot  of  the  observed  density  of  vibrational 
states,  g(E ),  as  a  function  of  average  coordination 
number,  (r>.  The  prominent  peak  at  about  5  meV  in 
g-Se  (x  =  0)  has  an  integrated  intensity  (over  the 
energy  range  0-8  meV),  which  is  approximately 
one-third  of  the  total  spectral  weight.  This  constitutes 
good  evidence  that  the  modes  in  question  are  floppy 
modes.  For  a  Se  chain,  in  which  each  atom  is 
twofold-coordinated,  there  is  one  a  and  one  (3  con¬ 
straint  yielding  two  constraints  per  atom,  or  one 
floppy  mode  per  atom,  or  one-third  of  the  modes  are 
floppy  as  observed. 

The  first  and  second  inverse  moments  of  the 
VDOS  deduced  from  these  neutron  scattering  mea¬ 
surements  [12]  are  displayed  in  Fig.  3  as  a  function 
of  Ge  concentration.  There  is  some  evidence  of  a 
change  in  slope  in  the  first-inverse  moment  near  the 
composition  x  —  0.20,  corresponding  to  the  stiffness 
threshold.  The  scantiness  of  the  data  does  not  permit 
us  to  localize  the  threshold  composition  with  any 
degree  of  accuracy,  however.  The  second-inverse 
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Fig.  3.  First  inverse  (a)m/w)  (top  panel)  and  second  inverse 
(a)2  / a)2)  (bottom  panel)  moments  of  the  density  of  vibrational 
states  deduced  from  inelastic  neutron  scattering  (O),  Lamb- 
Mossbauer  factors  (  a  )  and  bond-depleted  diamond  lattice  calcula¬ 
tions  (O)  as  a  function  of  Ge  concentration,  x.  Note  that  <  o)m  / (o) 
displays  clear  evidence  of  a  break  in  slope  near  x  =  0.20  corre¬ 
sponding  to  the  rigidity  threshold.  This  figure  is  taken  from  Ref. 
[12]. 


moment  deduced  from  these  neutron  scattering  mea¬ 
surements  provides  no  evidence  of  any  anomaly 
whatsoever  near  the  composition  x  =  0.20,  a  point 
we  shall  return  to  later. 

It  is  also  clear  from  these  neutron  scattering  re¬ 
sults  tin  that  the  floppy  mode  strength  does  not 
extrapolate  to  zero  when  x  increases  to  0.20  (corre¬ 
sponding  to  <  r  >  =  2.4)  as  predicted  by  the  calcula¬ 
tions  of  He  and  Thorpe  [10].  There  are  clearly  other 
modes  in  the  low-frequency  regime  ( <  10  meV)  that 
apparently  contribute  to  the  VDOS  when  x  >  0.20 
which  are  most  likely  due  to  aspects  of  MRO  emerg¬ 
ing  in  these  networks. 


4.2.  Raman  scattering 

An  advantage  in  working  with  the  Ge^Se^  bi¬ 
nary  system  over  the  GeJCAs>,Sez  ternary  system  is 
that  in  the  bond-stretching  regime  one  can  closely 
monitor  growth  of  Raman  scattering  from  the  Ax 
symmetric  stretch  of  GeCSe^X  tetrahedral  units  at 
the  expense  of  the  A1  stretch  of  Se„  chain  units,  as 
the  Ge  content,  x,  of  the  glasses  is  monotonically 
increased.  Murase  et  al.  [13]  noticed  that  the  A1 
mode  frequency  of  Ge(Se1/2)4  units  blue-shifts  sys¬ 
tematically  with  x,  at  first  linearly  in  the  range 
0.05  <  x  <  0.20,  and  then  superlinearly  once  x  > 
0.25  (see  Fig.  4). 

This  blue-shift  of  A:  modes  is  the  natural  conse¬ 
quence  of  network  stiffening.  In  the  absence  of  data 
in  the  critical  range  0.20  <x  <  0.25,  one  choice  is  to 
draw  a  smooth  curve  (broken  line)  through  the  data 
as  reported  by  Murase  et  al.  [13].  It  now  appears  that 
the  datapoint  at  x  =  0.25  is  not  only  correct  (i.e.,  not 
spurious),  but  it  actually  forms  part  of  a  smooth 
trend  shown  by  the  continuous  line  drawn  in  Fig.  4. 
It  is  clear  from  the  trend  of  these  Raman  results  at 
compositions  x  >  0.25,  and  those  at  x  <  0.20,  that 
there  apparently  exists  some  type  of  a  discontinuity 
in  the  critical  range  0.20  <  x  <  0.25.  The  location 
and  nature  of  this  discontinuity  remains  to  be  estab¬ 
lished,  however. 

Raman  scattering  on  the  parallel  Ge^S^^  binary 
glass  system  was  recently  studied  by  us  [19].  These 
measurements  reveal  the  At  mode  frequency  of 
Ge(S1/2)4  units  to  blue-shift  in  a  fashion  remarkably 
similar  to  those  reported  by  Murase  et  al.  [13]  on  the 
Ge*Sei-jt  binary.  In  particular,  we  confirm  the  su¬ 
perlinearity  of  the  Aj  mode  frequency  shift  in  the 
composition  range  0.23  <x<0.33,  and  its  linearity 
at  lower  Ge  concentration  0.10  <x<  0.20,  with  an 
apparent  discontinuity  existing  in  the  range  0.20  <  x 
<  0.23.  In  retrospect,  it  is  clear  that  Raman  scatter¬ 
ing  data  at  compositions,  x,  in  this  range,  in  both  the 
Ge-Se  and  Ge-S  binaries,  is  crucially  needed  to 
better  localize  the  stiffness  threshold.  Before  this  is 
achieved,  however,  the  effective  Ge  concentration  of 
the  backbone  structure  responsible  for  percolation  of 
rigidity  in  these  glasses  will  also  need  to  be  estab¬ 
lished.  Corrections  to  the  actual  glass  compositions 
for  the  presence  of  S8  rings  and,  to  a  lesser  degree, 
Se8  rings,  molecular  species  that  are  known  to 
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phase-separate  in  the  respective  binary  glasses,  par¬ 
ticularly  at  low  Ge  concentrations  (x<0.20),  will 
have  to  be  made.  Fortunately,  A,  modes  of  S8  rings 
are  partially  resolved  from  those  of  Sn  chains.  A 
careful  lineshape  analysis  of  the  observed  vibrational 
bands  (see  Fig.  5)  will  establish  the  requisite  chalco- 
gen  concentration  present  in  the  backbone  network. 


Fig.  4.  Top  panel  shows  the  results  on  the  Raman  stokes  shift  of 
the  Aj  mode  of  Gc(Scl//2\  units  in  GeA.Se,_v  glasses  as  a 
function  of  a  taken  from  the  work  of  Murase  and  co-workers 
[13,22].  The  broken  line  through  the  datapoints  is  the  original 
trend  drawn  by  the  authors.  The  continuous  lines  are  drawn  by  the 
present  authors  to  highlight  a  likely  discontinuity  in  the  range 
0.20  <  x  <  0.25.  Bottom  panel  shows  similar  results  obtained  on 
the  GcfS|_  v  system  in  the  present  work. 


CO 

'E 

D 

-Q 

k. 

< 


C 

Ui 

c 

<D 


<0 

O 


CO 


c 

cn 

£ 

CO 

CC 


GexS^x 


Shift  (cm1) 

Fig.  5.  Room-temperature  Raman  scattering  results  on  indicated 
glasses  obtained  using  the  514  nm  exciting  radiation  from  an 
Ar-ion  laser.  The  Aj  mode  frequency,  obtained  by  least-squares 
fitting  the  lineshape,  shows  a  clear  blue -shift  with  Ge  content. 


4.3  Lamb-Mossbauer  factors 

Since  neither  Ge  nor  S  or  Se  provide  viable 
Mossbauer  effect  probes  in  these  glasses,  we  have 
chosen  to  add  traces  of  elemental  Sn  (enriched  in 

Sn,  the  resonant  isotope)  to  prepare  alloy  glasses 
of  the  composition  (Ge0995Sn0005)v(S  or  Se), 

The  presence  of  traces  of  Sn  in  these  glasses  affects 
neither  the  glass  transition  temperatures,  T ,  nor  the 
Raman  vibrational  modes,  but  this  amount  of  Sn  is 
sufficient  to  observe  the  Mossbauer  effect  of  23.8 
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keV  'y-rays  in  n9Sn  in  these  glasses  using  standard 
transmission  geometry.  There  is  overwhelming  evi¬ 
dence  [19,20]  that  in  trace  amount  the  isovalent  Sn 
additive  mimics  the  local  bonding  configurations  of 
Ge  sites  in  these  binary  glasses.  In  the  composition 
range  0  <  x  <  0.32,  for  example,  one  observes  in 
Mossbauer  spectroscopy  a  narrow  resonance  charac¬ 
teristic  of  tetrahedrally  coordinated  Sn(X1/2)4  sites, 
where  X  =  S  or  Se.  These  sites  are  chemically  equiv¬ 
alent  but  their  vibrational  behavior,  as  studied  by 
Lamb-Mossbauer  /-factors,  is  found  to  depend  on 
the  glass  composition  in  a  fashion  that  closely  paral¬ 
lels  the  vibrational  behavior  of  Ge(X1/2)4  units  as 
studied  by  Raman  scattering. 

Unlike  inelastic  neutron  scattering  measurements, 
which  require  typically  10  g  or  more  of  a  glass 
sample,  Raman  and  Mossbauer  spectroscopy  require 
a  miniscule  amount  (<1/10  g)  of  sample.  This 
amount  can  be  an  important  consideration  in  glass 
investigations  since  it  is  not  always  usual  that  large¬ 
sized  glass  samples  of  uniform  composition  can  be 
prepared.  Further,  the  latter  methods  also  lend  them¬ 
selves  elegantly  to  examine  thin  films  and  to  check 
sample  inhomogeneities.  Micro-Raman  as  a  method 
is  particularly  diagnostic  as  a  check  of  sample  homo¬ 
geneity.  Such  information  can  often  be  used  to  opti¬ 
mize  processing  conditions  to  achieve  homogeneous 
glass  samples. 

Fig.  6  illustrates  [20]  the  spectra  of  (Ge0  99- 
Sn0  01)x(Se)j_A.  glasses  near  the  stoichiometric  com¬ 
position  x  =  1/3.  Two  types  of  Sn  site  are  observed, 
a  tetrahedral  Sn(Se1/2)4  site,  labeled  A,  and  a  non- 
tetrahedral  Sn-site,  labeled  B.  Temperature  depen¬ 
dences  of  the  Lamb-Mossbauer  factors  for  these 
sites  of  the  stoichiometric  (GeSe2)  glass  composition 
were  obtained  by  cooling  the  glass  sample  in  a 
vibration-free  He  closed-cycle  cryostat  and  exciting 
the  nuclear  resonance  with  an  emitter  of  ll9Snm  in  a 
CaSn03  matrix  kept  at  a  fixed  temperature  (300  K) 
outside  the  cryostat.  The  integrated  areas  under  the 
site  A  (single  line)  and  site  B  (doublet)  resonances 
were  obtained  by  least-squares  fitting  the  observed 
lineshape  using  standard  procedures  and  plotted  sys¬ 
tematically  as  a  function  of  temperature. 

Fig.  7  and  8  provide  an  overview  [12]  of  the 
results.  The  effective  vibrational  (Debye)  tempera¬ 
ture  of  site  A  of  6ft  ~  130(5)  K  is  found  to  be 
significantly  higher  than  that  of  site  B  of  0®  =  100(5) 


VELOCITY  Imm/s) 

Fig.  6.  1,9Sn  Mossbauer  spectra  of  (Ge()  99Sn0  01/Se!  _ x  glasses 
showing  two  sites  (A,B)  near  the  stoichiometric  composition 
jt  =  0.333.  This  figure  is  taken  from  Ref.  [12]. 

K.  These  sites  represent  the  dopant  (Sn)  replacing 
available  Ge  sites  in  two  distinct  local  environments: 
a  tetrahedral  one  (Ge(Se1/2)4)  and  a  non-tetrahedral 
one  (Ge(Se1/2)3Ge1/4).  Raman  scattering  provides 
unambiguous  evidence  [21]  for  these  building  blocks 
(modes  at  203  and  180  cm-1,  respectively).  Since 
the  masses  of  Ge  and  Se  are  nearly  the  same,  it  is 
difficult  to  understand  their  formation  in  the  same 
polymeric  network  since  the  /-factors  of  the  two 
sites  are  measurably  different.  On  the  other  hand,  if 
site  A  is  formed  in  a  large  Se-rich  cluster  in  which 
all  cations  are  tetrahedral,  and  site  B  is  formed  in  a 
much  smaller  Ge-rich  cluster  consisting  of  ethane-like 
units,  then  one  can  reconcile  their  different  /-factors. 
The  reduced  /-factor  of  site  B  in  relation  to  that  of 
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Fig.  7.  Temperature  dependence  of  the  integrated  intensity  of  site 
A  (singlet)  and  site  B  (doublet)  revealing  the  widely  different 
vibrational  (Debye)  temperatures,  0D.  This  figure  is  taken  from 
Ref.  [3  2], 


Fig.  8.  Site  A  temperature  dependence  of  the  Mossbaucr-Debye- 
Waller  factor,  f(T),  in  (Ge„  9ySn()  01  )vSe,  _ v  glasses  at  indicated 
cation  concentration,  x.  In  c-GcSc:,  note  that  f(T)  is  well  fitted 
by  one  Debye  temperature,  while  in  glasses  a  softening  of  f(T )  is 
observed  at  low  T  on  account  of  the  floppy  modes.  This  figure  is 
taken  from  Ref.  [12]. 


site  A  in  such  a  model  of  the  stoichiometric  glass 
derives  from  intergrain  effects  and  not  intragrain 
ones,  as  alluded  to  in  Section  2.  A  more  subtle 
observation  is  the  systematic  misfit  of  the  /-factor  at 
T  <  100  K  to  a  unique  Debye  temperature.  At  these 
lower  temperatures,  the  presence  of  some  floppy 
modes  in  the  VDOS  (see  Section  4.1.)  at  5  meV 
leads  to  an  enhanced  mean  square  displacement  that 
results  in  a  softening  of  the  /-factors. 

These  softening  effects  are  understandably  far 
more  dramatic  [12]  as  the  Ge  concentration  in  the 
glasses  is  systematically  reduced.  At  a  lower  average 
coordination  number,  inelastic  neutron  scattering  re¬ 
sults  reveal  the  floppy  mode  strength  to  increase 
progressively.  A  perusal  of  the  /-factor  results  in 
Fig.  8  clearly  demonstrates  that  the  /-factor  softening 
is  rather  dramatic  in  a  Se-rich  glass  (x  =  0.02)  corre¬ 
sponding  to  an  average  coordination  number  of  two. 

To  quantitatively  compare  these  Lamb-Mdssbauer 
/-factors  to  the  neutron  scattering  results,  we  have 
obtained  the  normalized  first  and  second  inverse 
moments  of  the  VDOS  and  these  results  appear  in 
Fig.  3.  These  experimental  results  are  compared  with 
DOVS  calculations  based  on  a  simple  bond-depleted 
diamond  lattice  using  a  method  developed  by  He  and 
Thorpe  [10].  These  calculations  utilize  a  Keating 
potential  with  a  and  /3  forces.  In  essence,  the 
calculations  contain  the  single  most  important  pa¬ 
rameter  of  the  network,  the  SRO,  or  the  average 
coordination  number  which  apparently  controls  many 
of  the  physical  effects  observed  [12]. 

The  most  striking  experimental  result  to  emerge 
from  the  /-factor  measurements  is  the  break  in  slope 
near  x  =  0.20  in  the  first  inverse  moment.  This 
composition  corresponds  to  an  average  coordination 
number,  (r)  =  2.4,  and  thus  serves  to  provide  sup¬ 
port  for  the  prediction  (Eq.  (11))  of  constraint  theory. 
It  is  also  clear  that,  based  on  these  /-factor  results 
alone,  given  the  large  compositional  steps  studied 
around  x  =  0.20  and  given  the  accuracy  to  which 
values  of  fQ  have  been  extracted  (data  handling), 
one  can  do  better  and  localize  the  stiffness  threshold 
more  accurately.  There  is  an  interest  in  refining  these 
measurements  further,  because  Raman  scattering  and 
independent  Te  Mossbauer  site  intensity  ratio  mea¬ 
surements  on  the  same  Ge^Se^.  binary  provide 
evidence  that  the  stiffness  threshold  in  these  glasses 
may  be  closer  to  x  =  0.23  than  to  x  =  0.20.  This  has 
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some  important  consequences  which  we  discuss  Sec¬ 
tion  5. 

The  second-inverse  moment  of  the  VDOS  in 
Ge^Se^^  glasses  reveals  no  apparent  discontinuity 
near  x  =  0.20  in  both  the  /-factor  and  the  inelastic 
neutron  scattering  results.  There  may  be  an  important 
message  behind  this  result.  It  suggests  that  the  sec¬ 
ond-inverse  moment,  which  weighs  lower-frequency 
vibrational  excitations  more  than  the  first-inverse 
moment  can,  becomes  less  sensitive  to  the  presence 
of  these  floppy  modes  because  these  modes  are 
blue-shifted  due  to  residual  interactions.  One  can 
then  expect  bulk  elastic  constants  which  probe  the 
low-frequency  slope  of  a)(q)  for  acoustic  phonons  in 
these  glasses  to  become  even  less  sensitive  to  the 
stiffness  threshold,  a  point  that  has  generally  not 
been  recognized. 

4.4.  129 I  Mossbauer  hyper  fine  structure  in  chalco- 
genide  glasses 

The  use  of  129 1  Mossbauer  emission  spectroscopy 
as  a  probe  of  both  SRO  and  the  MRO  in  chalco- 
genide  glasses  was  developed  [23]  several  years  ago. 
We  also  discussed  these  results  in  relation  to  the 
structural  manifestations  of  the  onset  of  rigidity  in 
the  Ge^.Sew  binary  [24].  In  the  129I  experiments, 
broadly  speaking,  we  used  traces  of  “  Tem  dopant 
to  probe  the  chalcogen  chemical  order.  We  inferred 
the  SRO  by  decoding  the  multimodal  distribution  of 
sites  through  the  nuclear  hyperfine  structure.  In  the 
Ge^Se^  binary  at  x  <  1/3,  we  expected,  in  gen¬ 
eral,  three  types  of  Te  site  to  be  populated:  site  A; 
twofold-coordinated  to  Ge  nearest  neighbors  (nn) 


Fig.  9.  (a)  129 1  Mossbauer  emission  spectrum  of  g-Gev(Sen99 
Te0oi)i  -X  alloy  at  jc  =  0.20  showing  the  presence  of  the  two 
chemically  inequivalent  129I  sites,  A  and  B,  with  the  ratio  1^/^a 
=  4.0  ±0.3.  A  random  cross-linked  network  model  would  require 
the  ratio  1B  //A  to  be  an  order  of  magnitude  smaller.  This  figure 
is  taken  from  Ref.  [14].  (b)  Mossbauer  site  intensity  ratio, 
7b//a(jc)  studied  as  a  function  of  x  in  g-Ge/SeoggTeooj)^ 
alloys.  The  IB  //A  systematics  reveal  a  peak  centered  at  the 
critical  composition,  x  —  xc  =  0.23(2).  At  x  —  0  (i.e.,  g-Se)  only 
B  sites  are  observed  corresponding  to  /b/^a-*22-  The  dashed 
curve  represents  a  theoretical  plot  of  the  site  population  ratio 
Nb/Na(x)  based  on  a  random  cross-linked  chain  model.  This 
figure  is  taken  from  Ref.  [14].  (c)  Molar  volumes  of  g-Ge^Se^ 
alloys  as  a  function  of  x,  taken  from  Ref.  [25]. 
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resulting  from  a  chalcogen  site  acting  as  a  bridge 
between  a  pair  of  GeCSe^Xt  tetrahedra;  site  B; 
twofold-coordinated  to  Se  nns  as  in  a  Se  chain  or 
ring;  and  finally;  site  B';  twofold-coordinated  to  a  Se 
and  a  Ge  nn  as  would  be  formed  at  the  Ge  cross-links 
of  Se„  chains  or  edges  of  GeSe2-like  planar  frag¬ 
ments.  The  daughter  1-JI  sites  resulting  from  this 
trimodal  distribution  of  parent  129Tem  sites,  display  a 
bimodal  distribution  of  sites  because  of  an  increase 
in  valence  from  Te  to  I.  The  daughter  I  resulting 
from  site  A  is  always  found  to  be  singly  coordinated, 
forming  an  I-Ge  cr-bond.  The  daughter  I  resulting 
from  both  site  B  and  site  B'  is  also  singly  coordi¬ 
nated  and  forms  an  I-Se  a-bond  for  reasons  dis¬ 
cussed  elsewhere.  Since  the  129 1  nuclear  quadrupole 
couplings  of  an  I-Ge  a-bond  (“890  Mhz)  differ 
qualitatively  from  the  coupling  of  an  I-Se  a-bond 
(  —  1385  MHz),  one  can  clearly  resolve  the  concen¬ 
tration  of  these  two  129 1  sites  from  standard  lineshape 
analysis  of  the  Mossbauer  lineshape  (Fig.  9(a)).  The 
129 1  site  intensity  ratios,  /B//A,  have  proved  to  be 
particularly  insightful  in  decoding  the  elements  of 
MRO  in  these  glasses  as  discussed  elsewhere. 

Fig.  9(b)  provides  a  summary  of  the  results.  If 
binary  GevSej_v  glasses  could  be  broadly  described 
as  a  random  network  of  Ge  cross-linked  chains  of 
Se,  one  would  expect  the  /B//A  ratio  to  decrease 
monotonically  (dashed  curve  in  Fig.  9(b))  with  x 
and  to  extrapolate  to  zero  at  x  =  1/3  when  a  chemi¬ 
cally  ordered  network  of  corner-  or  edge-sharing 
Ge(Se]/2)4  tetrahedra  emerges  at  the  stoichiometric 
GeSe2  glass.  The  observed  /B//A  ratio  (continuous 
line)  certainly  does  display  some  of  this  broad  trend, 
but  it  also  reveals  a  striking  departure  from  this 
trend.  One  observes  a  local  maximum  in  the  site-in¬ 
tensity  ratio  centered  around  x  =  0.23,  with  the  ratio 
extrapolating  to  a  finite  value  of  1.8  instead  of  zero 
at  x  =  1  /3. 

We  have  ascribed  [14]  the  presence  of  this  local 
maximum  to  a  pair  of  competing  processes.  The 
increase  in  /B//A(x)  in  the  range  0.10  <x<  0.23 
represents  nucleation  of  edge-sharing  (ES)  Ge- 
(Sei/2)4  tetrahedra  in  the  network,  while  the  reduc¬ 
tion  in  the  /B//A  ratio  at  higher  x  (0.23  <  x  <  0.33), 
represents  lateral  growth  of  these  ES  tetrahedra  to 
form  fragments  of  the  two-dimensional  (2d)  form  of 
GeSe2.  The  finite  concentration  of  site  B  at  x  =  1  /3, 
is  due  to  an  intrinsic  phase  separation  of  the  network 


into  Ge-rich  and  Se-rich  clusters,  with  the  site  B 
signal  representing  Te  dopant  segragating  to  the 
edges  of  the  Se-rich  cluster. 

The  morphological  structure  of  Ge^Se^  glasses 
advanced  above  finds  support  in  molar  volumes  [25] 
(Fig.  9(c))  and  Raman  scattering  results.  The  latter 
reveal  growth  of  the  A  j  companion  mode  (Act  at  220 
cm-1)  strength  at  x>0.10  which  has  now  been 
positively  identified  as  a  mode  of  edge-sharing 
Ge(Se]/2)4  units  by  Murase  et  al.  [26].  The  growth 
of  such  clusters  eventually  leads  to  phase  separation 
into  Ge-rich  and  Se-rich  clusters.  The  Raman  signa¬ 
ture  of  the  former  is  the  mode  at  180  cm-1  (Ge-Ge) 
and  of  the  latter  is  the  mode  at  247  cm-1  (Se-Se), 
with  the  scattering  strength  of  both  modes  nearly 
comparable  in  the  stoichiometric  glass. 

In  summary,  the  local  maximum  in  IB/IA  at 
x  =  0.23  correlates  with  molar  volumes  and  Raman 
Aj  mode  frequency  shifts  of  Ge(Se1/2)4  units,  ll9Sn 
Lamb-Mossbauer  /-factors  and  suggests  that  the 
stiffness  threshold  in  this  binary  occurs  close  to 
x  =  0.23. 


5.  Discussion 

Historically,  once  the  foundations  of  constraint 
theory  of  glasses  were  laid,  it  appeared  logical  to 
measure  bulk  elastic  constants  in  the  chalcogenides. 
Since  elastic  constants  provide  a  measure  of  network 
rigidity,  one  expected  these  constants  to  increase 
with  (r)  and  to  display  a  threshold  behavior  close  to 
(r)  =  2.4.  Careful  experiments  by  Yun  et  al.  [27]  on 
GevSe,„v  glasses  have  shown  otherwise.  One  can 
begin  to  understand  the  reasons  for  this  negative 
result.  Residual  van  der  Waals  interaction  between 
Se-chains  blue  shift  floppy  mode  frequencies  from 
zero  to  about  5  meV,  as  revealed  by  the  inelastic 
neutron  scattering  measurements  [11].  For  this  rea¬ 
son,  the  low  frequency  slope  of  co(q)  for  acoustic 
phonons  becomes  only  weakly  sensitive  [27,28]  to 
changes  in  floppy  mode  strength  as  glass  composi¬ 
tion  is  altered.  This  suggestion  is  quite  consistent 
with  Lamb-Mossbauer  factor  results  on  these  glasses 
which  show  that  although  the  first-inverse  moment 
(1  / (o)  can  track  the  stiffness  threshold  at  (r)  -  2.4, 
the  second-inverse  moment  <l/ar>  merely  shows  a 
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rounding  of  the  transition.  The  (l/a>)-moment 
weights  more  heavily  the  higher  frequency  vibra¬ 
tional  excitations  than  is  the  (l/co2)  moment  capa¬ 
ble.  Clearly  the  (1/co2)  moment  provides  a  less 
sensitive  probe  of  floppy  modes  than  the  (1  / co) 
moment.  Bulk  elastic  constants  track  stiffness  of  a 
network  using  long  wavelength  acoustic  modes. 
These  can  be  expected  to  be  even  less  sensitive  than 
the  (l/co2)  moment.  For  these  reasons,  the  absence 
of  a  threshold  in  the  longitudinal  and  the  shear 
elastic  constants,  at  (r)  =  2.4  in  these  glasses  is  not 
due  to  the  absence  of  a  rigidity  percolation  threshold 
but  merely  due  to  lack  of  sensitivity  of  this  experi¬ 
mental  method  to  probe  vibrational  excitations  at 
such  high  energies  (5  meV). 

Bulk  elastic  constants  in  Ge^Se,^  glasses  dis¬ 
play  a  threshold  behavior  close  to  (r)  =  2.67  corre¬ 
sponding  to  the  chemical  composition  GeSe2.  Tanaka 
[29]  in  an  extensive  review  has  suggested  that  this 
result  may  represent  a  mechanical  threshold  of  a 
covalent  network  composed  of  globaly  3D  but  lo¬ 
cally  planar  (2D)  fragments.  This  assumption  would 
require  tetrahedral  building  blocks  of  such  layered 
fragments  to  be  locally  planar  instead  of  3D  and  to 
thus  have  three  p  constraints  instead  of  five,  a 
premise  that  is  difficult  to  rationalize  for  such  a 
building  block.  Finally,  one  would  also  have  to 
justify  calculating  the  left-hand  side  of  Eq.  (2)  in  2D 
and  equating  it  to  the  right  hand-side  of  the  equation 
calculated  in  3D  to  obtain  the  result  (r)  =2.67.  It 
appears  to  us  that  the  most  likely  interpretation  of 
the  threshold  at  2.67  is  that  it  represents  a  chemical 
effect. 

There  is  a  basic  interest  to  establish  if  the  stiffness 
threshold  in  these  4-2-coordinated  glassy  networks 
occurs  exactly  at  (r)  =  2.4  or  at  an  ( r )  somewhat 
greater  than  2.40.  Theoretically,  an  increased  (r) 
could  arise  if  the  p  constraint  around  some  of  the 
twofold-coordinated  anions  is  broken.  Zhang  and 
Boolchand  have  recently  shown  [30]  that  the  stiff¬ 
ness  threshold  in  a  general  covalent  network  contain¬ 
ing  a  fraction  m2/N  of  twofold-coordinated  sites 
around  which  the  ft  constraint  is  broken  is  given  by 

(r)  =  2.4  -  0.4( nx  -  m2)/N.  (13) 

In  a  4-2-coordinated  glassy  network,  since  there  are 
no  singly  coordinated  atoms,  we  have  nl/N=0.  If 
15%  of  the  anion  sites  in  the  network  have  their 


angular  constraint  broken  then,  according  to  Eq.  (13) 
the  stiffness  threshold  is  predicted  to  occur  at 

(r)  =  2.46,  (14) 

a  circumstance  that  could  conceivably  occur  in  the 
Ge-Se  and  Ge-S  binaries.  Of  course,  the  celebrated 
example  of  a  4-2  glassy  network  for  which  all  anion 
sites  have  their  ft  constraints  broken  is  the  Zachari- 
asen  glass,  Si02.  We  note  in  passing  that,  for  this 
case,  ni/N  =  0  and  m2/N  =  2/3,  and  Eq.  (14) 
predicts  rigidity  to  percolate  at  (  r  )  =  2.67.  This  (  r  ) 
corresponds  exactly  to  the  chemical  composition  Si02 
and  thus  serves  to  demonstrate  the  propensity  of  this 
material  to  form  a  glass  since  the  Phillips  glass 
condition  (Eq.  (10))  is  exactly  satisfied  in  this  case 
only  when  broken  ft  constraints  are  taken  into  ac¬ 
count. 

We  would  be  amiss  not  to  mention  the  work  of 
Tatsumisago  et  al.  [31],  which  bears  on  thermal 
measurements  of  chalcogenide  glassy  liquids.  Acti¬ 
vation  energies  for  enthalpy  relaxation  close  to  Tg, 
activation  energies  for  viscosity,  and  the  specific 
heat  jumps,  A Cp,  at  Tg  examined  in  ternary  Ge-As- 
Se  glassy  liquids,  all  reveal  evidence  of  a  threshold 
behavior  close  to  (r)  =  2.40.  Clearly  these  ideas  on 
rigidity  percolation  in  covalent  networks  apply  not 
only  to  glassy  solids  but  also  extend  to  glassy  liq¬ 
uids.  This  is  expected  given  that  the  glassy  solid 
evolves  upon  supercooling  the  liquid. 


6.  Conclusions 

Raman  A1  mode  frequencies  of  Ge(Se1/2)4  units, 
119Sn  Lamb-Mossbauer  /-factors  of  Sn(Se1/2)4  sites, 
129 1  Mossbauer  site  intensity  ratios  IB/IA(x)  and 
molar  volumes,  all  studied  as  a  function  of  x  in  the 
binary  Ge^Se^^  glass  system  provide  persuasive 
evidence  for  the  stiffness  threshold  to  occur  near  the 
Ge  concentration  x  =  0.23.  This  threshold  can  be 
understood  in  terms  of  Phillips-Thorpe  constraint 
theory  of  glasses  if  15%  of  the  anion  sites  have  their 
angular  constraint  broken. 
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Abstract 

The  field  of  residual  Kohlrausch  relaxation,  either  electronic  or  structural,  is  widely  regarded  as  mysterious  because  there 
is  no  generally  accepted  theoretical  model  which  predicts  the  way  in  which  the  details  of  such  relaxation  vary  from  one 
system  to  the  next.  It  is  shown  that  an  electronic  trap  model,  now  about  20  years  old,  gives  an  accurate  description  of 
relaxation  kinetics  in  systems  which  are  homogeneously  disordered.  The  electronic  materials  discussed  include  a-Si:H, 
a-C60,  TaS3,  spin  glasses  and  vortex  glasses  in  high-temperature  superconductors.  The  molecular  materials  discussed  include 
polymers,  network  glasses,  alcohols,  Van  der  Waals  supercooled  liquids  and  glasses  and  fused  salts.  In  the  intrinsic  cases, 
the  theory  of  (3(T  )  is  often  accurate  to  2%,  which  is  often  better  than  the  quoted  experimental  accuracies  -  5%.  The 
extrinsic  cases  can  be  identified  by  explicit  structural  signatures.  The  discussion  also  includes  recent  molecular  dynamical 
simulations  which  have  achieved  the  intermediate  relaxed  Kohlrausch  state  and  which  have  obtained  values  of  the 
Kohlrausch  stretching  parameter,  /3,  in  excellent  agreement  with  the  prediction  of  the  microscopic  theory. 


1.  Introduction 

As  recently  as  ten  years  ago  almost  all  of  our 
knowledge  of  the  glass  transition  came  from  a  wealth 
of  experiments  [1].  Molecular  dynamics  simulations 
(MDS)  suffered  from  serious  limits  on  computational 
timeframe  and  sample  size,  and  it  was  far  from  clear 
which  of  these  was  more  serious.  The  available 
timeframe  is  seldom  longer  than  10” 10  or  10  9  s, 
and  sample  sizes  were  smaller  than  ~  10 2  atoms. 
Today  the  situation  has  changed  radically.  It  has 
turned  out  that  many  of  the  older  simulations,  on 
hard-  or  soft-sphere,  or  excessively  ionic  models, 
failed  because  these  4  materials’  are  simply  not  good 
glass-formers.  As  interatomic  force  fields  have  be- 
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come  more  realistic,  dramatic  improvements  have 
occurred  in  the  simulated  glass-forming  tendency. 
Today  the  available  timeframe  has  not  expanded 
greatly,  but  sample  size  has  expanded  enormously, 
from  ~  200  atoms  (1982)  to  -  5000  atoms  (1990) 
to  ~  40  000  atoms  (1994).  It  has  turned  out  that 
finite-size  effects,  and  not  the  limited  timeframe, 
were  the  second  most  serious  problem,  after  that  of 
poorly  chosen  force  fields. 

The  agreement  between  simulated  and  experimen¬ 
tally  measured  structure  factors  is  now  very  good,  as 
described,  for  instance,  for  g-Si02  at  this  conference 
by  Vashishta  [2].  This  means  that  the  relaxation  of 
such  structure-factor  peaks  can  be  examined  in  de¬ 
tail,  at  least  above  the  kinetic  structural  arrest  transi¬ 
tion  temperature,  Jt\  of  the  MDS.  Of  course,  be¬ 
cause  of  MDS  timeframe  limitations,  T*  is  higher 
than  the  experimental  Tg,  but  not  much  higher,  and 
such  differences  themselves  are  instructive. 
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A  remarkable  aspect  of  structural  relaxation  in 
amorphous  and  glassy  systems,  both  electronic  and 
atomic,  is  that  the  more  homogeneous  the  system 
(i.e.,  the  lesser  the  extent  of  the  onset  of  spinodal 
phase  separation  or  microcrystallization),  the  more 
accurately  its  relaxation  can  be  described  by  the 
stretched  exponential  function 

K(t)=K0exp  [(-t/r)13],  (1) 

which  was  observed  and  identified  first  by  Kohl- 
rausch  in  1847,  in  the  context  of  residual  discharge 
of  a  Leyden  jar.  We  have  recently  examined  [3]  the 
very  large  database  of  Kohlrausch  exponents  fijj) 
in  disordered  systems,  a.  As  described  in  Section  2, 
our  analysis  concluded,  contrary  to  the  general  opin¬ 
ion,  that  ft  has  a  well  defined  microscopic  signifi¬ 
cance.  Broadly  speaking,  fia(T)  is  constant  below  an 
arrest  temperature,  Ta * ,  that  is  related  to  the  kinetic 
arrest  temperature,  T*,  in  the  sense  that  both  de¬ 
scribe  a  type  of  glass  transition  within  the  temporal 
frame  used  in  the  MDS.  The  constant  value,  fi{T* ), 
agrees  with  theoretical  predictions  in  the  cases  of 
several  recent  MDS  for  metallic  glasses  and  poly¬ 
mers,  as  discussed  in  Section  4. 

One  of  the  features  which  characterizes  the  mi¬ 
crostructures  of  network  glasses  is  medium-range 
order  (MRO)  [1].  The  structural  signature  of  MRO  is 
the  first  sharp  diffraction  peak  (FSDP).  This  peak 
has  no  analogue  in  crystalline  powder  patterns  for 
glasses  such  as  Si02,  although  it  corresponds  to  the 
oaxis  interlayer  spacing  in  chalcogenide  alloy  glasses 
like  As2Se3  and  GeSe2.  Will  the  Kohlrausch  con¬ 
stant,  /3(T{\  Qf ),  be  the  same  as  that  for  normal 
diffraction  peaks,  ,  gN)?  Will  the  structural 

arrest  temperature  for  Kohlrausch  relaxation, 
Tt*(QF),  be  the  same  as  that  for  Tt*(0N)?  We 
discuss  these  questions  and  their  microscopic  impli¬ 
cations  in  Section  3,  where  we  also  provide  some 
much-needed  interpretation  of  the  MRO  physical 
mechanisms  which  give  rise  to  the  FSDP. 


2.  Kohlrausch  relaxation 

Relaxation  in  homogeneous  disordered  atomic, 
molecular  or  electronic  systems  takes  place  in  gen¬ 
eral  in  three  stages:  an  initial  transient  stage,  often 


describable  by  a  power-law  or  simple  exponential 
time  dependence;  an  intermediate  or  residual  stage, 
which  is  the  subject  of  this  section;  and  a  very  long 
time  coarsening  or  domain-formation  stage  where 
inhomogeneities  (associated,  for  example,  with  phase 
separation  or  crystallization)  form  and  grow  in  size. 
Relaxation  in  the  intermediate  time  range,  after  dissi¬ 
pation  of  transients  and  before  the  onset  of  nucle- 
ation,  is  generally  best  described  by  the  stretched 
exponential  time  dependence,  K(t\  in  Eq.  (1).  Hun¬ 
dreds  of  values  for  ft  are  known,  but  it  is  generally 
believed  [4,5]  that  no  microscopic  model  exists  which 
can  explain  those  values  of  /3  which  are  intrinsic 
and  which  can  be  used  to  separate  intrinsic  from 
extrinsic  effects.  In  practice  often  the  Kohlrausch  fit 
is  not  unique  and  in  general  one  cannot  be  confident 
that  the  materials  studied  are  sufficiently  homoge¬ 
neous  to  justify  such  fitting. 

I  have  recently  analyzed  [3]  a  large  body  of  data 
which  span  about  103  papers  on  both  electronic 
materials,  such  as  a-Si:H,  a-C60,  TaS3,  spin  glasses 
and  vortex  glasses  in  high-temperature  superconduc¬ 
tors,  as  well  as  molecular  materials  which  include 
polymers,  network  glasses,  alcohols,  Van  der  Waals 
supercooled  liquids  and  glasses,  and  fused  salts.  In 
the  intrinsic  cases,  the  theory  of  p(T  )  is  often 
accurate  to  2%,  which  is  often  better  than  the  quoted 
experimental  accuracies  ~  5%.  The  extrinsic  cases 
are  identified  by  explicit  structural  signatures  which 
are  discussed  at  length.  A  full  discussion  of  the 
non-local  diffusion-to-traps  model  [6],  which  gives 

P  =  d/(d  +  2),  (2) 

where  d  is  the  effective  dimensionality  of  the  con¬ 
figuration  space  in  which  the  particles  relax,  lies 
outside  the  scope  of  the  present  paper.  However,  we 
can  easily  see  why  this  model  leads  to  modifications 
of  conventional  Debye  (  ft  =  1)  simple  exponential 
local  relaxation.  Near  t  =  0,  particles  close  to  the 
traps  diffuse  to  and  are  captured  by  the  traps.  At  later 
times,  the  density  of  particles  near  the  traps  is  de¬ 
pleted  by  previous  captures.  This  depletion  is  itself  a 
smooth,  self-similar  process,  dependent  on  ( t/r )(3, 
where  the  exponent,  /3,  can  be  calculated  in  several 
ways.  The  function,  K(t ),  has  no  expansion  in  pow¬ 
ers  of  t  unless  /3  is  integral,  and  the  slowing-down 
depletion  process  leads  to  0  <  f3  <  1,  corresponding 
to  0  <  d  <  oc.  The  stretched  exponential  reverts,  of 
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course,  to  simple  exponential  relaxation  when  (3  —  1, 
and  this  is  the  result  within  an  effective-medium 
approximation.  The  problem  also  cannot  be  solved 
by  perturbation  theory  based  on  powers,  n,  of  the 
trap  density,  which  corresponds  to  an  expansion  in 
terms  of  n- trap  clusters,  as  this  predicts  power-law 
decay  [3].  In  other  words,  stretched  exponential  de¬ 
cay  is  inherently  non-local,  and  it  involves  relaxation 
of  the  system  as  a  whole.  Of  course,  the  solution 
depends  essentially  on  a  fully  random  trap  distribu¬ 
tion.  If  the  randomness  condition  is  violated,  then  the 
relaxation  may  appear  to  be  describable  by  K(t) 
over  a  short  timeframe,  but  at  longer  times  the  fit 
will  deteriorate. 

In  the  absence  of  a  microscopic  theory  of  jSa,  and 
an  understanding  of  the  a-dependent  chemical  trends, 
the  overwhelmingly  accepted  view  has  been  that  (3 
is  only  a  fitting  parameter  [4,5].  Our  analysis  [3] 
showed  that  the  physical  meaning  of  d  is  the  obvi¬ 
ous  one  in  simple  cases  where  internal  fields  do  not 
constrain  particle  motion,  but  it  is  modified  in  a 
subtle  and  profound  way  when  those  fields  are  pre¬ 
sent.  The  constraining  effect  of  such  fields  can  be 
calculated  by  axiomatic  set-theoretic  methods  similar 
to  those  used  to  define  the  composition  dependence 
of  the  glass-forming  tendency  in  network  glasses  [1]. 
These  methods  are  not  yet  part  of  most  physicists’ 
knowledge  and  this,  together  with  many  experimen¬ 
tal  ambiguities,  may  explain  why  this  problem  has 
remained  unsolved  for  so  long. 

A  full  exposition  of  these  mathematical  tech¬ 
niques,  together  with  a  careful  analysis  of  the  experi¬ 
mental  data,  has  been  given  in  a  paper  [3]  that  is 
about  five  times  longer  than  the  present  one.  Here 
we  mention  a  small  number  of  the  results.  For  an 
electronic  excitation,  the  traps  can  represent  centers 
where  charges  recombine.  For  molecular  relaxation, 
the  traps  represent  regions  where  the  local  free  en¬ 
ergy  has  secondary  minima  whose  number,  size  and 
position  have  been  established  during  transient  relax¬ 
ation  and  do  not  change  appreciably  during  the 
residual  relaxation  period.  These  conditions  are  eas¬ 
ily  met  in  molecular  dynamics  simulations  with  cur¬ 
rent  supercomputers,  but  they  are  generally  not  satis¬ 
fied  in  many  so-called  random  glasses  or  polymers. 
Many  polymers,  such  as  polyvinyl  chloride  or  vinyl 
polybutadiene,  are  probably  partially  crystallized.  An 
ideal  non-crystallizing  organic  liquid  is  propylene 


glycol,  which  is  a  mixture  of  two  isomers,  cannot 
crystallize,  and  is  familiar  to  all  as  the  essential 
component  of  antifreeze.  Moreover,  propylene  glycol 
is  available  in  both  monomer  and  polymer  forms 
{M  =  4000),  with  respective  values  f3  =  0.61(4)  and 
P  =  0.42(4),  both  values  being  in  accord  with  theory, 
as  are  values  obtained  for  many  other  Van  der  Waals 
liquids  and  polymers  which  do  not  crystallize.  With 
inorganic  glasses,  some  crystallization  or  phase  sepa¬ 
ration  occurs  in  many  nominally  ideal  glasses,  such 
as  Si02,  Ge02  and  As2S3,  as  shown  directly  by  f3 
values  and  also  by  correlations  between  these  values 
and  the  pressure  dependence  of  certain  narrow  Ra¬ 
man  bands.  However,  Na20  •  2Si02  and  Ge-As-Se 
glass  at  the  ideal  glass-forming  compositions  behave 
nearly  ideally  so  far  as  theory  is  concerned,  because 
their  ternary  compositions  are  effective  in  suppress¬ 
ing  crystallization  and  phase  separation. 

In  physical  systems  without  internal  fields,  d  is 
simply  the  spatial  dimensionality;  usually  d  =  3  and 
p  =  pSR  —  3 /5,  for  short-range  forces.  For  Coulomb 
forces  the  situation  is  different.  Then  charge  fluctua¬ 
tions  (standing  waves)  do  not  contribute  to  relax¬ 
ation,  only  diffusive  current  flow.  The  energy  of 
such  charge  fluctuations  is  given  by  ha)p,  the  plas- 
mon  energy,  with  cup  =  4irNe2/m,  where  N  is  the 
density  of  a  free  charge  confined  to  a  glassy  grain  of 
volume  1 20  =  L[d)  =  L3.  The  density  of  grains  free  of 
plasmon  excitations  is  proportional  to  /=(  1- 
exp(  —  h  o)p/kT )),  and  in  the  long-time  limit  ho)p^ 
kT  this  scales  like  Ld  with  d  =  -3/2.  As  L  varies 
the  effective  volume  available  for  diffusive  flow, 
/2e,  is  related  to  O0  by  fle  =//20  ctLd,  where  d  = 
J  =  3  -  3/2  =  3/2.  Thus  Kohlrausch  charge 
relaxation  is  determined  by  f3  =  f3K  =  3/7.  This 
value  is  observed  in  electronic  relaxation  at  low 
temperatures  in  stable  materials  such  as  fullerene. 

A  surprising  and  very  satisfying  bonus  of  the 
theory  is  that  it  enables  us  to  identify  Coulomb 
relaxation  as  the  dominant  relaxation  mode  of  long- 
chain  polymers,  in  the  absence  of  appreciable  cross- 
linking.  In  a-Se  this  mode  becomes  dominant  even  in 
the  supercooled  liquid,  i.e.,  below  Tm  and  well  above 
Tg,  and  it  is  also  dominant  in  cis-trans  polybutadi¬ 
ene,  where  Kohlrausch  relaxation  has  been  estab¬ 
lished  over  six  decades  in  reduced  time,  as  shown  in 
Fig.  1  [7].  The  reason  Coulomb  relaxation  dominates 
is  that  the  relaxation  of  such  long  chains  is  con- 
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Fig.  1.  Scaling  representation  of  the  neutron  spin-echo  data  for 
relaxation  of  cis-trans  polybutadiene  at  the  maximum  Q  ~  Qt  of 
the  structure  factor,  S(Q),  where  t  is  rescaled  by  r  so  that  the 
filled  triangle  data  for  T  =  200  K  lie  to  the  left,  while  the  diamond 
data  for  280  K  lie  to  the  right.  The  smooth  line  is  the  Kohlrausch 
fit  with  ft  =  0.45(2),  all  reproduced  from  Ref.  [7]  for  the  reader’s 
convenience.  Note  that  the  fit  spans  more  than  six  decades  in  the 
abcissa. 


trolled  by  long-range  interactions  provided  by  in¬ 
frared-active  longitudinal  optic  phonons.  Many  other 
examples  of  this  effect  are  analyzed  elsewhere  [3].  In 
particular,  in  a-Ge-As-Se  alloys  /3  crosses  over 
from  fiK  to  i SSR  as  the  average  coordination  num¬ 
ber,  <m>,  varies  from  <m>  =  2  (a-Se)  to  (m)  =  2.4 
(ideal  glass  formers)  [8].  The  values  of  /3  in  mono- 
and  poly-propylene  glycol,  quoted  above,  similarly 
match  /3sr  and  pK,  respectively. 

There  are  many  different  experimental  methods 
for  measuring  f3,  and  many  different  materials  have 
been  studied.  The  greatest  complications  have  arisen 
in  the  measurements  on  fused  salts  (liquid  elec¬ 
trolytes).  These  have  all  been  resolved  by  the  present 
theory.  The  prototypical  material  is  the  molten  salt 
mixture  xCa(N03)2  (1  x)  KN03  (CKN),  where  j3 
has  been  measured  in  neutron  spin  echo  ( /3{  = 
0.58(2))  and  ultrasonic  (  /32  =  0.44)  studies.  The  neu¬ 
tron  measurements  probe  density  fluctuations,  which 
are  dominated  by  short-range  forces,  so  that  /3l  ~ 

/ 3sr .  Ultrasonic  waves  couple  to  internal  electric 
fields  and  hence  are  controlled  by  long-range  forces, 
so  that  /32  ~  /3k.  Finally,  the  puzzle  of  the  fact  that 
/3  increases  significantly  at  low  probe  frequencies  in 
dielectric  relaxation  experiments,  up  to  /3  ~  0.75  at 


low  frequencies,  can  be  understood  as  the  result  of 
the  crossover  from  microscopic  to  macroscopic  re¬ 
laxation.  When  the  relaxation  wavelength,  as  in¬ 
ferred  from  the  velocity  of  sound,  is  larger  than  the 
sample  dimensions,  dominant  relaxation  occurs  in 
the  Gouy  double  layers  at  the  electrode-electrolyte 
interfaces.  It  is  possible  that  the  combined  relaxation 
in  such  double  layers  effectively  has  dimensionality 
{ d }  =  6,  giving  (3  ~  3/4,  as  is  observed  to  be  the 
low-frequency  limit  for  dielectric  relaxation  in  CKN. 

3.  Clusters,  morphology  and  the  FSDP  in  network 
glasses 

As  mentioned  in  the  Introduction,  the  FSDP  (first 
sharp  diffraction  peak  in  S(Q)  at  Q  —  Q?)  is  a 
characteristic  feature  of  the  diffraction  spectra  of 
most  network  glasses  [1,9].  One  can  search  for  ex¬ 
planations  for  the  occurrence  of  this  feature  in  two 
ways.  First,  the  minimalist  way:  one  postulates  that 
the  structure  is  a  Zachariasen  continuous  random 
network,  with  alternating  cations  and  anions,  nearly 
fixed  bond  lengths,  and  as  many  nearly  fixed  bond 
angles  as  allowed  by  constraint  theory.  The  average 
bond  lengths  and  bond  angles  are  adjusted  to  fit 
experiment,  and  MDS  then  produces  an  S(Q )  which 
may  fit  experiment  very  well  if  the  interatomic  force 
field  is  chosen  judiciously  and  the  sample  size  is 
large  enough  to  minimize  finite  size  effects.  From 
the  simulation  one  can  calculate  partial  structure 
factors,  Safi(Q ),  and  partial  radial  distribution  func¬ 
tions,  Pap(r). 

When  this  procedure  is  carried  through,  it  is 
found  that  deletion  of  the  peaks  of  Sa(i(QF)  has  very 
small  effects  on  Pafi(r\  and  that  these  small  effects 
occur^mainly  at  medium  range  distances  r  ~  Rmr  =  6 
±  2  A,  where  the  direct  interatomic  forces  are  quite 
weak.  This  means  that  most  of  the  interaction  ener¬ 
gies  which  created  MRO  and  the  FSDP  are  large 
ring  energies  which  involve  correlation  functions  of 
m  »  2  particles.  The  MDS  /7-ring  populations,  pn, 
can  be  calculated,  of  course,  but  it  is  not  easy  to 
analyze  them.  In  GeSe2  they  could  be  compared  with 
the  ring  statistics  of  the  high-temperature  and  low- 
temperature  crystalline  phases,  and  possibly  their 
moments  ( ptl  —  pfl)2m.  In  this  way  similarities  of  the 
glass  structure  to  that  of  the  high-temperature  crys- 
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talline  phase  might  be  apparent,  but  this  has  not  been 
done  so  far. 

The  second  approach  is  based  on  the  assumption 
that  some  physical  mechanism  must  be  responsible 
for  the  presence  of  the  FSDP,  and  that  this  mecha¬ 
nism  can  only  be  the  formation  of  clusters  of  a 
definite  size,  Rc ,  such  that  QFRC^^-  (This  ap¬ 
proach  has  been  the  one  that  has  been  used  for 
modelling  quasicrystals  recently  in  terms  of  the  crys¬ 
tal  structure  of  crystalline  approximants  [10];  it  was 
adopted  after  it  was  found  that  random  tiling  models, 
the  Penrose  analogue  of  Zachariasen’s  continuous 
random  networks,  gave  physically  unacceptable  re¬ 
sults  (some  very  short  bond  lengths).)  The  internal 
topology  of  the  cluster  must  be  that  of  the  high-tem- 
perature  crystalline  phase,  and  the  surface  of  the 
cluster  should  be  partially  reconstructed,  with  some 
back  or  surface  bonds  replacing  the  outer  intercluster 
bonds  which  exist  in  the  crystal.  A  few  examples  of 
such  clusters  have  been  proposed,  especially  the 
outrigger  raft  model  for  GeSe2  [1].  However,  these 
methods,  although  highly  informative  in  favorable 
cases,  are  not  easily  generalized  to  other  glasses, 
such  as  Si02,  and  are  not  easily  compared  with 
MDS. 

Another  special  feature  of  the  chalcogenide  glasses 
which  makes  them  a  happy  testing  ground  for  so¬ 
phisticated  theories  is  that  the  average  coordination 
number,  <m>,  can  be  varied  smoothly  by  network 
substitution  in  both  binary  and  ternary  systems.  Al¬ 
though  the  average  trends  depend  almost  entirely  on 
< m >,  the  extent  of  cluster  formation  and  microcrys¬ 
tallization  is  expected  to  be  much  greater  in  binary 
than  in  ternary  alloys,  as  there  are  several  types  of 
incompatible  building  unit  in  the  latter.  It  seems 
likely  that  quantities  like  the  FSDP  will  be  very 
similar,  for  the  same  <m>,  in  binary  and  ternary 
chalcogenide  alloys,  but  it  would  be  very  interesting 
to  test  this  conjecture  by  MDS. 

A  number  of  experiments  on  binary  and  ternary 
chalcogenide  alloys  have  confirmed  the  presence  of 
kinks  in  physical  properties  as  functions  of  <m)  near 
the  critical  coordination  number  (m)  =  mc  =  2.40 
predicted  by  constraint  theory,  but  other  experi¬ 
ments,  similar  in  nature,  have  not  found  such  kinks. 
This  discrepancy  can  probably  be  traced  to  differ¬ 
ences  in  quenching  kinetics  for  small  samples  com¬ 
pared  with  large  samples.  The  difference  between 


binaries  and  ternaries  is  small  for  <m>  <  mc  =  2.40 
(underconstrained  glasses,  where  entropy  is  large), 
but  it  grows  rapidly  for  (m)  >  tnc  (overconstrained 
glasses,  where  clusters  are  enthalpically  stabilized) 
[11].  One  measure  of  the  density  of  some  trap  states 
is  the  strength  of  the  term  in  the  specific  heat  which 
is  linear  in  71,  which  shows  a  minimum  at  (m)  =  mc 
=  2.40,  and  a  maximum  at  (m)  =  rri  =  2.70  [12]. 
The  minimum  is  what  one  would  expect  from  con¬ 
straint  theory,  whereas  the  maximum  occurs  at  the 
value  identified  by  Tanaka  and  explained  by  him  as 
associated  with  the  structural  transition  from  layered 
to  three-dimensional  structures  [13].  Evidence  for 
anomalous  behavior  associated  with  this  transition 
has  also  been  obtained  in  measurements  of  solubility 
and  photostructural  changes  in  ternary  Ge-As-S 
alloys  [3].  The  change  in  slope  of  the  softening  of  the 
elastic  constants  as  m  decreases  through  mc  ex¬ 
pected  by  constraint  theory  is  not  observed  in  large 
samples,  probably  because  of  microcrystallization, 
but  in  much  smaller  samples  probed  by  Mossbauer 
spectroscopy  the  predicted  effect  has  been  observed 
[10].  The  microcrystallites  have  their  largest  effect  at 
long  wavelengths.  At  intermediate  wavelengths  ~  30 
A,  a  ‘floppy  mode’  peak  in  the  density  of  vibrational 
states  is  observed  whose  strength  decreases  rapidly 
with  (m)  and  which  is  quite  small  for  (m)  >  2.40 
[14]. 

When  we  review  the  many  subtle  aspects  of 
clusters  and  their  morphology  as  evidenced  in  chem¬ 
ical  trends  in  chalcogenide  alloys,  we  are  led  to  the 
conclusion  that  in  glassy  GeSe2  the  presence  of  the 
FSDP  is  probably  little  affected  by  morphological 
subtleties.  One  reason  for  this  is  that  the  sizes  of  the 
unit  cells  of  the  two  phases  of  GeSe2  are  very  large 
(24  formula  units  in  the  low-71,  three-dimensional 
phase,  and  16  formula  units  in  the  high-71  layered 
phase,  compared  with  only  eight  formula  units  for 
the  high-71  (p-cristobalite)  phase  of  Si02).Q  Another 
reason  is  that  MRO  can  develop  at  Rc  ~  6  A  at  short 
times,  whereas  crystalline  order  may  well  develop 
only  at  longer  distances  ~  30  A  and  hence  at  much 
longer  times.  (This  is  consistent  with  the  observed 
differences  between  small  and  large  samples  [13].) 
Thus  the  clusters  that  are  responsible  for  the  FSDP 
are  merely  incipient  microcrystallites,  precursors  to 
Gibbs’  critical  nuclei  that  grow  rapidly  in  non-glass- 
forming  supercooled  liquids  with  T  just  below  Tm. 
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4.  Kohlrausch  relaxation  in  metallic  and  oxide 
glasses:  simulations  and  experiments 

Chalcogenide  glasses  are  not  the  only  glasses 
where  Kohlrausch  relaxation  has  been  studied.  MDS 
have  examined  [15]  Kohlrausch  relaxation  in  a  proto¬ 
typical  metallic  glass  NivZr,_v  with  x  =  0.5.  The 
central  factor  which  leads  to  glass  formation  in  this 
system  is  the  elemental  size  differences,  which  pro¬ 
duce  a  complex  binary  phase  diagram  with  deep 
eutectics.  Crystalline  NiZr  has  the  quasi-hexagonal 
CrB  structure  in  which  the  smaller  atoms  form  heli¬ 
cal  chains.  No  mention  is  made  of  whether  such 
chain  fragments  are  present  in  the  description  [15]  of 
the  MDS,  but  J3(T)  has  been  calculated  and  it 
behaves  as  expected:  /3(T)  ->  1  at  high  T,  and  near 
the  structural  arrest  transition,  T*  ~  1500  K,  /3 (T*) 
=  0.59(2),  in  excellent  agreement  with  f3(d  =  3)  = 
Psr  =  0-60.  It  is  difficult  to  obtain  experimental 
values  for  /3,  because  metallic  glasses  crystallize 
very  rapidly. 

Oxide  glasses  are  suitable  for  relaxation  studies  at 
low  frequencies  (stress  relaxation),  but  most  of  the 
data  collected  in  phenomenological  studies  [4]  are 
quite  old  and  these  materials  probably  should  be 
re-measured  using  modern  instrumentation.  In  spite 
of  these  caveats,  the  data  are  in  surprisingly  good 
agreement  with  theory;  for  instance,  /3(Na20  •  Si02) 
=  £(B203)  =  0.6,  while  /3(Si02)  =  0.7  and 
/3(Ge02)  =  1.0.  The  latter  two  deviations  are  actu¬ 
ally  to  be  expected,  especially  for  g-Ge02,  which 
has  been  shown  by  high-pressure  Raman  studies  to 
contain  microcrystallites  of  rutile  c-Ge02,  which  has 
sixfold-coordinated  Ge,  whereas  in  the  glassy  net¬ 
work  Ge  should  be  fourfold-coordinated  [2].  One 


Table  1 

Systems  for  which  /3  ~  /3SR  =3/5 


Material 

Method 

P 

Soft  spheres 

MDS 

0.62  (3) 

Metallic  glass 

MDS 

0.59  (2) 

Polymer 

MDS 

0.59  (4) 

g-Ge-As-Se 

stress 

0.63  (3) 

OTP  a 

neutron 

0.62  (2) 

CKN  a 

neutron 

0.58  (2) 

Salol 

photon 

0.60  (5) 

Propylene  glycol 

specific  heat 

0.61  (4) 

Here  OTP  —  orthoterphenyl,  a  three-ring  planar  molecule,  while 
CKN  =  (Ca,  K  2  )(N03  )2 . 


Table  2 

Systems  for  which  f2  ~  (2K  =  3/1 


Material 

Method 

0 

Glass 

charge 

0.43  (1) 

a-Si :  H 

charge 

0.45  (5) 

a-C6() 

charge 

0.40  (5) 

a-Se 

stress 

0.43  (3) 

a-Se 

neutron 

0.42  (2) 

PB(/V  ~0) 

neutron 

0.45  (1) 

PVME 

NMR 

0.44  (2) 

PVME 

neutron 

0.44  (2) 

CKN 

ultrasonic 

0.44 

Poly  propylene  glycol 

stress 

0.42 

PPMS 

stress 

0.44 

PVA 

stress 

0.43 

PMA 

stress 

0.41 

An  interesting  comparison  can  be  made  between  propylene  glycol 
(  (2  =  0.61  «  £SR,  Table  1)  and  polypropylene  glycol  (M  =  4000, 
(2  =  0.42  as  /3K).  This  illustrates  the  way  that  floppy,  infrared-ac¬ 
tive  polymerized  chain  modes  shift  (2  from  jSsr  to  /3K.  Compare 
also  the  value  for  CKN  obtained  with  an  electric-field  probe  with 
that  in  Table  1  for  a  neutral  probe.  The  acronyms  PXX. . .  refer  to 
various  polymers  (sec  Ref.  [5]). 

could  wonder  whether  there  is  any  correlation  be¬ 
tween  |  p(Tg)  -  /3sr  |  and  the  strength  of  the  FSDP, 
but  the  database  at  present  is  too  sparse  to  permit 
conclusions  to  be  drawn.  From  the  remarks  made 
above,  it  would  seem  that  the  formation  of  FSDP 
clusters  is  part  of  the  exponential  relaxation  which 
precedes  Kohlrausch  relaxation,  which  in  turns  pre¬ 
cedes  spinodal  coarsening  and  eventually  microcrys¬ 
talline  nucleation  and  growth. 

5.  Conclusions 

For  the  reader’s  convenience,  we  show  in  Tables 
1  and  2  some  examples  of  intrinsic  relaxation  in 
various  materials  where  0  ~  /3SR  =  0.60  or  P~ 

=  0.43  as  measured  by  a  variety  of  techniques.  To 
appreciate  fully  the  significance  of  these  data,  one 
must  understand  not  only  the  mathematical  back¬ 
ground  of  the  theory  but  also  the  chemical  trends  in 
( 3  as  they  correlate  with  the  degrees  of  homogeneous 
random  disorder  in  different  families  of  materials. 
These  issues  are  discussed  at  considerable  length 
elsewhere  [3].  The  tables  are  presented  here  merely 
to  give  the  reader  a  taste  for  this  subject,  which  has 
developed  to  a  far  greater  extent  than  is  generally 
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realized  outside  the  community  of  chemists  and 
physicists  devoted  to  relaxation  studies. 

There  are  several  open  relaxation  questions  which 
can  be  examined  by  MDS.  We  expect  that  if  the 
current  timeframe  (<1CT9  s)  is  adequate,  , 

<2F)  will  be  approximately  equal  to  /3SR,  but  if  it  is 
not,  p(Tt',Q¥)>p(Tt*,QN)~PSR.  This  would 
indicate  that  structural  arrest  is  complete  on  the  3  A 
scale,  but  not  on  the  6  A  scale.  Thus,  relaxation 
studies  can  be  used  to  test  how  well  annealed  the 
sample  is  on  different  time  and  length  scales.  An¬ 
other  question  of  interest  would  be  the  demonstration 
for  a  suitable  three-dimensional  chain  model  of  the 
way  that  Coulomb  forces  shift  ft  from  pSR  to  /3K. 
The  chains  could  consist  of  Se  (where  the  charges 
are  dynamical  and  depend  on  intrachain  bond  angles) 
or  -CH2-  (where  the  charges  are  static).  Here  again 
the  timescale  could  be  important,  as  one  could  find 
an  apparent  p  ~  /3SR  at  shorter  times  <  10  9  s, 
where  transverse  relaxation  is  dominant,  and  a  differ¬ 
ent  /3~/3k  at  times  >  10" 9  s,  when  transverse 
relaxation  is  nearly  complete  and  the  longitudinal 
relaxation  involving  the  length  scale  of  the  chain 
fragments  dominates.  It  is  quite  convenient  that  MDS 
at  present  cover  times  <  1(T9  s,  while  neutron  spin 
echoes  work  best  for  times  >10  9  s. 
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Abstract 


Tunneling  modes,  elementary  excitations  of  a  large  class  of  glasses,  are  local  dynamical  signatures  of  disorder.  There  is 
one  tunneling  mode  per  odd  loop  (a  necklace  through  odd  rings  in  the  network),  decoupled  from  other  loops,  and  tunneling 
is  forced  by  gauge  invariance  of  the  structure,  the  symmetry  of  disorder.  Absence  of  tunneling  modes  in  trivalent  glasses 
(a-As  or  B203)  is  a  notable  consequence  of  this  model.  It  is  possible  to  decompose  topologically  a  tetravalent  network  into  a 
trivalent  network,  and  to  add  a  large  proportion  of  boroxol  rings  with  their  characteristic  but  different  dynamical  signature. 


1.  Introduction 

Tunneling  modes  constitute,  together  with  long- 
wavelength  phonons,  the  low-energy  excitations  in 
glass.  Their  tunneling  nature  has  been  established 
experimentally  after  1973,  confirming  in  qualitative 
details  a  model  proposed  independently  by  Ander¬ 
son,  Halperin  and  Varma,  and  by  W.A.  Phillips  [1]. 
The  experimental  demonstration  of  tunneling  modes 
has  a  long  history,  beginning  in  1959  [2].  The  four 
crucial  sets  of  experiments  ((i)  specific  heat,  (ii) 
thermal  conductivity,  (ii i)  saturation  or  (non-linear) 
ultrasonic  attenuation  and  (iv)  echoes)  were  first 
performed  by  (i)  Hornung  et  al.  [3],  and  Zeller  and 
Pohl,  (ii)  Anderson,  Reese  and  Wheatley,  (iii)  Hun- 
klinger,  Arnold,  Stein,  Nava  and  Dransfeld,  and 
Golding,  Graebner,  Halperin  and  Schutz,  and  (iv) 
Golding  and  Graebner,  and  Arnold  and  Hunklinger. 
The  tunneling  model  was  introduced  after  experi¬ 
ments  (i)  and  (ii),  but  before  (iii)  and  (iv)  which 
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confirmed  it  as  the  only  model  explaining  all  four 
experiments.  All  this  is  well  documented  in  Ref.  [1] 
(except  for  the  two  precursors  for  which  a  specific 
reference  [2,3]  is  given). 

After  a  brief  review  of  the  four  experimental 
signatures  of  tunneling  modes,  emphasizing  the  chal¬ 
lenges  which  they  present  to  any  theory,  an  explana¬ 
tion  for  their  origin  and  their  nature  is  offered  [4]: 
tunneling  modes  are  associated  with  odd  rings  of 
bonds.  Specifically,  there  is  one  tunneling  mode  per 
odd  line,  a  necklace  threading  through  odd  rings  and 
avoiding  even  rings  [5].  Tunneling  is  imposed  by  the 
symmetry  of  disorder,  a  gauge  invariance  responsible 
for  the  long-range  homogeneity  of  glasses  and  amor¬ 
phous  materials.  Each  tunneling  mode,  and  thus  each 
odd  loop,  is  independent  from  the  other.  Tunneling 
modes  are  therefore  local  dynamical  signatures  of 
disorder.  The  explanation  meets  all  the  challenges 
and  is  predictive:  no  tunneling  modes  should  occur 
in  trivalent  covalent  glasses  or  amorphous  materials 
such  as  borate,  arsenate  glasses  or  a-As.  Any  tunnel¬ 
ing  mode  in  amorphous  III— V  or  II— VI  semiconduc¬ 
tors  such  as  a-GaAs  will  correspond  to  a  ‘wrong’ 
(As-As  or  Ga-Ga)  bond.  Quantitative  predictions 
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should  soon  be  available,  as  the  structure  of  tunnel¬ 
ing  configurations  can  now  be  described  explicitly 
[4].  Mathematical  details  and  explanations  are  omit¬ 
ted;  they  can  be  found  in  the  published  literature 
[4-6]. 

In  the  rest  of  the  paper,  we  discuss  the  celebrated 
boroxol  ring  mode  [7],  which,  although  a  local, 
dynamical  signature  of  disorder,  is  not  a  tunneling 
mode.  It  is  possible  to  transform  topologically  a 
tetravalent  network  (supporting  tunneling  modes)  into 
a  trivalent  network  with  boroxol  rings,  which  does 
not  have  tunneling  modes. 

2.  Tunneling  modes:  experimental  evidence 

Glass  has  extraordinary  physical  properties  at  low 
temperatures  [1],  described  as  tunneling  modes. 
Phonons  of  sufficiently  long  wavelength  to  ride  over 
any  inhomogeneity  in  the  structure  (i.e.,  >  4  nm)  are 
elementary  excitations  of  a  solid  piece  of  glass.  We 
hear  them  as  the  glass  rings.  However,  its  specific 
heat  is  approximatively  linear  in  temperature  below 
1  K.  This  linear  specific  heat  cannot  be  due  to 
metallic  electrons,  in  a  transparent  glass  or  in  a 
metallic  glass  made  superconducting.  Surely,  one 
does  not  have  a  one-dimensional  fractal  material? 
Scaling  of  weight  with  the  cube  of  the  linear  dimen¬ 
sion  shows  that  this  is  indeed  a  bulk  three-dimen¬ 
sional  solid,  and  the  expected  T 3  specific  heat  is 
swamped  at  low  temperatures  by  additional  excita¬ 
tions,  specific  to  glass. 

Heat  conductivity,  or  ultrasonic  attenuation,  shows 
that  phonons  are  absorbed  or  scattered  by  these 
additional  excitations,  which  form  a  distribution  of 
two-level  systems.  They  are  tunneling  modes,  as 
shown  by  the  fact  that  they  can  be  saturated  (other, 
classical  excitations  are  much  higher  in  energy  and 
not  accessible  at  low  temperatures)  and  can  be  made 
to  produce  an  echo  by  returning  in  phase  at  the  same 
time,  as  in  spin-echo  but  without  any  electromag¬ 
netic  contribution.  This  is  a  real  ‘acoustic’  echo.  The 
echo  experiment  also  shows  that  tunneling  modes  are 
independent  (their  dephasing  time,  T2,  is  longer  than 
the  long  echo  time). 

These  low-temperature  properties  are  common  to 
all  glasses,  covalent  oxides,  amorphous  elemental 
semiconductors  and  metallic  glasses.  Only  their  in¬ 


tensity  and  characteristic  energy  and  temperature 
scales  differ.  For  example,  in  amorphous  silicon  or 
germanium,  the  chemical  bond  is  stiffer  than  in 
vitreous  silica  (where  it  is  longer,  and  decorated  by 
an  oxygen  atom).  Consequently,  the  distribution  of 
tunneling  modes  spans  a  broader  range  of  energies, 
and  the  density  of  low-energy  tunneling  modes  is, 
accordingly,  one  or  two  order  of  magnitude  smaller. 
Nevertheless,  tunneling  modes  have  been  observed 
in  amorphous  germanium  [8].  Their  echo  has  been 
heard  in  metallic  glasses  [9].  The  similarity  between 
low-energy  atomic  excitations  in  oxide  and  metallic 
glasses  has  been  emphasized  and  reviewed  by  Black 
[10].  Tunneling  modes  are  a  general  feature  of  disor¬ 
dered  condensed  matter.  (Exceptions,  like  amor¬ 
phous  arsenic,  or  III— V  compounds  which  have  no 
odd  rings,  or  hardly  any  (they  imply  the  presence  of 
wrong  (Ga-Ga  or  As-As)  bonds,  which  are  energet¬ 
ically  costly),  are  interesting  and  confirm  the  model. 
They  are  discussed  below.) 

Theoretically,  one  faces  a  dilemma.  Either  one 
presents  an  explanation  so  general  as  to  be  untestable, 
or  one  looks  for  a  simple  model,  applicable  to  one 
type  of  glass  only,  which  explains  clearly  the  nature 
of  tunneling  modes,  is  predictive  and  falsifiable,  but 
non-universal.  The  second  approach  is  discussed  in 
this  paper:  we  will  consider  covalent  glasses.  Tunnel¬ 
ing  modes  are  located  on  odd  rings  of  the  networks. 
These  odd  rings  form  closed  loops  in  the  glass. 
There  is  one  tunneling  mode  per  odd  loop.  The 
density  of  odd  loops,  thus  of  tunneling  modes,  is 
determined  by  maximum  entropy.  The  maximum 
entropy  configuration  of  the  loops  is  semi-dilute, 
with  only  one  single  length  scale,  thereby  taking 
maximal  advantage  of  mixing  (small  loops)  and  con¬ 
figuration  (longest  loops)  degrees  of  freedom.  A 
tetravalent  network  is  also  the  generic  scaffolding 
spanning  the  disordered  elastic  continuum  represent¬ 
ing  polymeric  glasses. 

Another  striking  property  of  glass  is  its  finite 
entropy  (as  measured  through  the  specific  heat,  inte¬ 
grating  Cp/T)  at  T  =  0.  Physically,  this  has  no 
practical  consequences  since  Cp(T  =  0)  =  0.  The  en¬ 
tropy  of  glass  has  two  contributions.  The  first  is 
physical,  associated  with  heat  transfer.  It  vanishes  at 
T  =  0.  The  second,  which  is  finite  at  T  —  0,  is  the 
structural  information,  the  measure  of  the  frozen-in 
disorder,  or  the  algorithmic  complexity  of  glass.  We 
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will  see  that  this  structural  entropy  is  concentrated 
on  odd  loops.  The  zero-point  entropy,  particularly  as 
a  function  of  the  rate  of  cooling,  is  a  measure  of  the 
density  of  tunneling  modes.  Analysis  of  the  lowest 
energy  states  of  glass,  and  of  its  elementary  excita¬ 
tions,  should  explain  its  extraordinary  properties. 

The  anomalous  physical  properties  of  glass  (i)- 
(iv)  below  1  K  [1]  are  modelled  by  tunneling  be¬ 
tween  independent  pairs  of  potential  valleys  in  con¬ 
figuration  space.  Thus,  phase  space  is  represented  as 
a  direct  product  of  a  pair  of  classical  configurations 
(potential  energy  minima)  which  are  nearly  degener¬ 
ate  in  energy.  The  ground  state  and  first  excited  state 
of  each  pair  are  tunneling  modes,  superpositions  of 
the  classical  configurations.  Classical  excitations  in 
each  potential  well  are  at  much  higher  energy,  and 
are  not  excitable  at  low  temperatures  below  10  K,  as 
would  be  classical  transitions  over  a  saddle  point 
between  potential  wells  if  they  were  to  exist.  The 
local,  tunneling  modes  and  the  long  wavelength 
phonons  therefore  constitute  the  elementary  excita¬ 
tions  in  glass. 

(i)  The  specific  heat  is  approximatively  linear  in 
temperature  below  1  K,  where  a  linear  function 
exceeds  the  T contribution  of  phonons  in  a  three-di¬ 
mensional  system.  There  are  therefore  additional  ele¬ 
mentary  excitations  in  glass  besides  phonons.  A 
distribution  of  two-level  systems  yields  a  linear  spe¬ 
cific  heat  (as  for  electrons  in  metals:  Boltzmann’s 
distribution  on  a  two-level  system  looks  like  Fermi- 
Dirac’s,  and  the  distribution,  P(A0),  of  energy  spac¬ 
ing  plays  the  part  of  the  density  of  electronic  states). 

(ii)  Heat  is  carried  by  phonons.  Glass  has  a 
thermal  conductivity  lower  than  its  corresponding 
crystalline  material  (quartz),  so  the  phonons  are  ab¬ 
sorbed  by  the  additional  two-level  excitations. 

(iii)  If  the  power  of  the  transducer  is  turned  up, 
most  two-level  systems  will  have  absorbed  a  phonon 
and  be  in  their  excited  state.  They  can  no  longer 
absorb  phonons,  and  the  thermal  conductivity  of  the 
crystal  is  recovered. 

(iv)  An  echo  can  be  set  up  on  these  excitations,  as 
in  any  quantum  two-level  systems  (spin  1  /2).  The 
echo  delay  time  is  approximatively  10  jjls  at  20  mK, 
which  shows  that  the  two-level  systems  are  effec¬ 
tively  decoupled  (the  dephasing  time,  T2,  is  greater 
than  this  very  long  delay  time). 

Saturation  and  echo  show  that  the  two-level  exci¬ 


tations  are  due  to  quantum  tunneling  (classical,  ther¬ 
mal  excitations  are  at  much  higher  energy,  out  of 
reach  at  these  low  temperatures).  The  first  two  exper¬ 
iments  could  also  be  explained  by  classical  excita¬ 
tions  between  potential  wells,  but  not  the  last  two. 
Further,  the  energy  splitting  between  the  two  levels 
is  very  small  (linear  specific  heat  is  observed  be¬ 
tween  <  10  2  K  and  1  K  in  silica,  which  implies  a 
continuous  range  of  splittings  between  <  10" 6  and 
10 “4  eV).  This  splitting  is  therefore  entirely  the 
contribution  of  tunneling,  A(),  between  degenerate 
potential  wells.  Any  departure  from  degeneracy,  A , 
yields  an  additional  energy  difference  (>  A  and  An). 
It  also  implies  that  there  are  many  atoms  involved  in 
the  tunneling  moving  very  little.  (Inversion  tunneling 
of  one  atom  in  a  tetrahedron  (a  symmetrical  ammo¬ 
nia  molecule)  would  occur  at  a  frequency  higher  by 
orders  of  magnitude.) 

Tunneling  modes  (in  all  their  four  manifestations) 
have  been  seen  in  all  glasses  and  amorphous  materi¬ 
als,  with  a  few  notable  exceptions  which  confirm  the 
rule  (the  model  which  we  now  discuss). 

Apart  from  the  fact  that  one  does  not  know 
precisely  what  tunnels,  the  presence  of  nearly  degen¬ 
erate  (to  within  less  than  10 ~4  eV)  classical  ground 
states  (potential  minima)  in  a  system  with  no  obvi¬ 
ous  symmetry  to  impose  the  degeneracy  is  astonish¬ 
ing:  indeed,  bulk  condensed  matter  usually  has  one 
single  ground  state,  and  its  potential  energy  has  one 
single  minimum  in  a  many-dimensional  configura¬ 
tion  space.  (Excitations  about  this  minimum  are 
phonons,  which  are  also  heard  in  glass.)  Further, 
observation  of  echo  (analogous  to  spin  echo,  but 
generated  by  sound  pulses)  suggests  that  different 
tunneling  modes  -  different  pairs  of  potential  valleys 
-  are  uncoupled  enough  to  preserve  phase  coherence 
between  excitation  and  echo  (~  10  (jls  at  20  mK). 


3.  Tunneling  modes  in  covalent  glasses 

What  then  are  these  tunneling  modes,  why  are 
they  decoupled,  and  why  are  they  degenerate,  in  a 
strongly  correlated  system  of  many  atoms  with  the 
trivial  space  group? 

The  answers  are  provided  by  an  analysis  of  the 
structure  and  elasticity  of  covalent  glasses.  Neither 
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are  simple,  and  the  argument  is  in  several  steps  listed 
below  which  are  stated  without  proof.  Details  have 
been  published  elsewhere  [4]. 

3.1.  Structure  of  network  glasses 

(1)  The  long-range  homogeneity  of  glass  is  a 
gauge  invariance.  Glasses  have  perfect  short-range 
order,  imposed  by  chemistry:  silicon  atoms  are  te- 
travalent,  boron  or  arsenic  (in  a-As)  atoms  trivalent. 
Each  silicon  atom  can  therefore  be  represented  as  a 
perfect  tetrapod,  each  boron  or  arsenic  by  a  perfect 
tripod.  Beyond  4  nm,  i.e.,  beyond  a  few  rings, 
glasses  are  completely  homogeneous,  but  this  homo¬ 
geneity  is  not  the  generative  symmetry  of  crystals 
whereby  the  translated  crystal  is  exactly  superpos- 
able  on  the  original.  The  translated  glass  is  locally 
different,  for  example  in  the  orientation  of  the  nearby 
Si  tetrapods,  but  this  difference  is  physically  irrele¬ 
vant.  The  distinction  is  the  same  as  between  a  forest 
in  which  one  is  lost,  and  a  regular  plantation:  one 
tree  in  the  forest  is  slightly  different  from  another, 
but  this  difference  is  physically,  globally  or  objec¬ 
tively  irrelevant.  It  does  not  help  us  to  find  a  way 
out.  Thus,  each  Si  atom  in  the  network  has,  besides 
its  position,  a  gauge  parameter  which  connects  it  to 
its  immediate  environment  (at  this  stage,  it  is  easiest 
to  think  of  the  orientation  of  the  tetrapod,  but  this 
will  be  refined  as  the  group  of  permutations  of  its 
bonds).  The  gauge  parameter  changes  slightly  from 
atom  to  atom  but  the  overall  structure  and  physical 
properties  of  the  glass  are  independent  of  these 
changes.  Note  that  these  local  variations  are  alto¬ 
gether  obligatory  and  macroscopically  irrelevant  in  a 
disordered  material.  Note  also  that  the  variations, 
albeit  local,  are  transmitted  from  atom  to  atom  by  the 
elasticity  of  the  covalent  bond  linking  them.  These 
two  remarks  are  generic  properties  of  gauge  symme¬ 
try,  of  which  glass  is  the  most  concrete  if  not  the 
simplest  example. 

(2)  Glass  structure  is  modelled  by  a  continuous 
random  network,  i.e.,  as  a  regular  graph.  Each  vertex 
of  the  network  is  a  Si  or  B  atom.  It  has  z  =  4 
incident  edges  (z  =  3  in  the  case  of  arsenic  or  boron), 
and  each  edge  of  the  network  represents  one  (in 
elemental  glasses  like  a-As  or  a-Si)  or  two  covalent 
bonds  separated  by  an  oxygen  atom  (in  silicate, 
borate  or  arsenate  glasses).  The  oxygen  or  selenium 


atom  only  decorates  the  edge  and  plays  no  topologi¬ 
cal  part.  We  will  count  the  edges  and  call  odd  ring  a 
ring  made  of  an  odd  number  of  edges,  of  Si  or  B 
atoms.  Thus,  a  boroxol  ring,  with  three  B-O-B 
edges,  is  odd.  The  vertices  and  edges  of  the  network 
are  physical  objects.  The  constant  vertex  coordina¬ 
tion,  z,  is  imposed  by  chemistry,  and  the  only  con¬ 
nection  between  two  vertices,  an  edge  of  the  net¬ 
work,  is  a  covalent  bond  (whether  decorated  by 
oxygen  or  not)  which  has  some  rigidity:  it  costs 
some  energy  to  stretch,  bend  ot  twist  it,  in  decreasing 
order. 

The  continuous  random  network  is  a  discrete, 
random  scaffolding.  This  has  two  consequences.  The 
first,  already  alluded  to  in  (1),  is  that  its  physical 
properties  will  be  gauge  invariant,  by  symmetry. 
This  means  that,  in  addition  to  the  topological  posi¬ 
tion  of  each  Si  atom  in  the  network,  there  is  a  local 
parameter,  the  ‘gauge’,  which  indicates  how  the 
atom  is  connected  to  its  neighbours.  In  more  familiar 
physical  contexts,  the  gauge  parameter  is  the  phase 
of  the  wave  function  in  quantum  electrodynamics,  or 
the  local  vertical  in  gravitation.  Usually,  the  gauge 
parameter  returns  to  its  original  value  when  one 
returns  to  the  original  atom  after  some  closed  path  in 
the  network.  Not  so  if  the  closed  contour  is  odd,  in 
which  case  the  gauge  parameter  must  be  changed:  it 
will  be  entangled  about  odd  rings,  in  one  of  two 
equivalent  fashions.  Since  this  entanglement  is  not 
physically  relevant,  tunneling  must  occur  between 
the  two  equivalent  fashions,  giving  rise  to  tunneling 
modes.  Once  again,  we  see  the  double  role  -  obliga¬ 
tory  and  physically  irrelevant  -  of  gauge  symmetry, 
the  ‘double  agent’  of  disorder.  The  network  itself,  as 
a  bare  structural  scaffolding,  is  topologically  as  triv¬ 
ial  as  can  be.  It  is  not  entangled. 

(3)  The  second  consequence  of  randomness  is  that 
it  has  ‘defects’  as  its  structural  signature.  These 
defects  are  odd  lines,  necklaces  threading  through 
the  odd  rings  of  the  network,  while  avoiding  even 
rings  [5].  Odd  lines  either  close  in  as  loops,  or  exit  at 
the  boundary  of  the  material.  The  proof  of  this 
theorem  is  elementary:  on  any  closed  surface  in  the 
network  (intersecting  it  at  vertices,  as  for  example  a 
cell  or  a  group  of  cells  of  the  network),  there  is  an 
even  number  of  odd  rings,  thereby  providing  an  exit 
for  any  odd  line  entering  the  surface.  Thus,  odd  rings 
do  not  occur  in  isolation,  but  in  loops.  The  theorem 
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is  also  valid  for  crystalline  structures,  but  there,  odd 
rings  are  rare  or  absent  (only  threefold  rings  are 
crystallographic),  odd  loops  are  very  few  and  very 
small,  and  there  is  no  gauge  invariance  to  mould 
their  dynamics.  What  are  the  physical  effects  of 
these  odd  lines?  They  are  the  seat  of  tunneling 
modes,  and  their  density  is  measured  by  the  zero- 
point  entropy. 

Gauge  invariance  and  odd  loops  are  the  only 
essential  ingredients  of  the  structure  of  network 
glasses.  I  stress  that  they  are  natural  ingredients,  both 
in  the  physical  (physical  atoms  and  bonds  in  a 
continuous  random  network)  and  in  the  mathematical 
(simplest  and  generic)  senses  of  the  word. 

3.2.  Elasticity  of  z  =  4  random  networks 

We  now  describe  the  classical  elasticity  of  contin¬ 
uous  random  networks.  The  elastic  energy  is  carried 
by  the  edges  of  the  network,  i.e.,  by  the  chemical 
bonds  connecting  two  tetrapods.  This  potential  en¬ 
ergy  consists  of  two  terms  [11-14]:  a  strong,  bond¬ 
stretching,  Vl9  and  a  weaker,  bond-bending  contribu¬ 
tion,  V2.  Vj  can  be  written  in  terms  of  the  relative 
displacement  of  two  neighbouring  atoms  only.  V2 
requires  at  least  the  direction  towards  a  third  atom  as 
well.  Its  precise  nature  is  not  important  for  tunneling 
modes.  From  now  on,  we  discuss  the  case  of  tetrava- 
lent  networks  (z  =  4)  only.  We  will  return  to  the 
trivalent  case  later. 

(4)  Neglect  V2  in  a  first  stage.  The  normal  modes 
are  a  band  of  N  phonons  flanked  by  two  sets  of  N 
degenerate  modes  [12,13].  One  set  has  zero  fre¬ 
quency  and  energy.  The  network  is  underconstrained 
(wobbly)  in  the  absence  of  bond-bending  forces.  The 
ground  state  configuration(s)  and  the  lowest  energy 
excitations  of  the  material  are  concentrated  on  the  N 
floppy  modes  at  co  =  0. 

The  motion  of  an  unstretched  edge  is  given  by 
one  single  number,  the  projection  on  the  edge  of  the 
displacement  of  the  two  vertices  bounding  it.  This 
number  is  like  a  current  in  an  electrical  network.  The 
N  floppy  modes  are  independent  currents  [15]:  they 
lie  on  bonds  (edges)  not  on  a  spanning  tree  of  the 
network,  and  each  independent  edge  closes  an  inde¬ 
pendent  circuit  or  ring.  Any  tree  reaching  all  vertices 
of  the  network  is  called  spanning.  It  is,  of  course,  not 
uniquely  defined,  and  selecting  one  spanning  tree 


partly  fixes  the  gauge.  The  independent  floppy  modes 
form  a  basis  for  displacements  leaving  all  bonds 
unstretched.  They  are  the  N  co  =  0  normal  modes. 

(5)  Let  us  now  stiffen  the  network  by  bond-bend¬ 
ing  forces,  V2  =£  0.  The  floppy  modes  are  reorga¬ 
nized,  separated  into  ground  states  with  elementary 
excitations,  and  modes  of  higher  energy.  Even  rings 
are  trivial  (they  have  a  single  ground  state).  Odd 
rings  have  two  stable  configurations. 

Let  us  measure  the  energy  of  a  ring  configuration. 
By  definition,  floppy  modes  have  only  bond-bending 
energy.  For  a  given  bond,  a,  this  energy  is  measured 
by  comparing  the  orientations  of  the  two  tetrapods 
(at  i  and  ia)  which  it  links,  or,  equivalently,  through 
a  congruent  transformation  of  the  tetrapod,  from  its 
orientation  at  i  to  that  at  ia.  This  energy  is  analo¬ 
gous  to  the  bond  energy,  SiJijSj,  in  Ising  magnetism, 
but  it  is  seen  not  as  some  interaction  between  two 
identical  objects  (S,  and  S-),  but  as  a  connection  (or 
synapse  in  neural  networks)  from  St  to  Sj.  The  first 
point  of  view  regards  J  as  the  standard  for  compar¬ 
ing  directions  of  Si  and  5-;  the  second,  adopted  here, 
through  the  congruent  transformation  (flip  or  iden¬ 
tity)  J  imposes  on  the  spin. 

Accordingly,  the  shared  chemical  bond  (of  label 
or  colour,  a)  imposes  a  mirror  reflection  by  connect¬ 
ing  the  two  neighbouring  tetrapods  (the  other  three 
non-shared  bonds  may  rotate).  So,  the  congruent 
transformation  is  a  rotatory  reflection. 

In  a  given  configuration,  the  tetrapod  must  be 
returned  to  its  original  orientation  (or  an  equivalent 
one)  after  being  carried  around  the  ring.  Configura¬ 
tion  of  a  /r-sided  ring  is  the  product  of  n  rotatory 
reflections.  The  product  of  rotatory  reflections  is 
therefore  a  covering  transformation  of  the  tetrapod, 
namely  a  permutation  of  the  labels  (colours)  of  its 
legs.  If  the  ring  is  even,  the  permutation,  a  product 
of  n  reflections,  is  even.  If  the  ring  is  odd,  the 
permutation  is  odd.  (This  is  because  the  number  of 
legs,  z  =  4,  is  even.  Elementary  rotation  about  the 
shared  bond,  a  cyclic  permutation  of  the  (z  —  1) 
others,  has  parity  ( —  l)2.)  Permutation  is  the  gauge 
parameter  indicating  how  the  Si  atom  is  connected  to 
its  neighbours  through  rings  of  covalent  bonds.  To 
this  permutation  can  be  associated  a  small  quantita¬ 
tive  energy,  involving  V2  only,  since  bonds  are 
unstretched. 

(6)  In  fact,  it  is  not  the  permutation  which  labels 
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the  configuration,  but  only  its  class:  let  us  go  around 
two  different  rings  in  succession,  starting  from  a 
common  vertex,  recording  permutation  R  through 
one  ring,  permutation  Q  through  the  other.  The  total 
permutation  is  P  =  Q  •  R,  or  P'  =  R  •  Q,  depending 
on  the  order  of  the  circumnavigations,  and,  in  gen¬ 
eral,  P  and  P'  are  different.  They  are  related  by 

P'  =  R  •  P  •  R  - 1  (1) 

and  belong  to  the  same  class  of  the  permutation 
group.  The  physical  configuration,  which  must  be 
independent  of  the  order  of  circumnavigations  made 
to  measure  it,  is  labelled  by  the  set  which  includes  P, 
P',  etc.,  namely  by  the  class  of  the  permutation 
group  to  which  they  belong.  Permutations  belonging 
to  the  same  class  are  identified  physically. 

The  ground  state  of  even  rings  clearly  belongs  to 
the  identity  class  of  the  permutation  group  of  degree 
z  =  4,  S4.  It  is  non-degenerate,  and  even  rings  are 
dynamically  trivial.  Only  then  can  they  be  coloured 
consistently. 

The  configurations  of  odd  rings  are  labelled  by 
the  two  classes  of  odd  permutations  of  S4  (each 
containing  six  elements,  {(a (3)}  and  {(otf3y8)},  so 
that  odd  rings  have  two  distinct  lowest-energy  con¬ 
figurations  (characterized  by  one  permutation  in  each 
class,  selected  by  choosing  and  colouring  a  spanning 
tree),  separated  by  a  large  gauge  transformation.  It  is 
easy  to  label  consistently  (colour,  identity  permuta¬ 
tion)  all  even  rings,  and  impossible  to  do  so  for  odd 
rings.  Change  of  labelling  of  the  latter  does  not 
destroy  consistency  in  the  former  (the  physical 
meaning  of  Eq.  (1)).  Moreover,  one  odd  ring  is  the 
sole,  independent  representative  of  an  entire  odd 
line,  because  all  the  other  odd  rings  are  linked  to  the 
first  one  by  even  rings  and  their  bonds  are  permuted 
accordingly. 

This  shows  that  the  odd  line  has  two  distinct 
classical  ground  states,  separated  by  a  large  gauge 
transformation.  The  two  classical  ground  states  are 
represented  in  Fig.  1.  Permutation  class  {(cr/3)}  on 
the  left  has  been  realized  by  a  connection  algorithm 
labelling  eclipsed  bonds  by  the  same  colour.  This 
gives  the  sequence  of  transformations  ct/3  ->  f3  a  -> 
a/3  ->  (3a  ->  a/3  ->  (3a,  hence  permutation  (a (3)  for 
the  ring.  On  the  right,  bonds  of  the  same  colour  are 
rotated  by  by  27t/3  about  the  shared  bond,  yielding 
the  sequence  a(3y8  f3y8a  — »  y 8af3  — >  8af3y  — > 


Fig.  1.  The  two  classical  configurations  (bond  labellings)  about  an 
odd  ring.  The  label  of  indistinguishable  bonds  is  not  an  observable 
quantity.  Change  of  labelling  algorithm  is  a  gauge  transformation. 
Frustration  is  inevitable  and  is  seen  as  one  of  the  two  classes  of 
permutations  (afi)  and  (afiyS). 


aj3y8  ->  (3y8a,  i.e.,  permutation  ( a/3y8 )  for  the 
ring.  Any  colouring  algorithm  must  lead  to  one  or 
the  other  permutation  class,  but  it  is  not  a  physical 
attribute  since  bonds  are  identical  and  odd  rings 
cannot  be  coloured  consistently  (like  the  impossible 
triangles  of  the  Swedish  artist  Reutersward).  The 
physical  attributes  of  the  random  network  architec¬ 
ture  are  edges  shared  between  two  neighbouring 
atoms,  and  the  fact  that  an  odd  cycle  of  shared  edges 
imposes  inevitable  frustration  for  z  =  4.  Change  of 
algorithm,  and  of  class,  is  therefore  a  gauge  transfor¬ 
mation,  leaving  invariant  the  physical  properties  of 
the  system,  its  energy,  defects  (odd  loops,  in  base 
space)  and  physical  properties  (frustration  on  odd 
rings  of  shared  bonds).  Colouring  is  just  a  metaphor 
for  bonds  shared  between  two  tetrapods.  It  is  not  the 
actual  colouring  which  matters  physically  (bonds  are 
identical),  but  whether  consistent  colouring  is  possi¬ 
ble,  and,  when  not,  in  how  many  essentially  distinct 
ways. 

Two  different  odd  loops  are  independent  since  the 
bonds  closing  their  representative  odd  rings  are  inde¬ 
pendent.  All  remaining  rings  are  even,  can  be 
coloured  consistently,  and  are  in  their  ground  state. 
Gauge  transformation  (a  permutation)  on  one  loop 
does  not  affect  the  class  of  permutation  representing 
the  structure  of  another  (see  Eq.  (1)).  Of  course, 
higher  excitations  (non-trivial  permutations  on  even 
rings)  would  couple  two  different  odd  loops.  How¬ 
ever,  these  excitations  are  at  higher  energies.  Unlike 
the  ground  states  discussed  here,  they  also  involve 
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the  real  energy  cost  of  bond-bending,  the  rotation 
part  of  the  rotatory-reflection  connection. 

3.3.  Large  gauge  transformations  and  tunneling 

(7)  However,  neither  classical  ground  state  con¬ 
figuration  {(a/3)}  or  {(a/3y£)}  are  gauge-invariant. 
Each  is  transformed  into  the  other  by  a  large  gauge 
transformation  G,  G|{(a/3)}>  =  |{(a/3y£)}>, 
G  |{(a/3y<$)}>  =  |{(a/3)}).  They  are  therefore  de¬ 
generate  in  energy.  However,  the  physical  configura¬ 
tions  are  given  by  the  gauge-invariant  linear  combi¬ 
nations 

|  +  )  =  (l/v/2)[l  {(a/3)}>±  I  {(aj8yS)}>], 

(2) 

with  one  sign  for  the  ground  state  and  the  other  for 
the  excited  state.  Tunneling,  however  slow,  must 
take  place  to  restore  gauge  invariance.  Tunneling 
modes  must  exist  in  z  =  4  glasses,  and  also  in 
disordered  elastic  continua  or  in  polymeric  or  meso¬ 
scopic  glasses  for  which  the  tetrapod  is  the  generic 
local  frame  of  reference  spanning  the  three  spatial 
dimensions. 

3.4.  What  is  it  that  tunnels? 

While  saturation  and  echo  experiments  demon¬ 
strate  the  existence  of  tunneling  modes,  they  do  not 
show  what  it  is  that  tunnels.  It  may  be  possible  to 
observe  tunneling  modes  directly  on  a  glass  undergo¬ 
ing  the  echo  experiment,  by  using  single-molecule 
spectroscopy  (which  yields  fluorescence  intensity  au¬ 
tocorrelation  at  two  different  times)  [16],  or,  less 
simply  but  in  a  direct  structural  measurement,  by 
two,  split  and  delayed  and  ultimately  interfering 
structural  probes  (neutron  or  X-ray  beam)  on  a  glass 
undergoing  the  echo  experiment.  The  echo  effec¬ 
tively  strobes  the  structure,  since  all  odd  loops  are 
together  in  one  of  two  classical  configurations  at  the 
beginning  and  at  the  end  of  the  experiment  [14]. 

It  is,  of  course,  not  possible  to  observe  a  system 
within  the  potential  barrier  through  which  it  tunnels 
(illustrations  in  G.  Gamov’s  Mr  Tomkins  notwith¬ 
standing).  What  can  be  done  is  to  use  the  fact  that,  at 
two  instants  in  an  echo  experiment,  all  tunneling 
modes  are  together  in  a  classical  configuration  ((a/3) 


or  (a/3yS))  which  is  observable.  Take  a  glass,  pre¬ 
pared  at  t  =  0  for  an  echo  experiment.  Use  also 
neutron  or  X-ray  diffraction  as  a  structural  probe. 
The  beam  is  split  and  delayed:  the  first  beam  is 
diffracted  by  the  glass  at  time  t,  then  delayed  by  r; 
the  second  beam  is  first  delayed  by  r  and  diffracted 
by  the  glass  at  t  +  r.  The  two  beams  are  recombined 
and  their  interference  is  detected.  The  echo  strobes 
the  glass,  so  that,  if  the  beams  are  in  phase  with  the 
echo  experiment  and  delayed  by  exactly  the  echo 
time,  the  interference  produced  by  the  tunneling 
atoms  is  constructive.  It  will  be  destructive  other¬ 
wise.  While  this  experiment  was  beyond  the  techni¬ 
cal  ability  of  detectors  and  beam  intensity  in  1984 
when  it  was  first  proposed  [14],  it  may  now  be 
suitable  for  consideration. 


4.  Topological  entropy  of  glass  and  density  of 
tunneling  modes 

The  topological  entropy  is  the  entropy  carried  by 
odd  loops.  It  is  the  entropy  remaining  in  the  glass  at 
T  =  0.  We  make  the  maximum  entropy  assumption 
that  every  face  (smallest  ring)  of  the  continuous 
random  network  can  be  odd  or  even,  independently 
of  the  others,  without  restriction  apart  from  the  very 
continuity  of  the  odd  lines,  and  that  this  part  of  phase 
space  has  been  fully  explored.  Odd  loops  can  move 
and  be  generated  freely  in  the  glass-forming  liquid. 
The  number  of  equivalent  configurations  of  an  arbi¬ 
trary  number  of  odd  loops  in  any  position,  shape  or 
length  is  simply  two  configurations  per  face  of  the 
network,  with  continuity  guaranteed  by  keeping  one 
face  per  cell  as  parity  control,  providing  when  neces¬ 
sary  an  exit  for  an  odd  line  entering  that  cell,  thus 
0  =  2F~C  configurations  in  the  network.  The  topo¬ 
logical  entropy  is  therefore 

S  =  kB  \n  {}  =  kBC((f)/ 2  -  1)  In  2,  (3) 

since  a  facet  always  separates  two  cells,  and  (/)  is 
the  average  number  of  facets  per  cell,  2 F=  (f)C. 
For  a  froth  (z  =  4,  all  eclipsed  edges),  (/)  =  13.4. 
At  the  other  extreme  (random  diamond,  z  =  4,  all 
staggered  edges),  /=  4.  There  are  on  average  (/)/ 2 
odd  faces  per  cell,  thus  (/)/ 4  odd  lines  per  cell, 
which  varies  between  3.35  for  all  eclipsed  edges  and 
1  for  all  staggered  edges.  The  entropy  is  maximal, 
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and  the  configuration  of  odd  loops  is  semi-dilute,  the 
best  compromise  between  mixing  entropy  (which 
favours  many  small  loops)  and  configurational  en¬ 
tropy  (which  favours  a  few  very  large  loops).  A  loop 
is  certain  to  traverse  the  neighbouring  cell,  but  it 
may  be  part  of  the  same  loop  or  another. 

The  topological  entropy  (3)  can  be  given  per  Si  or 
B  atom  (AO,  using  Euler’s  formula  for  a  three-di¬ 
mensional  network  and  the  valence  relationship  zN 
=  2  E,  valid  for  all  regular  networks  (an  edge  is 
always  bounded  by  two  vertices,  and  z  is  fixed  by 
chemistry),  as  [17] 

S  =  kB  In  n  =  kBN(z/ 2-1)  In  2.  (4) 

If  the  cooling  rate  has  been  too  rapid  for  full  explo¬ 
ration  of  phase  space,  the  zero  point  is  greater  than 
(3),  and  the  odd  loops  are  no  longer  in  a  semi-dilute 
configuration. 

5.  No  tunneling  modes  in  z  =  3  networks 

There  can  be  no  tunneling  modes  in  a  random 
network  with  z  =  3,  which  serves  as  a  microscopic 
scaffolding  for  a-As  or  borate  glass,  for  two  reasons: 

(i)  for  z  =  3,  an  elementary  rotation  about  the 
shared  bond  is  an  odd  permutation,  so  that  odd  rings 
may  here  accommodate  the  identity  permutation. 
Odd  rings  in  z  =  3  networks  are  not  frustrated; 

(ii)  odd  permutations  of  S3  belong  to  one  class 
only. 

Tunneling  modes  are  associated  with  odd  rings, 
but  do  not  occur  in  trivalent  network  glasses.  Thus, 
the  celebrated  boroxol  ring  in  B203  glasses  is  not  a 
tunneling  mode,  even  though  the  ring  is  odd  (three 
boron-boron  edges),  the  mode  which  it  supports  is 
local  (classical,  symmetrical  breathing  of  the  three 
oxygen  atoms  in  the  ring  leaving  boron  atoms  mo¬ 
tionless)  and  decoupled  from  the  other  modes  of  the 
network.  It  shows  up  as  a  sharp  Raman  absorption 
peak  at  100.2  meV,  a  high  energy  compared  with  the 
splitting  of  tunneling  energy  levels  (<  10"4  eV  in 
silica),  because  it  stretches  bonds.  This  mode,  dis¬ 
covered  in  1953  by  Goubeau  and  Keller  [18],  has 
been  identified  and  explained  by  Frank  Galeener  [7], 
It  is  not  a  tunneling  mode,  but,  like  tunneling  modes, 
it  is  a  dynamical  signature  of  disorder. 


6.  Topological  transformations  between  z  =  3  and 
z  =  4  networks 

Several  glasses  (B203,  As203,  and  the  chalco- 
genides  As2S3  and  As2Se3,  a- As)  constitute  trivalent 
networks  (the  oxygen,  or  chalcogen  atoms  only  dec¬ 
orating  the  network).  They  do  not  have  tunneling 
modes.  However,  the  first  two  show  sharp  features  in 
their  Raman  spectrum,  which  are  absent  in  elemental 
network  glasses  like  a-As.  These  localized  excita¬ 
tions,  decoupled  from  the  rest  of  the  network,  have 
been  shown  [7]  to  be  symmetrical  breathing  modes 
of  the  three  oxygen  atoms  in  boroxol  rings.  Decou¬ 
pling  from  the  network  is  due  to  the  symmetry  of  the 
motion  of  the  oxygen  atoms,  and  to  boron  atoms 
remaining  motionless  in  these  normal  modes  (as 
shown  by  isotopic  substitution  [7]). 

Although  the  network  of  B203  is  trivalent,  it  is 
not  a  simple  continuous  random  network  as  that  of 
a-As.  The  structure  contains  a  large  number  of 
boroxol  rings,  which  are  (planar)  three-rings  of  z  =  3 
boron  atoms  (with  edges  decorated  by  oxygen,  as 
usual,  i.e.,  (BO)3  rings),  connected  to  the  rest  of  the 
network  by  three  edges. 

As  established  by  isotropic  substitution  [7],  the 
symmetrical  breathing  mode  of  the  three  oxygen 
atoms  in  the  boroxol  ring  is  decoupled  from  the  rest 
of  the  network,  and  shows  up  as  a  sharp  Raman 
peak.  Even  though  most  recent  experimental  and 
theoretical  evidence  supports  the  result  that  80%  of 
the  boron  atoms  in  glassy  B203  are  in  boroxol  rings 

[19] ,  their  existence  is  still  somewhat  controversial 
(see  the  review  of  Hannon  et  al.  in  this  volume  [24]). 

A  boroxol  ring  can  be  regarded  as  the  decoration 
of  a  z  =  3  vertex  by  a  triangle  of  eclipsed  edges, 
called  inverse  T2  topological  transformation  in  foams 

[20] ,  Decoupling  to  the  rest  of  the  network  is  best 
achieved  if  the  bonds  incident  to  the  original  vertex 
are  staggered  (Fig.  2).  So,  structurally,  a  boroxol  ring 
is  simply  a  decorated  vertex  in  a  trivalent  continuous 
random  network  without  three-rings,  but,  because  it 
is  constituted  of  six  atoms  (three  moving  oxygen),  it 
has  sufficient  oscillator  strength  to  show  up  dynami¬ 
cally  as  a  sharp  Raman  absorbtion  peak. 

It  is  easy  to  construct  a  z  =  3  network  from  a 
z  =  4  continuous  random  network,  simply  by  notic¬ 
ing  that  a  z  =  4  vertex  can  be  split  into  two  z  =  3 
vertices  (separated  by  a  staggered  edge)  by  an  ele- 
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Fig.  2.  Boroxol  ring  as  a  decoration  of  a  z  =  3  vertex  (inverse  T2 
transformation).  Dashed  lines  indicate  staggered  edges;  plain  lines 
indicate  eclipsed  edges. 


mentary  topological  transformation,  and  relaxed.  Be¬ 
cause  the  new  edge  is  staggered,  it  cannot  support  a 
flat  interface  and  this  transformation  does  not  occur 
in  foams  where  it  is  not  topologically  stable.  It 
occurs  in  natural  membranes,  where  it  is  a  realization 
of  the  celebrated  Bonnet  transformation  between  T 
and  G  periodic  minimal  surfaces  [21]. 

Consider  three  z  =  4  vertices,  linked  by  two  bonds 
(Fig.  3).  Split  the  middle  vertex  as  above.  The  new 
z  =  3  vertex  gathers  the  new  bond  and  the  two 
linking  bonds.  Further  splitting  of  the  two  side  ver¬ 
tices  completes  the  decomposition  of  the  three  z  =  4 
vertices  into  four  z  =  3  vertices.  Inverse  T 2  decora- 


i 


> 

a  t 

Fig.  3.  Construction  of  a  trivalent  network  from  a  tetravalent 
continuous  random  network.  Staggered  edges  are  dashed.  Full 
vertices  have  z  =  3,  open  vertices  z  =  4. 


tion  of  the  central  vertex  creates  the  boroxol  ring.  If 
the  two  bonds  of  the  original  z  =  4  network  are 
staggered,  the  linking  bonds,  like  the  new  bond,  are 
also  staggered,  and  the  boroxol  ring  is  best  decou¬ 
pled  from  the  rest  of  the  lattice.  If  one  original  bond 
is  eclipsed,  the  linking  bond  is  also  eclipsed,  and  the 
decoupling,  although  possible,  is  less  clear.  Normal 
modes  of  a  larger,  planar  structure  of  two  or  more 
boroxol  rings  separated  from  the  network  by  stag¬ 
gered  bonds  will  show  up  in  the  Raman  spectrum. 

Recall  that  a  z  =  4  network  is  the  natural  scaf¬ 
folding  for  a  three-dimensional  structure.  The  ease 
with  which  it  can  be  split  and  decorated  into  boroxol 
rings  make  it  understandable  why  so  many  boron 
atoms  are  on  boroxol  rings  [19].  This  construction 
can  be  applied  to  binary  borate  glasses,  which  are 
mixed  z  =  3  and  z  =  4  networks. 


7.  Conclusions 

Tunneling  modes  are  located  on  odd  loops  in 
z  =  4  network  glasses.  They  can  be  summarized  in 
three  statements.  (1)  Fig.  1  (two  equivalent  classical 
configurations  about  an  odd  ring,  representative  of  a 
closed  loop).  (2)  Gauge  invariance  implies  that  tun¬ 
neling  must  occur  (Eq.  (2)).  (3)  This  leads  to  a 
ground  state  landscape  and  excitation  spectrum  which 
is  a  direct  product  of  independent  tunneling  modes 
between  degenerate  classical  sectors.  The  experimen¬ 
tal  evidence  that  many  tens  of  atoms  are  involved  in 
the  tunneling  process  is  indeed  consistent  with  the 
present  model.  Each  classical  configuration  involves, 
at  least,  all  the  Si  atoms  on  the  rings  constituting  one 
odd  loop.  The  average  size  of  a  loop  can  be  inferred 
to  be  about  10  edge  lengths,  by  maximum  entropy 
consideration  (see  Section  4)  or  through  the  near¬ 
perfect  homogeneity  of  glass  beyond  one  unique 
length  scale  (  ~  4  nm  in  window  glass),  which  is  also 
the  screening  distance  for  stresses.  This  involves  a 
considerable  number  of  atoms,  but  moving  very 
little. 

Topological  disorder  shows  up  in  the  random 
network  at  two  levels:  the  distribution  of  odd  lines  is 
random,  and  there  is  no  generative  symmetry.  The 
space  group  is  trivial,  but  even  the  involution  associ¬ 
ated  with  the  bonds  (reflection)  never  adds  up  to  a 
consistent  action  on  odd  rings.  It  is  indeed  the  action 
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of  this  involution  which  differentiates  odd  and  even 
rings. 

It  is  in  the  gauge  parameter  that  the  physical 
characteristics  of  the  material  are  to  be  found,  and 
one  would  have  expected  solid  state  physics  to  col¬ 
lect  various  gauges  like  stamps.  Not  at  all.  Gauge 
transformations,  the  permutations  between  bonds,  are 
universal,  like  their  sources,  the  odd  loops  in  the 
network.  They  have  spectacular  and  direct  physical 
consequences  in  the  low-temperature  behaviour  of 
glass.  Odd  loops  have  been  observed  indirectly  by 
etch  pits  [22]  and,  probably,  directly  in  electron 
microscopy  by  Liu  et  al.  [23]. 

The  chemical  bond  is  the  main  actor  in  a  gauge- 
invariant,  disordered  solid:  as  the  energy-carrying 
connection,  and  as  the  geometrical  constituent  of  the 
odd  rings  and  loops  responsible  for  frustration  and 
tunneling  modes.  There  is  one  pair  of  tunneling 
modes  per  odd  loop.  It  is  also  the  agent  of  the 
transformation  from  tetravalent  to  trivalent  random 
networks,  and  decorates  the  vertices  of  the  latter  in 
boroxol  rings. 

Thus  glasses,  with  their  somewhat  complicated 
ground  state  and  very  simple  elementary  excitations 
(direct  product  of  tunneling  modes  or  ring  modes), 
are  exact  opposites  from  crystalline  solids. 

The  author  is  very  grateful  to  Adrian  Wright  for  a 
telephonic  tutorial  on  boroxol  rings.  Part  of  this  work 
was  done  at  Imperial  College,  London,  and  written 
up  at  the  Isaac  Newton  Institute,  Cambridge,  UK. 
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Abstract 

Results  of  recent  molecular  dynamics  simulations  and  quasielastic  neutron  scattering  experiments  performed  on  several 
glass-forming  materials  are  discussed  and  analyzed  to  show  that  they  are  in  agreement  with  the  fundamental  laws  of 
relaxation  proposed  by  the  coupling  model.  Specifically,  these  results  exhibit  the  existence  of  a  temperature  independent 
time,  at  which  the  correlation  function  crosses  over  from  an  exponential  form,  exp  -  (f/r0),  which  holds  for  t  <  tc  to  a 
stretched  exponential  correlation  function,  exp  —  (t/r  *  Y  ”,  which  holds  for  t  >  tc.  Continuity  of  the  correlation  function  at 
t  =  tc  leads  to  the  important  relation:  r  *  =  [tc  «T()]1/(i”«)  which  has  been  formerly  applied  to  explain  many  aspects  of  the 
dynamics  of  glass-forming  materials.  The  characteristics  of  t0  indicate  that  it  is  the  relaxation  time  of  an  independently 
relaxing  species  in  accordance  with  the  model. 


1.  Introduction 

The  glass  transition  is  one  of  the  oldest  problems 
in  physical  science  that  has  still  not  been  resolved. 
One  can  date  the  first  study  of  the  glass  transition  to 
prehistoric  times,  when  Babylonians  and  Egyptians 
made  glass  from  desert  sand.  Over  the  course  of  time 
many  different  kinds  of  glass-forming  materials  have 
been  found.  Today  we  have  glasses  formed  from 
inorganic,  organic,  metallic  and  polymeric  materials. 
The  study  of  the  dynamics  of  glass-forming  liquids 
and  the  search  for  a  basic  understanding  of  the  glass 
transition  phenomenon  have  not  abated.  In  fact  re¬ 
cently  there  is  renewed  interest  from  the  physics 
community  in  this  problem,  as  evidenced  by  the 
applications  of  microscopic  probe  experiments  in- 
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eluding  quasielastic  neutron  scattering  [1-6]  and 
molecular  dynamics  simulations  [7-9].  We  have  also 
witnessed  a  surge  in  theoretical  efforts  to  interpret 
these  experiments  [10-12].  Quasielastic  neutron  scat¬ 
tering  (QENS)  experiments  and  molecular  dynamics 
simulations  (MDS)  can  both  monitor  the  dynamics 
of  glass-forming  liquids  in  the  short  time  regime 
defined  (approximately  10”14<f<10  9  s).  This 
ability  is  to  be  contrasted  with  the  much  longer 
timescale  (typically  10 2  s)  associated  with  the  con¬ 
ventional  glass  transition  temperature,  Tg.  In  spite  of 
this  disparity  in  timescales,  QENS  and  MDS  are 
crucial  as  microscopic  probes  that  can  critically  test 
any  microscopic  theory  or  model  of  the  glass  transi¬ 
tion. 

QENS  and  MDS  data  have  been  published  in  the 
literature.  The  principal  experimental  results  for  dif¬ 
fusive  motion  of  the  atoms  are  contained  in  (i)  the 
van  Hove  self-correlation  function  defined  by 
Gs(r,  t)  =  <  5[{rj(Q  -  ^(0)}  -  /*]),  or  (ii)  equiva- 
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lently  the  intermediate  scattering  function  defined  by 
FS(Q,  t)=(cxp{-iQ[ri(t)-ri(0)]}),  which  is  the 
spatial  Fourier  transform  of  Gs(r,  t\  or  (iii)  the 
dynamic  structure  factor,  Ss(Q,  o)\  given  by  the 
temporal  Fourier  transform  of  FS(Q,  t)  or  (iv)  the 
susceptibility,  *"(Q,  (o\  which  is  the  product 
t oSs(Q ,  o)).  Experimental  data  represented  by  any  of 
these  functions  contain  contributions  not  only  from 
the  diffusive  motion  of  the  atoms  but  also  from  their 
vibrations  (i.e.,  phonons).  Thus,  in  comparing  exper¬ 
iment  with  theory,  it  is  of  paramount  importance  to 
take  into  account  the  contribution  of  phonons  to  the 
relaxation  data.  There  is  evidence  that  relaxational 
and  vibrational  scattering  are  statistically  indepen¬ 
dent  processes,  which  justifies  writing  the  intermedi¬ 
ate  scattering  function  as  a  product  FS(Q ,  t )  = 
FX^M  ^Phonon(e,  t)  and  the  dynamic  structure 
factor  as  a  convolution  Ss(Q ,  (o)  =  5relax(0,  oj)  <8> 
Sphon0n(j2>  <u).  This  paper  describes  comparisons  of 
experimental  data  with  a  theory  of  relaxation  in 
complex  correlated  systems  now  generally  referred 
to  as  the  coupling  model  [13,14].  These  comparisons 
show  the  Q  and  t  dependences  of  Freiax(g,  t)  are  in 
accord  with  the  predictions  of  the  coupling  model. 
Parameters  characterizing  the  relaxation  process  ex¬ 
tracted  from  FS(Q,  t)  are  found  to  have  the  physical 
meaning  required  by  the  coupling  model. 

2.  The  coupling  model 

The  coupling  model  since  its  introduction  in  1979 
has  repeatedly  offered  an  accurate  description  of 
cooperative  relaxation  processes  in  dense  packed 
correlated  systems  such  as  glass  forming  liquids  [14]. 
It  proposes  the  existence  of  a  temperature  insensitive 
crossover  time,  tc,  separating  two  time  regimes  in 
which  the  dynamics  of  relaxation  differ.  While  the 
existence  of  tc  is  suggested  by  theoretical  considera¬ 
tions  [13],  its  exact  magnitude  is  not  known  a  priori. 
Order  of  magnitude  estimates  of  tc  obtained  from 
comparing  experimental  data  with  the  predictions  of 
the  coupling  model  locate  it  within  the  range  10  12 
</c<10-11  s  for  local  segmental  relaxation  in 
polymers  and  translational  and  rotational  motions  in 
small  molecular  van  der  Waal  liquids.  An  estimate 
roughly  of  10-12  s  has  been  suggested  for  ion 
motion  in  alkali  borate  glasses  [15]. 


At  short  times,  for  t  <  tc,  the  units  relax  indepen¬ 
dently,  as  if  the  intermolecular  interaction  had  no 
effect,  with  a  rate  W0  =  l/r0.  However,  for  t>tc, 
intermolecular  interaction  or  constraints  take  hold, 
and  on  the  average  slow  the  independent  relaxation 
rate.  The  result  is  that  the  effective  relaxation  rate 
obtained  by  averaging  over  all  units  has  the  time-de¬ 
pendent  form  W(t)  a  W0(t/tcyn,  where  n  (0  <  n  < 
1)  is  the  coupling  parameter  indicating  the  degree  of 
intermolecular  cooperativity.  As  far  as  the  normal¬ 
ized  correlation  function,  C(t ),  for  translational  or 
rotational  motion  is  concerned,  the  immediate  conse¬ 
quence  are 

C(t)  =  exp(-*/r0)  fort<tc;  (1) 

C(t)  =  exp  -  (t/r  * /  "  fort>tc.  (2) 

The  important  relation  between  r  *  and  r0  given  by 

T‘  =  [fc-»To]1/(1-").  (3) 

is  a  consequence  of  the  requirement  that  the  two 
forms  (1)  and  (2)  of  the  correlation  function  should 
be  continuous  at  the  crossover  time,  tc.  In  many 
occasions  in  the  past  we  have  written  a  similar 
relation  t*  =[(  1  -  «)wc%]1/(1  ~n)  where  the  recip¬ 
rocal  of  <oc  is  the  time  at  which  the  relaxation  rate 
defined  by  ~(1/C(t))  dC(t)/dt  are  equal  for  the 
two  correlation  functions  (Eqs.  (1)  and  (2)).  It  can  be 
easily  shown  that  tc  =  (1  -  Hence  this 

relation  and  Eq.  (3)  are  identical.  The  coupling  pa¬ 
rameter,  «,  through  Eqs.  (2)  and  (3)  describes  the 
effect  that  intermolecular  interactions  (or  constraint 
dynamics)  have  in  slowing  the  relaxation  process. 

The  fractional  exponential  function  given  by  Eq. 
(2)  is  identical  to  the  relaxation  function, 
exp[-(*/r)^],  first  proposed  by  Kohlrausch  [16]  in 
1847  to  describe  his  electrical  and  mechanical  relax¬ 
ation  data.  Compilation  of  data  taken  over  the  past 
hundred  and  fifty  years  indicates  that  the  Kohlrausch 
functions  describe  many  relaxation  processes  in  vari¬ 
ous  families  of  materials  rather  well.  Currently  in  the 
research  community  there  are  many  efforts  to  ex¬ 
plain  the  origin  of  the  Kohlrausch  function  and 
meaning  of  the  fractional  exponent  These  efforts 
other  than  the  coupling  model  include  the  mode¬ 
mode  coupling  theory  of  Gotze  and  Sjogren  [10,17], 
and  the  constraint  theory  of  Phillips  [18]. 
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The  three  coupled  relations  given  by  Eqs.  (l)-(3), 
were  first  proposed  more  than  fourteen  years  ago  and 
have  remained  unmodified  [13,14].  They  look  decep¬ 
tively  simple  but,  in  reality,  when  used  together 
explain  a  host  of  important  and  often  critical  experi¬ 
mental  fact  concerning  the  viscoelastic  response  of 
amorphous  polymers  and  small  molecule  glasses, 
and  the  diffusion  of  ions  in  glassy  ionic  conductors 
[14].  Most  effective  is  the  relation  (3)  between  r  * 
and  r0,  through  which  many  previously  puzzling 
properties  have  been  explained  (for  a  very  recent 
review,  see  Ref.  [14]).  In  these  applications  the 
experimental  data  had  been  obtained  in  the  long  time 
regime  (t »  tc),  which  precludes  direct  observation 
of  the  crossover  at  tc  from  exponential  relaxation  (1) 
to  stretched  exponential  relaxation  (2).  Nevertheless, 
with  the  assumption  of  a  temperature-insensitive  tc , 
the  two  coupled  predictions  (2)  and  (3)  have  been 
successful  in  explaining  experimental  data.  Natu¬ 
rally,  in  view  of  this  good  agreement,  it  is  desirable 
to  directly  verify  the  coupling  model  in  its  entirety 
(i.e.,  the  existence  of  a  temperature-independent  tc 
and  the  result  in  Eqs.  (l)-(3))  either  by  rigorous 
theoretical  proof  or  by  performing  experiments  in 
time  windows  that  span  tc .  Recent  attempts  on  the 
theoretical  front  based  on  the  dynamics  of  chaotic 
Hamiltonians  have  produced  encouraging  results  [13], 
although  there  is  still  a  long  way  to  go  before  the 
problem  can  be  considered  solved.  On  the  other  hand 
direct,  experimental  tests  of  the  coupling  model  can 
be  performed  using  QENS  and  MDS,  which  monitor 


t(s) 


Fig.  1.  (a)  Normalized  intermediate  scattering  function  for  PVC  at  Q 
obtained  from  data  in  (a).  For  450  K,  data  from  different  values  of  < 


the  dynamics  in  the  time  window  of  10-14</< 
10  ~ 9  s,  where  the  expected  crossover  of  relaxation 
dynamics  at  tc  can  be  observed  directly. 

3.  Quasielastic  neutron  scattering 

The  quasielastic  neutron  scattering  measurements 
were  made  by  Colmenero  and  co-workers  [5,6]  using 
the  TOF  spectrometer  IN6  at  the  Institut  Laue-Lan- 
gevin,  Grenoble,  France.  The  incoherent  scattering 
function,  S(Q,  w),  was  obtained  for  various  scatter¬ 
ing  wavevectors,  Q,  in  the  range  0.2  <  Q  <  2  A-1 
and  energy  transfer,  hco,  up  to  5  meV  at  constant 
temperatures  in  the  range  Tg~  8  <T  <Tg  +  100  K. 
The  poly(vinylchloride)  (PVC)  sample  studied  has  a 
glass  temperature  Tg  =  358  K  and  a  number-aver¬ 
aged  molecular  weight  Mn  =  4.55  X  10 4.  The  relax¬ 
ation  contribution,  ,Srelax(g,  to  the  scattering  was 
isolated  after  removal  of  the  harmonic  vibrational 
contribution  from  the  measured  S(Q,  co),  taking  into 
account  the  instrument  resolution.  Fourier  transform 
of  Srelax((?,  oj)  gives  the  normalized  intermediate 
scattering  function  I0(Q,  t )  =  Frelax(g,  /).  The  re¬ 
sults  are  reproduced  in  Fig.  1(a)  for  different  temper¬ 
atures  at  a  constant  Q  value  of  1.5  A-1.  It  can  be 
seen  that,  independent  of  T  and  Q ,  all  the  intermedi¬ 
ate  scattering  functions  exhibit  a  break  in  curvature 
at  a  time  of  about  1.7  ps,  signifying  a  crossover  of 
/0(<2,  t)  from  one  regime  at  short  times  (t  <  1.7  ps) 
to  another  at  long  times  (f>  1.7  ps).  This  crossover 


1.5  A  1  at  different  temperatures  [5].  (b)  Mean  square  displacement 
are  plotted  together  [5]. 
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between  two  different  dynamic  regimes  is  more 
clearly  seen  in  the  mean  squared  displacement  of  the 
scattering  centers,  <r2(0>,  which  can  be  obtained 
from  the  I0(Q ,  t )  data  by  solving  the  equation 
Iq(Q,  t)  =  exp[-Q2(r2(t))/6\.  The  values  of 
< r2(t ))  so  obtained  [5,6]  at  different  temperatures 
are  plotted  against  time  in  Fig.  1(b),  and  the  exis¬ 
tence  over  a  considerably  large  temperature  range  of 
a  T-independent  crossover  time  (approximately  equal 
to  1.7  ps)  is  clear.  In  the  short  time  regime  of  t  <  1.7 
ps,  <r2(0>  is  proportional  to  t,  while  for  t  >  1.7  ps, 
<r2(f)>  at1-"  with  n  =  0.77.  This  sublinear  time 
dependence  of  (r2(t))  was  found  previously  using  a 
longer  time  window  of  10” 11  <t<  10“ 8  s  [19,20]. 
It  has  been  shown  to  originate  from  the  local  seg¬ 
mental  (alpha)  relaxation  of  PVC,  with  a  stretched 
exponential  form,  exp [  — (f/r*(Q,  T))1  "],  for  the 
intermediate  scattering  function. 

To  see  if  this  crossover  corresponds  to  the  one 
proposed  by  the  coupling  model,  the  intermediate 
scattering  function  data  in  the  short  time  regime  was 
fitted  by  [5,6] 

J0{Q,  t)  =  exp  —  (t/r0(Q,  T))  for  t  <  1.7  ps 

(4) 

and  the  data  in  the  long  time  regime  by  the  stretched 
exponential  (see  Fig.  1(a)) 

/0(<2,  0  =exp-  [t/r* (Q,  r)]1  " 

for  t  >  1.7  ps  (5) 

with  the  exponent  1  —  n  taken  to  be  that  obtained 
from  (  r 2(t))  a  ti~n  (i.e.,  1  —n  —  0.23  for  T  =  430 


and  450  K  (see  Fig.  1(b))).  While  fits  to  Eq.  (4) 
(solid  curve  in  Fig.  1(a))  in  the  short  time  regime 
have  been  carried  out  successfully  in  the  entire  tem¬ 
perature  range,  fits  to  Eq.  (5)  in  the  long  time  regime 
can  be  carried  out  with  confidence  at  only  the  two 
highest  temperatures,  430  and  450  K,  where  the 
/0(<2,  T )  data  decrease  significantly  with  time,  be¬ 
fore  being  cut  off  by  the  long  time  edge  of  the  time 
window.  These  fits,  shown  as  dashed  curves  in  Fig. 
1(a),  describe  well  the  experimental  70(g,  T)  at 
T  =  430  and  450  K. 

From  these  fits  of  the  experimental  data  in  the 
two  separate  time  regimes  using  Eqs.  (4)  and  (5),  r0 
and  r  *  were  obtained  as  a  function  of  Q  and  T .  For 
t0  it  was  found  that 

r0(Q,  T)  gc  Q~2  exp[(5.8  kcal/mol)/KJ] .  (6) 

The  Q  2  dependence  indicates  simple  diffusion  of 
the  scattering  centers,  consistent  with  independent 
relaxation  of  local  segments  without  the  intermolecu- 
lar  interaction  expected  for  t  <  tc.  The  Arrhenius 
temperature  dependence  is  valid  over  a  temperature 
range  and  has  an  activation  enthalpy  of  about  6 
kcal/mol.  This  enthalpy  is  comparable  to  the  con¬ 
formational  energy  barrier  of  a  PVC  chain  deduced 
before  from  different  measurements  [21].  Such  a 
temperature  dependence  provides  additional  support 
for  the  coupling  model  interpretation  of  the  short 
time  ( t<tc )  dynamics.  On  the  other  hand,  for  r*, 
combining  the  current  TOF  neutron  scattering  data 
with  the  previously  published  neutron  backscattering 
data,  we  find  t*  oc  Q  9,  similar  to  earlier  results 


lOOO/IXK'1) 


Fig.  2.  (a)  ^-dependences  of  t0  and  r  *  [5].  (b)  ^-dependences  of  r0  and  t  *  [5]. 
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[19,20]  based  on  backscattering  data  alone.  Substitut¬ 
ing  tq(Q,  T )  given  by  Eq.  (6)  into  Eq.  (3),  recalling 
the  fact  that  tc  is  independent  of  Q  and  T  and 
n  =  0.77,  the  coupling  model  predicts 

r*(Q,T)aQ-2^-0^ 

Xexp{25  (kcal/mol )/RT}.  (7) 

These  predicted  temperature  and  Q  dependencies  of 
t()  and  r*  are  summarized  and  illustrated  respec¬ 
tively  in  Figs.  2(a)  and  (b).  The  predictions  are  in 
good  agreement  with  the  experimental  data.  Similar 
results  have  been  obtained  for  other  polymers  includ¬ 
ing  poly(vinylmethylether),  polybutadiene  and  poly- 
isoprene  [22].  Thus,  we  conclude  that  neutron  scat¬ 
tering  data  directly  corroborate  the  coupling  model. 

Questions  can  be  raised  on  the  plausibility  of  the 
observation  of  diffusive  motion  (consistent  with  the 
Q  2  dependence  of  r()  in  Eq.  (6))  in  the  short  time 
regime  of  3  X  1(T13  <  t  <  tc.  In  fact,  the  existence 
of  a  multitude  of  high  frequency  vibrational  (bond 
bending  and  stretching)  modes  provides  the  fast  vari¬ 
ables  (i.e.,  heat  bath)  that  enable  ‘diffusion’  of  the 
hydrogen  as  seen  by  the  neutrons.  In  the  next  section 
we  discuss  molecular  dynamics  simulation  of  small 
molecule  liquids  and  polymers.  In  these  simulations 
[7-9],  the  same  crossover  phenomenon  seen  by  inco¬ 
herent  neutron  scattering  are  obtained,  with  similar  tc 
for  both  Fs(q ,  t)  and  the  reorientational  time  correla¬ 
tion  function,  Mk(t)  =  (Pjcos  0(/)]>,  where  Pk(x) 
is  the  Legendre  polynomial  of  order  k ,  and  0{t)  is 
the  reorientation  angle  of  a  vector  at  time,  t.  For 
reorientational  motion,  the  rotational  diffusion  relax¬ 
ation  time  does  not  have  any  g-dependence,  and  it  is 
obvious  that  rotational  diffusion  can  occur  on 
timescales  of  the  order  of  a  picosecond. 


4.  Molecular  dynamics  simulations 

In  recent  years  improvement  in  the  technique  has 
made  molecular  dynamics  simulation  (MDS)  a  pow¬ 
erful  tool  to  investigate  the  dynamics  of  molten  salts 
[7],  glass-forming  small  molecule  liquids  [8]  and 
polymers  [9].  Realistic  potentials  have  been  used  to 
represent  the  interactions  between  the  molecular 
units,  making  the  results  of  computer  experiments  as 
quantitatively  accurate  as  actual  experiments.  In  ad¬ 


dition,  information  extracted  from  MDS  are  often 
richer  than  that  from  real  experiments.  Thus,  these 
MDS  data  provide  additional  tests  of  the  theoretical 
basis  of  the  coupling  model.  In  this  section  we 
analyze  one  set  of  MDS  data  [9]  and  show  that  the 
results  confirm  the  coupling  model’s  description  of 
the  dynamics. 

Roe  [9]  has  performed  MDS  of  polyethylene  (PE). 
The  intermolecular  interactions  are  of  the  short  range 
van  der  Waals  kind,  represented  by  Lennard-Jones 
potentials.  Fs(g,  T )  =  <exp {-iq  ■  [rf(0  -  r-(0)]>, 
where  rt(t)  is  the  position  of  the  zth  segment  at  time, 
t,  has  been  evaluated  for  different  temperatures  and 
several  values  of  the  wavevector,  O.  Results  for 
g  =  1.38  A  are  shown  in  Ref.  [9].  At  temperatures 
<  108  K  there  is  an  initial  decay  of  FS(Q,  T)  which 
can  be  ascribed  to  harmonic  phonons,  with  no  addi¬ 
tional  relaxation  process  observed  in  the  time  win¬ 
dow.  The  assignment  of  the  initial  decay  to  harmonic 
phonons  is  consistent  with  the  plateau  value,  Fs(g ,  T 

large),  being  well  described  by  the  Debye-Waller 
factor,  exp (  —  WQ2T),  where  W  is  a  constant  inde¬ 
pendent  of  g  and  T  [23].  A  semilog  plot  of  the 
Debye— Waller  factor  obtained  from  the  low  tempera¬ 
ture  Fs(g,  T )  data  yields  a  straight  line  which  can  be 
used  to  extrapolate  the  phonon  contribution  to  higher 
temperatures.  This  extrapolation  clearly  indicates  that 
the  contribution  of  phonons  to  FS(Q ,  T)  has  to  be 
taken  into  consideration  at  all  temperatures.  At  tem¬ 
peratures  >  132  K,  additional  relaxation  processes 
appear  in  the  time  window  of  Fig.  3,  making  it 
difficult  to  isolate  the  individual  components.  We 
can  account  for  the  harmonic  phonon  contribution  to 
^s(g,  T)  at  higher  temperatures  by  Fourier  transfor¬ 
mation  of  the  Fs(g,  T )  data  at  low  temperatures  (say 
T  <  108  K),  where  only  the  harmonic  phonons  con¬ 
tribute,  followed  by  scaling  of  the  resultant  dynamic 
structure  factor,  S{Q,  co\  by  the  Bose  factor  and  the 
Debye-Waller  factors  [23].  The  inverse  Fourier 
transform  of  the  scaled  S(Q ,  co)  yields  Fsph(g,  t), 
the  density-density  correlation  function  from 
phonons  at  higher  temperatures.  Assuming  that  scat¬ 
tering  by  harmonic  phonons  and  relaxation  are  statis¬ 
tically  independent  processes,  we  write  the  interme¬ 
diate  scattering  function  as  a  product  Fs(g,  t )  = 
^phonon(g,  gFrelax(g,  t).  Eq.  (3)  can  be  solved  for 
Frclax(<2,  t)  at  any  T.  The  results  can  be  compared 
with  the  predictions  of  the  coupling  model  in  a 
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TIME  (psec) 

Fig.  3.  FphomjQ,  t\  T)  plotted  against  t  for  9  =  1.38  A"1  at 
different  temperatures. 

similar  manner  as  done  previously  by  Colmenero 
and  co-workers  [5,6]  using  their  QENS  data. 

In  this  paper  we  model  the  phonons  contributing 
to  ^phonon (G,  t\  T)  at  temperature,  T,  by  a  Debye 
spectrum  with  density  of  normal  modes,  gD(co), 
represented  in  the  form  of  gD(w)  =  (3/2tt2) 
(d)2/c2)  =  Kco2  for  (±><a)D  and  gD(o>)^0  for 
w>  a)D.  Although  the  Debye  spectrum  is  only  a 
gross  approximation,  we  use  it  because  of  simplicity 
and  to  avoid  the  possibility  of  biasing  the  final 
results.  Using  a  well  known  expression  [24], 
Fphonon(2’  *;  T)  is  calculated  for  a  Debye  spectrum 
of  phonons  gD(a>)  according  to  the  formula 
Fphonon(0,  T)  =  crt-Q2W(t,  T))  at  T,  where 

W(t,  T)  =  KT2  f  DgD(  o>)[l-cos(  &»r)]  a>~  1 
■'o 

X  [2/(exp (ha>/kT)  -  1)  +  l]  dcu. 

(8) 

The  parameters  K  and  coD  are  adjusted  to  fit  the 
experimental  FS(Q,  t;  T )  obtained  at  the  lowest  tem¬ 
peratures,  where  Frclax(Q,  t;T)=  1  throughout  the 


experimental  range  of  time.  For  the  data  of  Roe  [9]  at 
Q  =  1.38  A~\  we  find  wD  =  5Xl012  rad/s  and 
K  =  6.83  X  KT30.  The  Fphonon(Q,  t;  T)  at  all  tem¬ 
peratures  for  which  Roe  has  made  his  simulations 
are  displayed  in  Fig.  3.  We  can  now  assess  the 
coupling  model  by  examining  whether  the  experi¬ 
mental  Fs(g,  t ;  T)  can  be  represented  at  each  tem¬ 
perature  by 

FS(Q,  t;  T)  =  Fphonon(Q,  f,T) 

(exp  -  (f/T0(r))  for  t  <  fc  ^ 

|  exp  —  (t/r  *  (T))'  "  for  t>tc 

for  a  temperature-independent  tc  such  that  the  conti¬ 
nuity  condition,  exp  -  (t/ r0(D)  =  exp  -  (t/ r  *- 
(77))1'”,  is  satisfied  always  at  t  =  tc.  We  start  by 
first  choosing  a  tc  and  then  for  each  temperature  find 
two  independent  parameters,  t0  and  n  (the  third 
parameter  t*  is  automatically  fixed  by  Eq.  (3)), 
such  that  the  products  on  the  right  hand  side  of  Eq. 
(9)  give  a  good  fit  to  the  experimental  FS(Q,  t ;  T). 
In  carrying  out  this,  we  find  that  for  good  fits  at  all 
temperatures  can  only  be  obtained  for  values  of  tc 
limited  to  a  narrow  range  around  2  ps. 

The  results  of  the  best  fits  for  tc  =  2  ps  are  shown 
in  Fig.  4.  The  Frciax(Q,  t;  T )  used  to  obtain  these  fits 
are  displayed  in  Fig.  5.  At  each  temperature, 
Fre\ax(Q,  t;  T)  is  comprised  of  two  pieces:  exp  - 
(f/r0(r))  for  t<tc  and  exp  -  (t/r  *(r))1_"(r)  for 
t>tc.  The  relaxation  times,  r0  and  r*,  and  the 
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Fig.  4.  Theoretical  fits  (solid  curves)  to  experimental  data  (dotted 
curves)  FS(Q,  t;T)  of  polyethylene. 
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coupling  parameter,  n,  are  plotted  as  a  function  of 
temperature  in  Fig.  6  and  Fig.  7,  respectively.  The 
temperature  dependence  of  r0  is  approximately  Ar¬ 
rhenius  with  an  activation  enthalpy  of  about  Ea  =  2.4 
kcal/ mol.  It  is  apparent  that  the  temperature  depen¬ 
dence  of  t0  becomes  milder  at  high  temperatures 
>  252  K,  which  makes  the  overall  activation  energy 
to  appear  smaller.  Excluding  the  three  highest  tem- 


Fig.  7.  The  coupling  parameter,  «,  as  a  function  of  temperature. 


peratures,  the  activation  enthalpy  is  close  to  3 
kcal/mol. 

The  coupling  parameter  has  the  value  of  0.40  and 
exhibits  a  decrease  at  high  temperatures.  This  de¬ 
crease  of  n  at  high  temperatures  may  be  correlated 
with  the  corresponding  milder  temperature  depen¬ 
dence  of  Tq  seen  there.  The  value  for  Ea  is  roughly 
what  is  expected  for  the  activation  energy  of  the 
conformational  energy  barrier  for  a  single  polyethy¬ 
lene  chain.  As  modelled  by  Roe,  this  is  about  3 
kcal/mol  [9].  This  is  a  striking  agreement  for  the 
microscopic  activation  energy  which  governs  local 
segmental  motion  of  a  single  chain.  The  stretch 
exponent,  f3  =  1  -  n,  determined  for  polyethylene  is 
close  to  that  expected  from  the  empirical  correlation 
between  ft  and  the  steepness  of  the  polymer’s  coop¬ 
erative  plot  [25].  The  coupling  parameter  n  =  0.40 
for  polyethylene  is  smaller  than  that  of  all  other 
polymers  with  bulkier  monomer  structure.  The  much 
larger  coupling  parameter  ( n  =  0.77)  found  for 
polyvinylchloride  (PVC)  from  QENS  as  well  as  di¬ 
electric  and  mechanical  measurements,  arises  from 
its  larger  intermolecular  interaction  due  to  the  polar 
nature  of  the  PVC  backbone.  The  disparity  of  the 
values  of  n  in  PVC  and  PE  is  directly  responsible 
for  the  different  appearance  of  the  Frelax(<2,  t;  T) s 
obtained  for  these  two  polymers  (see  Fig.  1(a)  and 
Fig.  5).  In  PVC  we  see  clearly  a  break  in  the 
^reiax(0>  t\  T)  dX  the  crossover  time,  tc.  For  PE,  the 
break  at  the  crossover  is  less  obvious  (Fig.  5)  due  to 
the  smaller  n.  Nevertheless,  in  PE  the  initial  exp  - 
( t / rn(D)  decay  for  t  <  tc  is  necessary  to  explain  the 
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Fig.  8.  Calculated  *"(«)  at  different  temperatures. 

departure  of  Fs(0,  t;  T )  from  the  phonon  contribu¬ 
tion  ^phonon(&  t\  T )  at  short  times. 

Finally  we  calculate  from  FS(Q ,  t ;  T)  by  tempo¬ 
ral  Fourier  transform  the  functions  S(Q ,  T )  and 
X\Q ,  J).  The  results  for  are  shown  in 

Fig.  8.  The  resemblance  of  these  results  to  those 
obtained  by  depolarized  light  scattering  on 
[Ca(NO3)2]0  4[KNO3]0  6  and  salol  [26]  merits  futher 
discussion,  but  is  beyond  the  scope  of  the  present 
paper. 

5.  Conclusion 

Quasielastic  neutron  scattering  and  molecular  dy¬ 
namics  simulation  data  provide  critical  tests  of  the 
basic  premise  of  the  coupling  model.  From  the  anal¬ 
yses  of  the  data  given  above  for  two  polymers  and 
other  glass-forming  materials  (including  the  molten 
salt  [Ca(NO3)2]0  4[K(NO)3]0  6  [7]  and  ortho-terphenyl 
[8])  not  discussed  here,  we  conclude  that  these  exper¬ 
imental  data  are  in  agreement  with  the  fundamental 
laws  of  relaxation  (specifically,  Eqs.  (l)-(3)  with  a 
temperature-independent  tc)  for  interacting  systems 
as  postulated  by  the  model.  In  addition  to  this  sim¬ 
plicity,  the  model  has  the  virtue  of  being  applicable 
to  different  materials  and  phenomena.  By  means  of 
Eq.  (3),  many  observed  anomalies  can  be  explained. 
Some  examples  that  support  these  claims  can  be 
found  in  a  recent  review  [14]. 
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Abstract 


By  combining  time-  and  frequency-domain  techniques,  the  dielectric  response  of  1-propanol  has  been  measured  in  a 
spectral  range  covering  eleven  decades.  In  particular  it  has  been  demonstrated  that  the  dielectric  loss  due  to  the  main 
relaxation  in  1-propanol  exhibits  the  Debye  width  up  to  timescales  of  1000  s.  In  order  to  extend  the  range  in  which  the 
dynamics  of  propanol  can  be  exploited  to  high  temperatures,  conductivity  relaxation  due  to  ionic  impurities  has  been  used. 
The  occurrence  of  high-frequency  relaxation  processes  has  been  studied  in  both  isomers  of  propanol.  It  is  shown  that  the 
1 -propanol  data  yield  a  master  curve  in  a  previously  suggested  scaling  representation.  However,  owing  to  the  presence  of  the 
high-frequency  excitations,  no  agreement  with  the  universal  scaling  form  is  obtained. 


1.  Introduction 

Amorphous  materials  as  diverse  as  supercooled 
liquids,  metallic  glasses  and  proteins  exhibit  a  wealth 
of  universal  properties  [1].  Well  known  are  the  low- 
energy  excitations  responsible  for  the  anomalous 
thermal  properties  at  temperatures,  T  <  10  K  [2],  and 
for  the  enhanced  vibrational  density  of  states  as  seen 
by  neutron  and  light  scattering  techniques  [3].  Also 
the  vitrification  process  and  the  supercooled  liquid 
state  are  typically  described  by  such  salient  and 
universal  features  as  non-exponential  relaxation,  de¬ 
partures  from  simple  thermally  activated  response 
[4],  physical  aging  [5]  and  cooling-rate-dependent 
thermodynamic  signatures  [6].  A  correlation  among 
several  of  these  features  has  long  been  anticipated 
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[7,8].  By  quantifying  the  behavior  of  amorphous 
matter  using  the  fragility  index,  m  [9],  it  has  recently 
been  documented  that  the  deviations  from  the  Arrhe¬ 
nius  dependence  of  the  relaxation  times  are  con¬ 
nected  with  the  degree  of  non-exponential  relax¬ 
ations  as  well  as  with  many  other  properties  for  a 
large  number  of  glass-forming  materials  [1,6,10,11] 

It  is  well  recognized,  however,  that  monohydric 
aliphatic  alcohols  exhibit  exceptions  from  some  of 
these  correlations  in  several  respects.  Although  the 
hydrogen-network-forming  alcohols  are  intermedi¬ 
ately  fragile,  dielectric  experiments  revealed  a 
monodispersive  primary  relaxation  in  the  audiofre¬ 
quency  range  [12,13].  Also  the  step  A Cp(Tg)  in  the 
specific  heat  at  the  glass  transition  temperature,  T  ,  is 
much  more  pronounced  than  in  non-hydrogen-bonded 
liquids  of  comparable  fragility  [14]. 

Some  of  these  startling  observations  have  been 
rationalized  by  pointing  out  that  a  self-micellization 
phenomenon  may  occur  in  these  materials  [14].  Hence 
the  notion  has  developed  that  monohydric  alcohols 
are  heterogeneous  liquids  in  the  sense  that  a  large 
portion  of  the  molecules  are  involved  in  the  self-as- 
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sembling  process,  while  a  minor  fraction  (percent 
range)  of  molecules  are  not  part  of  the  network 
[12-14].  It  is  also  pointed  out  that  in  nuclear  mag¬ 
netic  resonance  and  low  frequency  viscoelastic  ex¬ 
periments  indications  for  strong  deviations  from 
monodispersive  primary  relaxation  processes  have 
been  obtained  [15]. 

In  order  to  address  the  question  concerning  the 
nature  of  the  primary  relaxation  in  supercooled 
monohydric  alcohols  we  have  studied  the  dielectric 
relaxation  primarily  of  supercooled  1 -propanol  (or 
n-propanol,  CH2OH-CH2-CH3)  but  also  of  2-pro¬ 
panol  (or  iso-propanol,  CH3-CHOH-CH3)  covering 
a  broad  dynamic  range.  Moreover,  conductivity  re¬ 
laxation  has  been  investigated  to  determine  the  diffu¬ 
sion  of  mobile  ions  in  propanol. 

This  paper  is  organized  as  follows.  In  the  follow¬ 
ing  section  we  give  some  experimental  details.  Then, 
in  Section  3  the  experimental  results  obtained  in  the 
frequency  and  time  domains  are  presented.  Finally  in 
Section  4  master  plots  for  the  dielectric  behavior  of 
propanol  are  compared  and  the  temperature  depen¬ 
dence  of  the  relaxation  timescales  are  discussed. 


2.  Experimental  procedures 


The  complex  dielectric  constant,  e  =  e'-ie",  was 
measured  using  two  experimental  set-ups.  In  the 
frequency  domain  (40  Hz  <  v  <  4  MHz),  measure¬ 
ments  were  carried  out  using  an  impedance  analyzer 
(4192A  from  Hewlett-Packard)  while  ramping  the 
temperature  at  rates  of  —0.5-2  K/min  in  order  to 
avoid  crystallization.  For  the  time  range  10_5-104  s, 
a  dielectric  spectrometer  was  used  [16]  which  is 
based  on  a  design  described  by  Mopsik  [17].  Most 
time-domain  experiments  were  carried  out  at  rela¬ 
tively  low  temperatures  at  which  the  tendency  to 
crystallize  is  less  pronounced.  Therefore  the  tempera¬ 
ture  could  be  stabilized,  typically  to  within  +0.1  K, 
during  the  entire  data  acquisition.  The  sample  capaci¬ 
tors  were  of  parallel  plate  design  and  exhibited  empty 
cell  capacitances  of  10-20  pF.  They  were  immersed 
into  the  liquids  which  had  stated  purities  larger  than 
99%  (1 -propanol)  and  99.7%  (2-propanol). 


3.  Results 

Some  dielectric  results  of  propanol  as  taken  in  the 
frequency  domain  are  shown  in  Fig.  1.  In  the  upper 
panel  of  this  figure,  the  real  part  of  the  dielectric 
constant,  e'(T),  of  1-propanol  is  seen  to  exhibit  a 
Curie  type  of  behavior  at  high  temperatures,  which 
for  low  frequencies  is  superimposed  by  conductivity 
contributions  originating  from  the  motion  of  mobile 
(impurity)  ions. 

The  large  steps  in  e'(T)  are  associated  with  the 
primary  or  a-relaxation.  At  somewhat  lower  temper¬ 
atures  indications  for  another  (a'-)  relaxation  process 


Fig.  1.  Temperature  dependence  of  the  dielectric  constant  (a)  and 
loss  (b)  of  1 -propanol.  For  comparison,  the  dielectric  loss  of 
2-propanol  is  also  shown  (c).  Measurement  frequencies  were  0.35, 
2.1,  7.9  and  47  kHz  for  1-propanol  and  0.4,  1.9,  8.6  and  40  kHz 
for  2-propanol.  Note  that  the  high-frequency  permittivities  of 
1 -propanol  are  e*  =  5.2  and  =  2.7.  The  dielectric  losses  are 
plotted  on  a  logarithmic  scale.  The  insets  show  the  temperature- 
dependent  electrical  modulus  as  calculated  from  the  complex 
permittivity  using  Eq.  (1).  Frequencies  are  the  same  as  given 
above.  The  data  have  been  taken  in  steps  of  1  K;  for  the  purpose 
of  clarity  they  are  represented  as  lines. 
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can  be  obtained  from  the  slightly  frequency-depen¬ 
dent  dielectric  constant.  Correspondingly,  the  dielec¬ 
tric  loss,  e ",  of  1-propanol,  shown  in  Fig.  1(b)  on  a 
logarithmic  scale,  in  addition  to  the  main  peak, 
exhibits  a  weak  shoulder  at  low  temperatures.  This 
shoulder  appears  even  weaker  in  2-propanol  (see  Fig. 
1(c)).  At  high  temperatures,  the  ionic  conductivities 
in  both  samples  lead  to  an  increase  in  e"  with 
temperature. 

The  conductivity  relaxation  is  most  clearly  seen 
from  a  modulus  representation  of  the  data.  The  insets 
of  Fig.  1  show  the  imaginary  parts  of  the  electrical 
modulus 

M"  =  e"[(02  +  (02],  (1) 

for  1-  and  2-propanol.  It  is  clearly  seen  that  M"(T) 
peaks  at  temperatures  much  higher  than  the  dielectric 
losses  at  the  same  frequencies.  This  observation  is 
consistent  with  what  has  been  reported  previously 
for  other  supercooled  liquids  [18,19]. 

In  order  to  measure  the  relaxation  behavior  of 
1 -propanol  over  a  broad  dynamical  range  we  have 
used  time-domain  spectroscopy.  The  experiments 
were  performed  by  applying  an  electric  field  to  the 
sample  and  monitoring  the  time-dependent  sample 
capacitance,  C(t ),  at  constant  field.  The  raw  data 
from  this  study,  i.e.,  the  voltages  across  the  feedback 
capacitor  which  are  proportional  to  the  variations  in 
C(/),  are  shown  in  Fig.  2  for  a  number  of  tempera¬ 
tures.  The  shape  of  the  relaxation  function,  C(t\ 
appears  to  be  invariant.  However  it  is  clearly  seen 
that  the  position  as  well  as  the  magnitude  of  the  step 
in  C(t)  depend  strongly  on  temperature,  consistent 


l°910[t  (sec)] 


Fig.  2.  Voltage,  (J,  across  the  feedback  capacitor  versus  the 
logarithm  of  time.  The  variation  in  U  is  proportional  to  the 
polarization  of  1 -propanol.  Temperatures  from  left  to  right  are 
130.0-102.0  K  in  steps  of  2.0  K. 


log10[v(Hz)] 

Fig.  3.  Real  part  (a)  and  imaginary  part  (b)  of  the  dielectric 
constant  of  1-propanol.  The  solid  lines  are  calculated  using  the 
Debye  expression,  Eq.  (3).  This  equation  yields  good  fits  except 
for  frequencies  that  are  much  larger  than  the  peak  frequencies, 

with  the  observations  apparent  from  Fig.  1.  In  order 
to  allow  for  a  direct  comparison  of  both  sets  of  data, 
we  have  transformed  the  C(t )  data  into  the  fre¬ 
quency  domain  using  [17] 

e(  cu)  =  e.x  +  -7-  f  c(t)  Qiu>t  dt.  (2) 

C0  Jo 

Together  with  the  data  measured  directly  in  the 
frequency  domain  the  complex  dielectric  constant, 
e(w),  of  1 -propanol  is  thus  obtained  in  a  frequency 
range  covering  11  decades  (see  Fig.  3).  The  solid 
lines  in  this  figure  have  been  calculated  using  the 
Debye  form 

e(»  =  e,  +  (es- ex)(l  +  i2i T*'Ta)“'.  (3) 

This  equation  describes  the  dielectric  response  in 
systems  in  which  the  dynamics  are  governed  by  a 
single  relaxation  time  ra.  In  Eq.  (3)  the  high- 
frequency  permittivity  is  denoted  by  ex,  and  ( es  —  ej 
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is  the  dispersion  strength.  Eq.  (3)  provides  a  good  fit 
to  the  experimental  results  except  for  frequencies 
about  1.5  orders  of  magnitude  larger  than  the  peak 
frequencies  as  can  be  seen  in  Fig.  3(b). 

4.  Discussion 

The  deviations  from  the  Debye  relaxation  process 
are  most  clearly  revealed  by  double-logarithmic  plots 
of  the  dielectric  loss,  normalized  to  peak  frequency, 
va,  and  peak  amplitude  e"ax.  Master  plots  for  both 
propanol  isomers  are  shown  in  Fig.  4.  It  is  clearly 
seen  that  the  deviations  showing  up  at  high  frequen¬ 
cies  are  more  pronounced  in  1-propanol.  This  obser¬ 
vation  is  consistent  with  the  fact  that  the  low-temper¬ 
ature  shoulders  visible  in  the  dielectric  loss,  e"(T), 
presented  in  Fig.  1(c)  are  only  relatively  weakly 
developed.  Therefore  it  can  be  ruled  out  that  the 
high-frequency  contributions  to  e"(T)  of  1-propanol 
are  entirely  due  to  those  excitations  which  are  uni¬ 
versally  observed  in  other  amorphous  materials 
[4,20].  This  is  most  convincingly  demonstrated  by 
scaling  the  dielectric  loss  into  the  form  (1  /W)x 

logioKe'VC. xVWOl  versus  U/W)  x  (1  + 

1/W)  X  \og10(v/va)  shown  in  Fig.  5.  This  type  of 
representation  has  been  shown  by  Dixon  et  al,  [4]  to 
lead  to  the  collapse  of  data  from  many  different  glass 


Fig.  4.  Master  plot  of  the  dielectric  losses  (represented  as  solid 
lines)  measured  for  1 -propanol  (1)  and  2-propanol  (2).  The  data 
have  been  normalized  with  respect  to  the  peak  frequency,  va,  and 
to  the  local  maximum  in  the  dielectric  loss,  e"ax.  The  solid  line 
shows  the  shape  of  the  loss  according  to  the  Debye  equation.  The 
ordinate  axis  applies  to  2-propanol.  The  data  for  1 -propanol  have 
been  shifted  upwards  by  one  order  of  magnitude. 


1/Wx(1  +  1/W) x  log10(v/va) 

Fig.  5.  Dielectric  loss  of  1-propanol,  scaled  according  to  the 
procedure  suggested  by  Dixon  et  al.  [4].  The  results  are  compared 
with  the  scaled  data  of  propylene  glycol  [16]  (represented  as  solid 
line)  which  follow  the  master  curve  obtained  by  these  authors.  For 
comparison  the  stretched  exponential  (or  Kohlrausch— Williams— 
Watts  or  KWW)  form  is  represented  as  dashed  line.  Note  that  in 
this  representation  the  KWW  form  is  identical  to  the  Debye  form 
if  W  is  properly  adjusted.  W  is  the  normalized  width  of  the 
dielectric  loss  (in  decades).  Note  that  propanol  exhibits  the  Debye 
width,  W  =  1,  for  which  this  plot  reduces  to  log10[(e"/e"ax)/ 
(v/va)]  versus  2  logn)(v / va). 

formers  onto  a  single  curve  if  the  width,  W,  is 
suitably  chosen  [21]. 

Fig.  5  shows  that  the  results  for  1 -propanol  which 
contain  contributions  from  two  different  processes 
expectedly  do  not  follow  the  scaling  curve  (shown  as 
solid  line).  Flowever  2-propanol  shows  only  slight 
deviations  from  the  universal  curve  at  the  highest 
frequencies  (not  shown).  Nonetheless  a  master  curve 
is  obtained  for  1 -propanol,  indicating  that  the  two 
relaxation  processes  are  closely  related.  In  this  con¬ 
text  it  is  interesting  to  mention  that  it  has  been 
shown  previously  that  the  scaling  does  not  work  at 
high  frequencies  if  contributions  from  ^-relaxations 
are  included  [19].  However  if  only  the  a-relaxation 
is  considered  then  the  scaling  works  not  only  for 
supercooled  liquids  but  also  applies  to  the  cases  of 
amorphous  polymers  [22]  and  orientationally  disor¬ 
dered  crystals  [23]. 

It  is  thus  suggestive  that  the  primary  relaxation  of 
propanol  also  obeys  this  scaling  form.  Then,  by 
subtracting  the  low-frequency  contribution,  it  is  clear 
that  the  high-frequency  process  is  to  be  characterized 
by  a  timescale  and  a  spectral  shape  which  are  differ- 
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Fig.  6.  Arrhenius  plot  of  characteristic  peak  frequencies  of  1 -pro¬ 
panol.  The  open  circles  represent  the  primary  (a-)  relaxation  rates. 
They  have  been  fitted  by  the  Vogel-Fulcher  law,  Eq.  (4),  repre¬ 
sented  as  solid  line.  The  ot'-peaks  appear  at  frequencies  indicated 
by  the  triangles.  The  open  squares  were  obtained  from  the  peaks 
of  the  electrical  modulus  due  to  ionic  conduction.  They  were 
shifted  upwards  by  2.4  orders  of  magnitude  (■)  in  order  to  match 
the  primary  relaxation  times  in  the  overlapping  temperature  range. 


ent  than  those  obtained  previously.  Earlier  workers 
[12,13]  assumed  that  the  dominant  relaxation  exhibits 
the  Debye  shape  described  by  Eq.  (3). 

Finally  we  discuss  the  temperature  dependences 
of  the  various  relaxation  processes  observed  for  1- 
propanol.  The  main  relaxation  represented  by  the 
open  circles  in  Fig.  6  was  followed  over  the  most 
extensive  frequency  range.  The  peak  frequencies,  va , 
were  fitted  to  the  Vogel-Fulcher  law 

v«  =  vo  exp[-£/(r-r0)].  (4) 

The  apparent  activation  energy  normalized  by  the 
glass  transition  temperature,  Tg  =  T(r=  rg),  with  rg 
=  =  100  s  or  the  fragility  index  m  = 

0  iogl0r)/[a(rg/r)]  at  rg  =  105  k  is  m  =  33. 

Conductivity  relaxation  times,  ra  =  (2tt^)_1, 
were  obtained  from  the  peak  frequencies,  va,  of  the 
modulus,  M"(v).  The  modulus  peaks,  within  experi¬ 
mental  uncertainty,  exhibited  the  Debye  shape.  This 
indicates  the  predominance  of  dc  conduction  pro¬ 
cesses.  In  the  temperature  range  where  both  conduc¬ 
tivity  and  primary  relaxation  times  can  be  deter¬ 
mined,  they  can  be  made  to  overlap  by  shifting  vcr 
by  a  factor  of  1.6  X  103  to  larger  values.  A  close 
relationship  between  both  quantities  is  in  fact  sug¬ 


gested  by  a  combination  of  the  Stokes-Einstein  and 
the  Nernst  equations  which  gives 

V„/K  =  ne2/(6itr  e0  eJJx ) .  (5) 

The  high-frequency  shear  modulus,  Gx,  of 
propanol  is  known  [24].  If  one  assumes  that  the 
mobile  ions  carry  one  unit  charge  and  that  their 
radius,  r,  is  of  the  order  of  0.1  nm,  then  their 
number  density  in  our  particular  specimens  is  esti¬ 
mated  to  be  n  ~  2  X  1018  cm-3.  The  main  relaxation 
rates  are  smaller  by  about  a  factor  of  250  as  com¬ 
pared  with  the  high-frequency  relaxation  rates  in 
accordance  with  previous  studies  [12,14]. 

Fig.  6  shows  that  at  the  highest  temperatures  the 
shifted  conductivity  relaxation  rates  do  not  fall  ex¬ 
actly  on  top  of  the  extrapolated  Vogel-Fulcher  fit  to 
the  main  relaxation  rates  [25].  Similar  deviations  in 
other  supercooled  liquids  have  previously  been  taken 
to  signal  the  return  to  Arrhenius  behavior  in  the 
highly  fluid  state  [26].  Another  possibility  is  that  the 
translational  diffusion  as  seen  by  conductivity  relax¬ 
ation  and  the  rotational  diffusion  monitored  by  the 
dielectric  relaxation  follow  different  temperature  de¬ 
pendences  in  different  temperature  ranges.  Of  course 
both  diffusion  processes  are  expected  to  be  inti¬ 
mately  coupled  at  high  temperatures  [27], 

5.  Conclusions 

Our  broad-band  dielectric  investigations  of  1-pro¬ 
panol  have  considerably  extended  the  spectral  range 
as  compared  with  what  has  been  available  in  previ¬ 
ous  studies.  In  particular  we  have  shown  that 

(a)  the  main  relaxation  remains  monodispersive 
at  least  down  to  the  mHz  frequency  range; 

(b)  in  addition  to  the  main  (primary)  relaxation, 
low-temperature  or  high-frequency  dielectric  losses 
show  up  which  are  more  pronounced  in  1-propanol 
than  in  2-propanol; 

(c)  the  mean  rates  characterizing  the  two  pro¬ 
cesses  are  separated  by  2.4  decades  for  1 -propanol  if 
the  main  relaxation  is  assumed  to  obey  the  Debye 
equation,  Eq.  (3); 

(d)  a  collapse  of  the  data  can  be  achieved  by 
using  a  scaling  procedure  which  has  previously  been 
applied  to  supercooled  liquids,  amorphous  polymers 
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and  orientationally  disordered  crystals.  While  the 
data  for  2-propanol  almost  obey  the  previously  uni¬ 
versally  found  master  curve,  clear  deviations  from 
the  universal  behavior  were  detected  for  1-propanol. 

We  have  analyzed  the  conductivity  relaxation  in 
propanol  using  the  electrical  modulus  formalism  and 
found  that  the  conductivity  relaxation  time  is  consis¬ 
tent  with  a  charge  carrier  concentration  of  2  X  10“ 
in  our  1 -propanol  samples  provided  Eq.  (5)  is  appli¬ 
cable. 

Our  investigations  of  supercooled  propanol  con¬ 
firm  the  usefulness  of  the  scaling  procedure  sug¬ 
gested  by  Dixon  et  al.  However,  no  agreement  with 
the  universal  scaling  form  is  obtained.  Although  for 
most  liquids  it  is  not  clear  why  the  scaling  procedure 
works,  for  propanol  it  does  so  because  time-temper¬ 
ature-superposition  is  valid  (cf.  Fig.  4).  Nonetheless, 
it  would  be  most  useful  to  obtain  microscopic  infor¬ 
mations,  e.g.  from  computer  simulations,  about  the 
clustering  phenomena  in  propanol  in  order  to  explain 
the  similarities  and  differences  in  the  dynamic  be¬ 
havior  of  both  isomers. 

Ralph  Chamberlin  is  thanked  for  his  advice  on 
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Abstract 


Correlations  between  the  atomic-scale  structure  and  electronic  properties  in  amorphous  carbon  and  its  hydrogenated 
analogues  are  analyzed.  The  metastable  amorphous  modifications  with  varying  density  2.0-3.5  g/cm3  and  different  amount 
of  hydrogen  have  been  generated  by  density-functional-based  molecular  dynamics  applying  different  annealing  regimes.  The 
atomic-scale  structure  is  characterized  with  special  emphasis  on  comparing  neutron  scattering  with  simulated  diffraction 
data.  The  global  electronic  band  gap  properties  are  related  to  the  chemical  bonding  and  ir-cluster  formation.  While  at  low 
density  the  tt-tt  *  gap  closes  owing  to  the  large  size  of  Tr-clusters  and  the  residual  strain  on  the  Tr-system  from  the  rigid 
bonding  environment,  the  internal  strain  at  high  density  of  3.0  g/cm3  is  maximally  reduced  by  the  separation  of  smaller 
Tr-clusters.  In  the  latter  case,  the  Tr-bonds  optimally  relax  consistent  with  the  opening  of  large  i t-tt  *  gaps  up  to  3  eV.  While 
the  internal  strain  again  increases  with  further  increase  in  the  density,  incorporation  of  hydrogen  at  3.0  g/cm3  additionally 
supports  the  removal  of  internal  strain  by  enforcing  two-phase  separation  tendencies  between  chemically  differently  bonded 
carbon  atoms. 


1.  Introduction 

Carbon  in  combination  with  hydrogen  is  one  of 
the  most  promising  chemical  elements  for  molecular 
structure  design  in  nature.  An  infinite  richness  of 
different  structures  with  an  incredibly  wide  variety 
of  physical  properties  can  be  produced.  Even  the  two 
crystalline  inorganic  modifications,  graphite  and  dia¬ 
mond,  show  diametrically  opposite  physical  proper¬ 
ties.  Whereas  graphite  with  its  typical  layered  sp2 
bonding  planes  is  black,  soft,  lubricating,  electrically 
conducting  and  absorbing,  the  fully  three-dimension- 
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ally  interconnected  sp3  hybridized  brightly  sparkling 
diamond  is  light,  hard,  brittle,  electrically  insulating 
and  transparent.  Graphite,  in  the  planes,  behaves  as  a 
semimetal  due  to  a  non-vanishing  density  of  states 
(DOS)  near  the  Fermi  energy  produced  by  delocal¬ 
ized  iT-states.  By  contrast,  diamond  behaves  as  an 
insulator  due  to  its  large  cr-band  gap. 

By  the  successful  handling  of  different  deposition 
techniques,  many  metastable  amorphous  carbon 
modifications  have  been  prepared  during  the  past 
two  decades  [1].  These  span  the  entire  spectra  of 
physical  properties  between  graphite  and  diamond. 
When  hydrogen  is  added  during  deposition,  the 
structural  spectrum  is  further  enlarged  by  the  poly¬ 
meric  and  hydrogenated  amorphous  carbon  modifica¬ 
tions  which  also  have  interesting  potential  for  techni¬ 
cal  applications. 
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A  fundamental  investigation  of  structure-property 
correlations  in  carbon-based  amorphous  materials  and 
obtaining  insight  into  the  structure  formation  under 
varying  deposition  conditions  are  central  and  rapidly 
developing  topics  in  covalent  amorphous  semicon¬ 
ductor  research.  Whereas  experimental  thin-film 
analysis  only  provides  a  limited  structurally  averaged 
insight  into  these  problems,  molecular  dynamics 
(MD)  modeling  of  atomic-scale  structures  and  re¬ 
lated  theoretical  (structural,  diffraction,  vibrational, 
electronical,  spectroscopical)  data  on  the  basis  of  a 
coupling  between  atomic  and  electronic  degrees  of 
freedom  has  become  a  powerful  tool  in  elucidating 
structure— property  relations  and  mechanisms  for 
structure  formation  [2-5]. 

In  the  following  we  describe  the  current  state  of 
the  art  of  atomic-scale  and  chemical-bonding-related 
characterization  of  amorphous  carbon  materials  and 
their  hydrogenated  analogues  by  applying  a  density- 
functional-based  molecular  dynamics  (DF-MD).  The 
method  and  the  simulation  regime  is  briefly  outlined 
in  Section  2.  The  main  part,  in  Section  3,  reviews 
amorphous  model  structures  that  have  been  gener¬ 
ated  at  different  mass  density  and  composition  by 
applying  different  simulation  regimes  of  various  time 
extension.  Amorphous  structures  of  low  density,  2.0 
g/cm3,  high  density,  3.0  g/cm3,  and  diamond  den¬ 
sity,  3.52  g/cm3,  are  characterized  in  their  energet¬ 
ics,  statistical  structure  and  bonding  properties  in¬ 
cluding  a  detailed  comparison  with  available  neutron 
scattering  data  for  thin-film  materials  having  similar 
densities  [6,7]  and  a  fully  four-fold-coordinated  con¬ 
tinuous  distorted  network  (CDN)  model  generated 
according  to  the  bond  switch  (WWW)  method  [8]. 
As  one  main  goal,  correlations  between  the  global 
band  gap  properties  and  the  detailed  clustering  of 
chemically  differently  bonded  carbon  atoms  are  de¬ 
rived  by  applying  a  local  orbital  analysis.  The 
changes  obtained  in  the  band  gap  value  and  defect 
state  distribution  with  a  variation  of  density,  hydro¬ 
gen  content  and  simulation  regime  are  discussed.  We 
examine  the  size  distribution  of  TT-clusters  and  check 
the  ability  of  ir-bonds  in  these  clusters  to  relax  under 
the  constraint  of  a  strained  rigid  bonding  environ¬ 
ment.  Concluding  in  Section  4,  the  removal  of  inter¬ 
nal  strain  from  the  amorphous  network  by  the  sepa¬ 
ration  of  small  Tr-clusters  between  undercoordinated 
sites  is  discussed  as  the  main  source  for  developing 


large  defect-free  band  gaps  with  steep  band  edges.  A 
further  reduction  of  strain  is  enforced  by  the  incorpo¬ 
ration  of  hydrogen.  This  opens  the  possibility  of 
controling  the  cluster  effects  in  high-density  amor¬ 
phous  carbon  with  special  emphasis  on  band  gap 
engineering  in  these  materials. 


2.  Density-functional  molecular  dynamics 

To  model  the  structure  formation  in  amorphous 
carbon  modifications,  we  have  carried  out  MD  simu¬ 
lations  for  128  carbon  plus  hydrogen  atoms  using 
fixed-volume  cubic  supercell  arrangements  of  vary¬ 
ing  size  in  relation  to  the  microscopic  mass  densities 
and  compositions  to  be  studied.  The  relaxation  of  the 
structures  has  been  realized  by  applying  a  rapid 
cooling  of  a  partly  equilibrated  liquid  at  a  cooling 
rate  10 15  K/s  over  2  ps  and  an  extended  stochastic 
cooling  regime  over  8  ps  [9]. 

The  method  which  may  be  outlined  as  a  hybrid 
density-functional  (DF)  non-orthogonal  tight-binding 
molecular  dynamics  (MD)  [4]  includes  first-princi¬ 
ples  concepts  in  relating  the  Kohn-Sham  orbitals  of 
the  atomic  configuration  to  a  minimal  basis  of  the 
localized  atomic-like  valence  orbitals  of  all  atoms. 
These  valence  electron  orbitals  represented  by  a  set 
of  twelve  Slater-type  functions  along  with  the  poten¬ 
tials  of  single  atoms  in  free  space  are  determined 
self-consistently  within  the  local-density  approxima¬ 
tion  (LDA).  Making  use  of  a  simplified  non-self- 
consistent  DF  scheme  for  the  many-atom  configura¬ 
tion,  the  effective  one-electron  potential  in  the 
Kohn-Sham  Hamiltonian  is  approximated  as  a  sum 
of  contracted  pseudoatom  potentials.  These  pseu¬ 
doatom  potentials  are  introduced  in  consistency  with 
limiting  the  range  of  the  valence  electron  orbital 
extension  by  an  additional  potential  of  the  type 
const .(r/r0)2,  strongly  increasing  for  r  >  r0  (r0  ~  2 
X  the  covalent  atom  radius).  As  a  result,  the  charge 
densities  are  contracted  similarly  to  self-consistently 
obtained  charge  densities  in  molecular  and  crys¬ 
talline  modifications.  Consistent  with  this  approxi¬ 
mation,  we  take  into  account  only  two-center  Hamil¬ 
tonian  matrix  elements  in  the  secular  equation  leav¬ 
ing  a  simplified  general  eigenvalue  problem  for  de¬ 
termining  the  cluster  electron  eigenvalues  and  wave 
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functions  [10]:  cfth^- eiSflv)  =  0.  The  total 

energy  of  the  system  as  a  function  of  the  atomic 
coordinates  can  now  be  decomposed  into  two  parts, 
£„„({*,»  =  EhiJ{R,})  +  Ercp«RrRk}).  The  first 
term  appearing  as  the  sum  over  all  occupied  cluster 
electron  energies  represents  the  so-called  band-struc¬ 
ture  energy,  obtained  at  k  =  0  to  achieve  a  BZ 
sampling  at  the  T-point  for  our  relatively  large  su¬ 
percells.  The  second  term,  as  a  repulsive  energy, 
comprises  the  core-core  repulsion  between  the  atoms 
and  corrections  due  to  the  Hartree  double-counting 
terms  and  the  non-linearity  in  the  superposition  of 
exchange-correlation  contributions.  The  repulsive 
energy  in  a  further  approximation  is  described  by 
short-range  repulsive  two-particle  potentials  which 
are  fitted  to  the  self-consistent  (SCF)  LDA  cohesive 
energy  curves  of  corresponding  diatomic  molecules 
and  crystalline  modifications  over  a  wide  range  of 
the  interatomic  separations.  Examining  carbon  mi¬ 
croclusters  [11],  fullerenes  [12],  bulk-crystalline  and 
amorphous  modifications  as  well  as  diamond  sur¬ 
faces  [13],  experimentally  found  structures  are  repro¬ 
duced.  Moreover,  the  cohesive  energy  versus  inter¬ 
atomic  separation  curves  per  carbon  atom,  as  a  func¬ 
tion  of  structure  and  coordination,  closely  approxi¬ 
mate  results  obtained  by  more  sophisticated  methods 
[14].  A  more  complete  discussion  of  the  transferabil¬ 
ity  of  the  used  DF-based  non-orthogonal  TB  scheme 
to  phases  of  varying  coordination,  finite  systems  and 
different  atom-type  combinations  will  be  given  else¬ 
where  [15]. 


3.  Examination  of  structure  property  correlation 

As  the  result  of  the  simulation  we  have  obtained 
final  metastable  amorphous  carbon  modifications  at 
different  mass  density,  a  selection  of  which  is  shown 
in  Fig.  1  as  side  views.  Different  carbon  hybrids  and, 
in  one  single  case,  the  incorporated  hydrogen  atoms 
are  designated  by  different  colours.  From  the  struc¬ 
tural  images  there  is  a  clear  tendency  for  the  differ¬ 
ent  hybrids  to  separate  from  each  other,  and  to  form 


small  interconnected  subclusters.  Owing  to  the  fixed 
composition  and  constant  atom  number  in  the  hydro¬ 
gen-free  supercells,  the  cohesive  energies  at  different 
densities  have  been  compared  to  determine  the 
high-density  modifications  of  3.0  g/cm3  as  the  mini¬ 
mal  energy  metastable  configurations  under  a  given 
set  of  simulation  conditions  supporting  previous  re¬ 
sults  [4]. 

In  this  paper  we  focus  on  only  three  densities  - 
2.0,  3.0  and  3.52  g/cm1  -  that  are  most  interesting 
from  the  point  of  deposition  and  application.  As  one 
main  goal,  we  show  how  the  structures  and  the 
chemical  bonding  change  with  the  simulation  regime, 
which  has  a  significant  influence  on  the  energetic 
stability  and  the  chemical-bonding-related  global 
electronic  properties  of  the  amorphous  modifications. 

The  increase  in  energy  per  carbon  atom  in  the 
amorphous  systems  relative  to  the  diamond  cohesive 
energy,  A  £at,  together  with  the  structural  and  elec¬ 
tronic  characteristics  of  the  models  are  listed  in 
Tables  1-3.  In  the  upper  part,  we  outline  data  from  a 
pure  statistical  analysis  of  the  structures  [18],  includ¬ 
ing  the  fraction  of  two-,  three-  and  four-fold-coordi¬ 
nated  atoms,  C2,  C3,  C4,  the  mean  bond  length, 
bond  angle,  6,  and  their  standard  deviations,  A,  the 
CC  coordination  number,  kcc ,  and  the  number  of 
rings  according  to  a  shortest  path  analysis,  A/TJgs'8). 

To  prove  the  validity  of  our  model  structures,  we 
provide  the  calculated  neutron  scattering  data  for 
comparison  with  experiments.  From  the  histograms 
of  pair  distances  in  the  models,  we  compute  an 
unbroadened  reduced  radial  distribution  function, 
G'(R),  the  Fourier  transform  of  which  yields  the 
total  interference  function  of  the  models,  F(Q), 
where  g  is  the  momentum  transfer  related  to  a 
scattering  event.  F(Q)  is  directly  proportional  to  the 
well-known  structure  factor  5(g),  which  may  be 
determined  in  neutron  scattering  experiments,  F(Q) 
=  Q  X  [5(g)  -  1].  Since  it  is  instructive  to  investi¬ 
gate  the  structure  in  real  space,  too,  the  experimental 
procedure  in  turn  computes  a  radial  distribution  func¬ 
tion  (RDF)  from  the  measured  F(Q).  However,  the 
RDF  is  usually  broadened  by  means  of  a  window 


Fig.  1.  (001)  view  of  several  models  generated,  (a)  a-C,  p  =  2.0  g/cm3,  DF-MD  rapid  cooling;  (b)  a-C,  p  =  2.0  g/cm3,  DF-MD  extended 
stochastic  cooling,  (c)  ta-C,  p  —  3.0  g/cnr,  DF-MD  rapid  cooling;  (d)  ta-C,  p  =  3.0  g/cm3,  DF-MD  extended  stochastic  cooling; 
(e)  ta-C :  H,  p  =  3.0  g/cm3,  DF-MD  rapid  cooling,  xH  =  30  at.%;  (f)  a-dia,  p  =  3.5  g/cm3,  512  atoms  CDN  model. 
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Table  1 

Structure,  chemical  bonding  and  global  band  gap  properties  of 
low-density  a-C  models  generated  by  rapid  cooling  and  extended 
stochastic  cooling;  A  E'M  is  the  calculated  cohesive  energy  de¬ 
crease  per  carbon  atom  relative  to  the  diamond  energy 


Data 

a-C?Eid 

.,  /-'extended 
“-'w"2.0 

A+3'  (eV): 
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142,l5,26,l15,la 
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function,  D(Q ),  that  is  multiplied  by  the  pure  F(Q) 
before  the  Fourier  transformation  in  order  to  avoid 
unphysical  truncation  ripples  due  to  the  experimental 
limits  in  momentum  space  [19].  As  the  window 
function  we  use  a  Gaussian,  exp(-/3  X  Q  X  Q\  with 
a  damping  constant,  (3  =  0.003,  to  obtain  the  experi¬ 
mental  total  reduced  radial  distribution  functions, 

Table  2 


Structure,  chemical  bonding  and  global  band  gap  properties  of 
high-density  highly  tetrahedral  ta-C(:H)  models  generated  by  rapid 
cooling  and  extended  stochastic  cooling 
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Table  3 


Structure,  chemical  bonding  and  global  band  gap  properties  of 
amorphous  diamond  a-dia  models  generated  by  DF-MD  and  Monte 
Carlo  simulated  annealing  using  the  WWW  algorithm 


Data 

a-dia^g 

a-diae3x’e2nded 
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- 
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- 
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52 

- 

G(R).  The  model  RDFs  to  be  compared  are  obtained 
by  a  convolution  of  G'(R )  with  D(R). 

In  the  lower  part  of  the  tables,  the  global  elec¬ 
tronic  parameters  of  the  amorphous  models  are  sum¬ 
marized.  From  the  calculation  of  total  and  partial 
electronic  densities  of  states  (TDOS,  s  and  p  DOS) 
we  have  estimated  the  HOMO-LUMO  tt-tt  *  band 
gap  splitting,  Ev_jr.,  by  eliminating  the  non-bond¬ 
ing  p-states  around  the  Fermi  energy.  All  other  data, 
the  total  number  of  electronic  defects,  ATdcfccts,  the 
ratios  of  non-bonded  p-  to  bonding  and  antibonding 
7r-states,  np/n7S,  as  well  as  all  p  +  tt-  to  bonding 
and  antibonding  a-states,  np+1!/n<J,  the  mean  p- 
orbital  overlap  between  undercoordinated  sites  rela¬ 
tive  to  that  of  a  C2H4  double  bond,  Ipp/lppx,  and 
the  numbers  of  ir-clusters  having  different  size, 
A^z")1,  have  been  determined  by  a  local  orbital  anal¬ 
ysis  according  to  Stephan  et  al.  [24]. 

For  further  detailed  discussion  of  amorphous  car¬ 
bon  structures  and  hydrogenated  analogues  for  a 
~broad  range  of  mass  densities  between  1.8  and  3.5 
g/cm3,  we  refer  the  reader  to  Refs.  [4,16-18,20-24]. 

3.1.  Low-density  amorphous  carbon ,  a-C,  2.0  g /cm3 

The  models  presented  in  Figs.  1(a)  and  (b)  were 
generated  by  running  two  different  annealing 
regimes,  rapid  and  extended,  within  the  DF-MD 
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calculations.  The  characteristic  structure,  chemical 
bonding  and  electronic  data  are  summarized  in  Table 
1.  It  is  found  that  the  cohesive  energy  take-off  per 
carbon  atom  relative  to  the  diamond  phase,  A £at, 
decreases  when  the  relaxation  time  is  extended  and 
using  optimized  stochastic  cooling  regimes.  In  the 
rapidly  cooled  structure,  formation  of  a  homoge¬ 
neous  dense  structure  has  not  been  achieved.  The 
network  has  low  connectivity  incorporating  a  large 
fraction  of  two-fold-coordinated  atoms,  C2,  as  also 
found  by  Wang  et  al.  [3]  at  2.2  g/cm3  and,  there¬ 
fore,  yielding  a  coordination  number  kcc  <  3.  The 
corresponding  tendency  is  to  build  up  chain-like 
segments  in  this  model  in  conjunction  with  the  gen¬ 
eration  of  double-  and  triple-like  bonds,  which,  due 
to  enhanced  binding  forces,  drives  the  mean  bond 
length,  R},  to  be  smaller  and  the  mean  bond  angle, 
6>,  to  increase  in  the  rapidly  cooled  modification. 
These  effects  are  additionally  manifested  by  the  rela¬ 
tively  weak  ring  formation  tendencies  characterized 
by  the  total  number  of  rings  in  this  structure.  The  sp3 
fraction  with  9%  is  low  and  the  sp2  clustering  is 
additionally  stabilized  by  the  formation  of  TT-bond- 
ing  clusters  which  at  the  considered  low  densities 
percolate  through  the  system. 

By  applying  the  extended  stochastic  cooling,  the 
chemical  bonding  in  the  corresponding  lower-energy 
a-C  modification  changes  considerably  compared 
with  the  rapid  cooling.  The  fraction  of  twofold-coor¬ 
dinated  atoms  has  dropped  to  8%,  simultaneously 
increasing  the  sp3  fraction  to  19%,  which  comes 
close  to  values  obtained  for  smaller  supercell  config¬ 
urations  by  Galli  et  al.  [2]  using  SCF  plane  wave 
calculations  within  the  Car— Parinello  framework.  The 
connectivity  is  strongly  enhanced  which  is  confirmed 
by  the  higher  value  of  kcc  and  the  enhanced  ring 
formation  favouring  six-fold  relative  to  odd-mem- 
bered  rings. 

Fig.  2(a)  shows  the  reduced  RDF  for  the  low-den¬ 
sity  models.  Both  of  the  models  are  capable  of 
reproducing  the  experimentally  observed  peaks  re¬ 
garding  the  position  as  well  as  the  global  form  of 
each  maximum.  There  is  a  misfit  in  the  peak  heights 
for  the  extended  stochastically  cooled  model  and 
some  better  agreement  with  the  experimental  curve 
for  the  rapidly  cooled  model.  However,  for  the  latter 
model  the  first  correlation  sphere  is  clearly  shifted  to 
smaller  atomic  distances,  consistent  with  the  shorter 


energy  (eV) 

Fig.  2.  Diffraction  and  electronic  data  for  the  low-density  a-C 
models,  (a)  reduced  radial  distribution  function  in  comparison 
with  neutron  scattering  data.  [6];  (b)  interference  function  in 
comparison  with  neutron  scattering  data.  [6];  (c)  density  of  states 
for  the  rapidly  cooled  DF-MD  model;  (d)  density  of  states  for  the 
extended  stochastically  cooled  DF-MD  model. 


mean  bond  length  in  the  presence  of  a  relatively  high 
sp  fraction  of  this  model.  For  further  detail,  Figs. 
2(b)— (d)  show  the  corresponding  total  interference 
functions  F(Q\  of  the  two  models  in  comparison 
with  neutron  scattering  results  [6]  and  the  electronic 
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density  of  states  for  the  rapid  (c)  and  extended 
stochastic  cooling  (d).  It  should  be  pointed  out  that 
the  behaviour  of  the  central  double  peak  in  F(Q)  is 
different  for  the  two  low-density  models.  As  a  result 
of  the  different  bond  length  statistics,  there  is  a 
change  in  the  form  of  the  peak  at  Q  ~  13.5  A'1,  too. 
The  differences  in  the  ring  or  medium-range  struc¬ 
ture  discussed  so  far  give  rise  to  some  peak  shift  and 
change  in  the  curve  form  for  low  Q-values.  Compar¬ 
ing  with  the  neutron  experiment,  the  better  overall 
agreement  of  both  curves  in  coordinate  and  momen¬ 
tum  space  is  achieved  for  the  extended  stochastically 
cooled  modification.  However,  this  good  coincidence 
of  the  scattering  and  radial  distribution  function  for  a 
given  model  is  only  one  necessary  condition  for  a 
realistic  model  structure. 

Another  typical  feature  of  low-density  amorphous 
carbon  is  the  existence  of  a  relatively  small  elec¬ 
tronic  gap.  Therefore,  let  us  now  discuss  the  calcu¬ 
lated  DOS  curves,  shown  in  Figs.  2(c)  and  (d),  and 
the  global  electronic  parameters.  As  seen  from  the 
data  listed  in  the  lower  part  of  Table  1,  the  number 
of  non-cr-bonded  orbitals  equals  the  number  of  all 
p  +  17-states  that  dominate  the  TDOS  behaviour  near 
the  Fermi  energy.  The  structure  of  the  tt  bands 
approximately  follows  from  the  ratio  of  the  non¬ 
bonding  to  the  bonding  and  antibonding  states 
/zp/rtTr.  For  the  two  models,  this  ratio  is  very  small, 
which  describes  the  appearance  of  distinct  bonding 
and  antibonding  tt  bands  enclosing  a  strong  pseudo¬ 
gap.  In  changing  again  the  relaxation  from  rapid  to 
extended  cooling,  the  tt-tt  *  splitting  decreases.  This 
is  mainly  due  to  the  formation  of  an  energetically 
more  favourable  77-cluster  distribution  reducing  the 
total  number  of  defects  considerably.  Simultaneously 
the  connectivity  of  the  network  is  enhanced  by  form¬ 
ing  a  larger  fraction  of  a-bonds  (lower  ratio 
nP  +ir/ncr)  enforcing  the  strain  on  the  77-bonds  from 
the  rigid  bonding  environment  and  consequently  de¬ 
creasing  the  mean  p-orbital  overlap  compared  with 
the  rapidly  cooled  structure.  The  electronic  DOS 
shows  a  clear  o-  valence  band  from  20  to  7  eV  below 
the  Fermi  energy  which  is  characterized  by  one 
mostly  s-state  dominated  and  one  p-dominated  peak. 
The  additional  two  maxima  on  both  sides  of  the 
Fermi  energy  correspond  to  the  77  and  77  *  bands, 
the  shape  and  separation  of  which  are  controlled  by 
the  particular  77-cluster  distribution  in  the  two  mod¬ 


els.  For  a  more  detailed  discussion,  we  refer  to  Ref. 

[21]. 

3.2.  High-density ,  highly  tetrahedral  amorphous  car¬ 
bon,  ta-C(:H),  3.0  g  /  cm3 

The  low-density  structures  discussed  so  far  actu¬ 
ally  are  electronically  less  interesting  due  to  their 
strong  tt  bands  determining  the  gap  behaviour  and 
the  minor  fraction  of  fourfold  coordinated  sp3-like 
hybridized  atoms.  Therefore,  many  efforts  were  made 
to  increase  the  fraction  of  these  chemical  species  in 
hydrogen-free  materials  using  ion  beam  techniques 
[25]  and  vacuum  arc  deposition  [18,26].  Weiler  et  al. 
recently  even  reported  on  a  new  type  of  high-density 
a-C :  H  films  prepared  by  a  monoenergetic  rf  plasma 
beam  source  using  C2H2  as  working  gas  [22].  The 
characteristic  properties  of  all  of  these  films  in  rela¬ 
tion  to  the  density  strongly  depend  on  the  energy  of 
deposited  carbon  atoms.  The  sp3  content,  compres¬ 
sive  stress,  hardness  and  optical  gap  are  all  found  to 
pass  through  a  maximum  at  highest  density  values. 
In  the  optimum  energy  range  of  about  90-100  eV 
per  C  atom,  densities  of  2.9-3.3  g/cm3  correspond¬ 
ing  to  sp3  fractions  of  60-90%  were  reported.  Inde¬ 
pendently,  analogous  structures  have  been  found  to 
represent  metastable  minimal  energy  configurations 
[4,5,18,24],  which  is  confirmed  by  the  cohesive  en¬ 
ergy  increase  per  atom  relative  to  diamond  in  Table 
2  by  comparison  with  less-dense  and  more-dense 
structures  generated  by  identical  MD  simulation 
regimes  in  both  rapid  and  extended  versions  (cf. 
Tables  1  and  3).  Simultaneously  the  internal  strain  is 
maximally  removed  from  the  network  by  the  separa¬ 
tion  of  small,  favourably  even  membered,  77-clusters 
between  undercoordinated  sites.  The  separation  of 
77-bonded  pairs  at  3.0  g/cm3  has  also  been  reported 
by  Drabold  et  al.  [5]  using  smaller  supercell  configu¬ 
rations  within  ab  initio  local  orbital  MD.  Table  2  and 
Fig.  3  show  the  results  for  the  two  ta-C  models  (cf. 
Figs.  1(c)  and  (d))  generated  by  the  two  cooling 
regimes.  The  fraction  of  fourfold-coordinated  atoms 
at  3.0  g/cm3  density  reaches  about  two  thirds,  which 
is  slightly  lower  than  usually  reported  experimentally 
and  remarkably  smaller  than  found  by  Drabold  et  al. 
within  their  calculation  [5].  The  sp3  fraction  is  al¬ 
most  unaffected  by  changing  the  simulation  regime 
and  the  additional  incorporation  of  hydrogen,  yield- 
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Fig.  3.  Diffraction  and  electronic  data  for  the  high-density  ta-C(:H) 
models,  (a)  reduced  radial  distribution  function  of  the  hydrogen- 
free  models  in  comparison  with  neutron  scattering  data  [7];  (b) 
interference  function  of  the  hydrogen-free  models  in  comparison 
with  neutron  scattering  data  [7];  (c)  density  of  states  for  the 
rapidly  cooled  DF-MD  model;  (d)  density  of  states  for  the  ex¬ 
tended  stochastically  cooled  DF-MD  model;  (e)  density  of  states 
for  the  rapidly  cooled  hydrogenated  DF-MD  model. 


ing  the  conclusion  that  the  density  constraints  at  3.0 
g/cm3  are  most  important  for  determining  the  final 
chemical  composition  of  the  ta-C(:H)  material. 
Whereas  extended  stochastic  rather  than  rapid  cool¬ 
ing  does  not  significantly  change  the  connectivity  of 
the  network,  given  by  the  ring  statistics,  the  dilution 
by  hydrogen  favours  the  termination  of  a  lot  of 
bonds  and  reduces  the  number  of  rings  drastically. 

We  have  found  3.0  g/cm3  as  an  optimal  density 
at  which  a  minimal  defect  concentration  is  estab¬ 
lished.  At  lower  and  higher  mass  densities,  the  total 
number  of  defects,  Ndefect,  and  the  fraction  of  non- 
bonded  p-electrons  relative  to  the  bonding  and  anti¬ 
bonding  7T- states  increases  as  can  be  seen  in  the 
tables.  The  increase  in  the  tt-tt*  splitting  up  to  3 
eV  compared  with  low-density  materials  is  mainly 
determined  by  the  changing  size  distribution  of  tt- 
clusters  with  respect  to  smaller  ones  (cf.  values  for 
NJZ~ cl  in  the  tables)  and  by  the  ability  of  the  TT-bonds 
to  relax  to  a  mean  value  of  0.6  of  a  C2H2  double 
bond  under  the  constraint  of  a  rigid  sp3  bonding 
environment.  If  we  extend  the  annealing  time  using 
optimized  stochastic  cooling  techniques  at  almost 
equal  defect  distribution,  the  tt-tt*  splitting  drops 
to  2.07  eV.  The  evolution  of  the  tt-tt  gap  in  this 
structure  is  strongly  influenced  by  shifting  the  size 
distribution  of  ir-clusters  to  larger  non-aromatic 
even-membered  clusters  of  up  to  eight  sp2  sites, 
reducing  the  gap  at  an  even  slightly  larger  mean 
p-orbital  overlap.  Both  hydrogen-free  ta-C  models 
have  the  highest  cohesive  energy  and  consequently 
the  lowest  internal  stress  of  all  DF-MD  models 
obtained  so  far.  The  energetic  stability  considered  at 
equal  density,  given  by  A  £at  in  Table  2,  is  even 
further  enhanced  with  extended  stochastic  cooling.  In 
consistency  the  bond  length  and  bond  angle  devia¬ 
tions  are  lowest  in  the  corresponding  model,  whereas 
the  ring  structure  does  not  change  significantly. 

For  completeness,  we  have  included  in  Table  2 
and  Fig.  3  data  for  an  equally  dense  hydrogenated 
model,  ta-C:H,  showing  the  hydrogen-induced  struc¬ 
tural  consequences  in  the  case  of  a  rapid  cooling  run. 
The  stability  of  such  a  high-density  hydrogenated 
modification  has  recently  been  successfully  demon¬ 
strated  [22]. 

The  addition  of  a  relatively  large  amount  of  hy¬ 
drogen  (30  at.%  in  our  studies)  strongly  favours  a 
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further  decrease  of  internal  stress  due  to  the  reduc¬ 
tion  of  the  network  connectivity,  as  can  be  seen  by 
comparing  the  coordination  numbers  and  numbers  of 
rings  in  Table  2.  In  particular,  the  minimal  defect 
densities  given  by  the  small  n  /n^  ratio  and  the 
very  large  tt-tt  *  splitting  of  3.3  eV  correspond  with 
experimentally  obtained  thin-film  structures  [22,27]. 
Similar  to  the  hydrogen-free  counterparts  of  the  same 
density,  this  verifies  the  high  stability  and  high  sp3 
fraction  of  these  novel  ta-C:H  modifications.  Al¬ 
though  the  size  distribution  of  small  t t  clusters  and 
defects  in  both  rapidly  cooled  ta-C  and  ta-C:H 
models  are  very  similar,  the  mean  p-orbital  overlap 
in  the  hydrogenated  structure  reaches  a  maximum  of 
0.73  of  a  C2H4  double  bond.  This  remarkably  ex¬ 
ceeds  the  corresponding  values  for  both  ta-C  models 
and  confirms  the  further  removal  of  internal  strain  by 
the  incorporation  of  hydrogen.  As  a  result  the  77- 
bonds  are  strengthened  in  consistency  with  the 
widening  of  the  77-77  *  splitting  to  3.3  eV. 

Fig.  3(b)  shows  excellent  agreement  of  the  rapidly 
cooled  MD  model  interference  function  with  avail¬ 
able  neutron  diffraction  data  [7],  which,  in  particular, 
compared  with  the  neutron  data  at  low  densities,  is 
characterized  by  a  changing  height  ratio  of  the  cen¬ 
tral  double  peak  at  9  A"1  and  a  shift  of  the  peak 
near  13  A-1  to  the  left.  Owing  to  the  strong  similar¬ 
ity  of  the  local  order  of  the  models  in  both  relaxation 
regimes,  the  radial  distribution  functions  given  in 
Fig.  3(a)  do  not  differ  much.  The  peak  positions  and 
the  peak  slopes  are  described  well  for  both  models. 
The  only  remarkable  difference  in  the  height  and 
width  of  the  first  coordination  sphere  when  compar¬ 
ing  it  with  the  experimental  scattering  data  indicates 
a  slightly  larger  bond  length  deviation  in  the  investi¬ 
gated  thin-film  structure. 

The  electronic  DOS  in  Figs.  3(c)-(e)  show  a  clear 
partition  into  a  low-energy  cr-like  band  and  relatively 
weak  but  well  resolved  77  and  tt  *  shoulders  below 
and  above  EF,  which  still  control  the  energy  pap  in 
the  high-density  ta-C: FI  modification,  developing 
now  steeper  band  edges  as  shown  in  Fig.  3(e).  This 
is  promising  for  doping  which  will  be  studied  in 
future  investigations.  Further,  it  is  apparent  that  all 
three  valence  band  DOS  are  characterized  by  a  third 
strong  feature  due  to  a  split  of  the  underlying  partial 
s  DOS.  The  reason  for  the  low  occupation  of  the 
s-states  around  20  eV  below  Fermi  level  is  under 
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Fig.  4.  Diffraction  and  electronic  data  for  the  diamond  density 
a-dia  models,  (a)  reduced  radial  distribution  function  in  compari¬ 
son  with  that  of  a  four-fold-coordinated  CDN;  (b)  interference 
function  in  comparison  with  that  of  a  four-fold-coordinated  CDN; 
(c)  density  of  states  for  the  rapidly  cooled  DF-MD  model;  (d) 
density  of  states  for  the  extended  stochastically  cooled  DF-MD 
model;  (e)  density  of  states  for  the  512  atoms  WWW-CDN  model. 
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present  investigation  and  the  discussion  should  be 
postponed  to  another  paper  [28]. 

3.3.  Amorphous  carbon  with  diamond  density,  a-dia, 
3.52  g/ cm3 

Finally,  let  us  consider  the  structure  and  physical 
properties  of  a  series  of  models  made  at  diamond 
density.  We  have  generated  two  models  by  applying 
the  two  MD  relaxation  regimes  and  a  Monte  Carlo 
(MC)  method,  which  is  based  on  the  WWW-bond 
switch  procedure  [8]  originally  successfully  intro¬ 
duced  to  describe  amorphous  silicon  properties.  The 
model  has  been  generated  starting  from  a  crystalline 
diamond  cell  inducing  a  sequence  of  locally  relaxed 
bond  transpositions  preventing  the  formation  of 
four-membered  rings.  After  reaching  a  bond  switch 
density  of  one  transposition  per  atom,  the  model  has 
been  finally  relaxed  by  extended  Monte  Carlo  an¬ 
nealing  techniques  allowing  both  bond  transpositions 
and  atomic  vibrations.  The  interatomic  forces  are 
described  by  using  the  Keating  potential  [29].  Details 
of  the  particular  annealing  procedure  will  be  given 
elsewhere  [28].  After  an  equilibration  at  300  K,  we 
obtained  a  completely  fourfold-coordinated  defect- 
free  continuous  distorted  network  (CDN)  [30].  Fig. 
1(f)  shows  the  largest  CDN  generated  in  this  way 
containing  512  carbon  atoms. 

Table  3  lists  the  properties  of  the  two  MD  models 
by  comparison  with  that  of  a  CDN  with  128  atoms. 
As  one  main  outcome,  we  notice  that  the  decrease  in 
cohesive  energy  of  the  CDN  relative  to  diamond  is 
highest.  Considering  the  rapidly  cooled  MD  model, 
the  cohesive  energy  decrease  exceeds  that  of  the 
corresponding  ta-C  model  at  3.0  g/cm3  by  0.09 
eV/atom.  This  again  confirms  the  high  stability  of 
highly  tetrahedrally  bonded  amorphous  carbon  modi¬ 
fications  at  mass  densities  around  3.0  g/cm3.  Re¬ 
garding  the  extended  stochastically  cooled  MD 
model,  however,  the  cohesive  energy  per  atom  is 
only  slightly  lower  than  in  the  ta-C  case  and  repre¬ 
sents  the  most  stable  configuration  of  a  series  of 
a-dia  models.  The  three  models  differ  significantly  in 
their  sp3  fraction.  We  find  that  extended  optimized 
MD  cooling  decreases  the  number  of  undercoordi¬ 
nated  sites  compared  with  the  rapid  cooling  regime. 
The  lowering  of  stress  and  further  gain  in  cohesive 
energy  mostly  results  from  the  changing  size  distri¬ 


bution  of  TT-clusters  in  consistency  with  a  remark¬ 
able  increase  of  the  mean  p-orbital  overlap  between 
undercoordinated  sites.  The  connectivity  of  the  net¬ 
work  determined  by  the  number  of  rings  is  enhanced 
during  extended  cooling.  By  comparing  the  DOS 
behaviour  of  both  DF-MD  models,  shown  in  Figs. 
4(c)  and  (d),  it  is  obvious  that  in  the  rapidly  cooled 
structure  the  large  defect  concentration  dominates 
the  Fermi  energy  region  while  the  tt-it  *  splitting  is 
enhanced  due  to  the  topology  of  three-atom  tt-cIus- 
ters  even  at  lower  mean  p-orbital  overlap  indicating 
high  strain  on  the  Tr-system.  Removing  most  of  the 
defects  and  shifting  the  TT-cluster  distribution  to  only 
sp2  pairs  in  the  energetically  more  stable  extended 
cooled  DF-MD  model  (cf.  values  in  Table  3)  de¬ 
creases  the  tt-it*  splitting.  Nevertheless,  it  is  still 
as  high  as  3.22  eV.  This  relatively  high  value  results 
from  optimal  mean  p-orbital  overlap  in  the  TT-bonded 
sp2  pairs. 

Finally,  for  comparison  let  us  characterize  the 
properties  of  the  CDN  model.  Despite  the  simple 
modeling  procedure  and  the  classical  description  of 
interatomic  forces,  the  statistical  properties  of  the 
CDN  are  in  excellent  agreement  with  the  density- 
functional-based  models.  Moreover,  the  complete  ab¬ 
sence  of  p-defects  is  proven  by  the  same  n-bond 
analysis  as  applied  for  all  the  other  models.  The 
electronic  density  of  states  (see  Fig.  4(e))  supports 
this  impressively.  There  is  a  pure  cr-o*  *  gap  whereas 
both  the  MD  models  exhibit  a  non-vanishing  DOS 
nearby  the  Fermi  level  (Figs.  4(c)  and  (d)).  Further, 
it  should  be  mentioned  that  the  interference  functions 
of  the  three  models  give  very  similar  results  except 
for  some  slight  deviations  in  the  width  of  the  peak  at 
Q  ~  18  A-1  and  in  the  weight  of  the  right-hand  peak 
in  the  central  double  peak  feature,  which  becomes 
only  a  shallow  flank  in  the  absence  of  sp2-like 
atoms.  Regarding  the  reduced  RDFs  (see  Fig.  4(a)), 
the  broadening  of  the  first  peak  for  the  CDN  model 
is  largest  in  agreement  with  the  larger  bond  length 
deviation.  Differences  in  the  position  of  the  second 
correlation  spheres  in  comparing  all  three  models 
reflect  the  effect  of  slightly  different  mean  bond 
angles  obtained  (see  Table  3).  However,  one  should 
keep  in  mind  that  even  this  shell  is  strongly  affected 
by  correlations  between  atoms  that  are  third  neigh¬ 
bours  counting  the  number  of  a-bonds  between  them 
[18].  These  correlations  are  strongly  coupled  to  the 
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ring  structure.  The  appropriate  differences  observed 
have  a  special  influence  on  the  shape  of  the  second 
correlation  sphere  at  large  distances  and  change  the 
behaviour  between  the  second  and  third  maxima  in 
G(R )  remarkably.  Considering  the  ring  structure  in 
the  CDN,  it  is  evident  that  the  number  of  six-mem- 
bered  rings  is  lower  than  for  the  extended  MD 
cooling  and  that  the  number  of  five-membered  rings 
exceeds  the  number  of  seven-membered  rings,  by 
contrast  with  the  MD  models.  This,  in  conjunction 
with  the  broadening  due  to  the  increased  bond  length 
deviation,  could  be  one  reason  for  the  fact  that  the 
already  mentioned  third  central  peak  in  the  valence 
band  found  in  the  DOS  of  the  MD  models  vanishes 
for  the  CDN.  Moreover,  the  presence  of  a  lot  of 
five-membered  rings  in  the  latter  yields  the  lowest 
mean  bond  angle  of  the  three  models  investigated. 

4.  Conclusion 

Using  DF-based  MD  modeling  of  amorphous  car¬ 
bon  modifications  depending  on  the  density  and  the 
simulation  regime,  we  confirm  the  stability  of  the 
high-density  highly-tetrahedral  modifications  at  3.0 
g/cm3.  The  atomic-scale  models  represent 
metastable  minimal  energy  configurations  obtained 
under  the  constraint  of  constant  volume  conditions. 
We  applied  both  rapid  and  extended  stochastic  cool¬ 
ing  regimes.  At  this  high  mass  density,  the  internal 
strain  from  the  network  is  maximally  removed  due  to 
the  separation  of  small,  favourably  even-membered 
Tr-clusters  between  undercoordinated  atoms.  The  size 
distribution  and  the  degree  of  relaxation  of  these 
Ti-clusters  dominantly  determine  the  tt-tt  *  splitting 
and  the  corresponding  electronic  gap  behaviour  in 
these  materials.  While  the  distribution  of  mainly 
Tr-bonded  pairs  in  the  rapidly  cooled  model  extends 
the  tt— tt  *  splitting  to  2.88  eV,  the  formation  of 
larger  Tr-clusters  in  the  more  stable,  less  strained 
extended  cooled  model  gives  rise  to  a  narrowing  of 
the  tt— tt  *  splitting  to  about  2  eV  even  though  the 
mean  p-orbital  overlap  is  higher.  By  the  incorpora¬ 
tion  of  hydrogen  at  the  same  density  under  rapid 
cooling,  the  strain  on  the  TT-system  in  ta-C:H  is 
further  reduced,  forcing  chemically  differently 
bonded  C-atoms  to  separate  on  a  molecular  level.  So, 
in  Fig.  1(e)  we  find  one  relatively  large  compact  sp3 


microcluster  (consisting  of  about  30  blue  atoms)  in 
the  bottom  left  of  the  ta-C :  H  model  which  is  em¬ 
bedded  in  the  amorphous  sp2/sp3  matrix  in  which 
smaller  Tr-clusters  between  undercoordinated  sites 
are  separated  in  a  rigid  sp3  bonding  environment. 
The  size  distribution  of  Tr-clusters  and  the  number  of 
defects  are  very  similar  to  that  of  the  corresponding 
rapidly  cooled  hydrogen-free  structure.  The  hydro¬ 
gen  is  preferably  bonded  to  sp3  carbon  partly  saturat¬ 
ing  the  sp3  microcluster  surface  and  filling  reduced 
density  regions  in  the  sp2/sp3  matrix.  As  a  result, 
the  strain  in  the  amorphous  network  and  conse¬ 
quently  on  the  Tr-clusters  is  reduced  to  the  maximum 
degree  observed  so  far.  This  gives  rise  to  optimal 
p-orbital  overlap  between  undercoordinated  sites  in 
consistency  with  the  largest  theoretically  obtained 
tt-tt  *  band  gaps.  As  the  most  advantageous  config¬ 
uration  for  maximum  reduction  of  internal  stress  and 
thus  developing  large  defect-free  band  gaps  with 
steep  band  edges  suitable  for  doping,  an  optimal 
distribution  of  TT-bonded  sp2  pairs  within  a  minimal 
strained  sp3  matrix  should  be  established  at  certain 
low  hydrogen  concentration  at  high  density.  In  this 
context,  the  comparable  high  stability  of  a  corre¬ 
sponding  CDN  model  of  diamond  density  opening  a 
well-defined  large  cr-~cr*  band  gap  should  further 
stimulate  experimental  efforts  to  control  the  cluster¬ 
ing  of  chemically  differently  bonded  carbon  atoms  in 
order  to  achieve  a  band  gap  engineering  in  carbon- 
based  amorphous  materials. 

Coordinates  of  the  models  discussed  throughout 
this  paper  are  available  upon  request  from  the  corre¬ 
sponding  author. 
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Abstract 

Two  manifestations  of  diffractive  behavior  in  diffusion  in  a  porous  medium  are  reviewed.  The  measured  amplitude, 
M{q,  t),  in  a  pulsed  field  gradient  spin  echo  (PGSE)  experiment  probes  the  pore  structure  using  two  length  scales,  the 
gradient  length  q~~]  and  the  diffusion  length  [D(t)t]1/2.  For  a  suspension  of  monosized  beads,  M(q ,  t )  shows  a  diffraction 
bump  at  a  wave  vector  q  =  2-77/2 R,  R  being  the  radius  of  the  beads.  For  large  q,  M(q,  t )  is  shown  to  be  proportional  to 
r(t)(S/Vp)q  4,  in  analogy  with  the  Debye-Porod  law.  Here  r{t)  is  a  time-dependent  function  that  depends  on  details  of 
the  geometry,  and  S/V p  is  the  surface  to  volume  ratio.  Experiments  on  two  different  suspensions  of  beads  of  known  sizes  in 
the  500  and  50  |xm  range,  respectively,  are  used  as  illustrations.  In  PGSE,  the  measured  signal  amplitude  is  amplified  over 
that  in  phase-suppressed  magnetic  resonance  imaging  and  X-ray  diffraction  because  the  sample  volume  is  replaced  by  the 
volume  enclosed  by  a  diffusion  length. 


1.  Introduction 

Classical  diffraction  phenomena  using  the  scatter¬ 
ing  of  waves  such  as  X-rays,  neutrons  and  electrons 
are  commonly  employed  in  the  structure  determina¬ 
tion  of  condensed  matter.  In  a  periodic  structure, 
sharp  peaks  are  seen  in  the  scattered  intensity  when 
k,  the  difference  between  the  wave  vectors  of  the 
incident  and  the  scattered  waves,  equals  a  reciprocal 
lattice  vector.  In  liquids  and  amorphous  media,  no 
such  sharp  peaks  are  seen,  but  the  scattered  intensity 
might  show  oscillations  and  bumps  as  a  function  of 
k.  In  porous  media,  no  bumps  are  generally  seen,  but 
the  intensity  for  large  values  of  k  falls  off  as 
( S/Vp)k~ 4,  where  S/V] p  is  the  surface  to  volume 
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ratio  of  the  pore  space,  which  is  known  as  the 
Debye-Porod  law  [1].  Debye  et  al.  studied  porous 
catalyst  support  materials  by  X-ray  scattering  and 
used  this  large-/:  behavior  successfully  to  extract 

s/vr 

More  recently,  diffraction  effects  have  been  seen 
in  the  NMR  pulsed  gradient  spin  echo  (PGSE)  exper¬ 
iment  in  which  the  measured  amplitude,  M(q ,  t),  is 
given  by  the  Fourier  transform  of  the  diffusion  prop¬ 
agator.  Callaghan  et  al.  [2]  observed  that  M(q,  t)  of 
water  confined  in  a  pack  of  mono-sized  beads  has  a 
diffraction  bump  at  a  wave  vector  q  =  2tt/2R,  R 
being  the  radius  of  the  beads.  This  has  stimulated 
much  interest  [3,4]  in  obtaining  structural  informa¬ 
tion  from  PGSE.  Similarly,  we  have  recently  ob¬ 
served  the  analog  of  the  Debye-Porod  behavior  in 
the  context  of  diffusion  [5].  We  found  that  M(q,  t ), 
is  proportional  to  (S/Vp)q~4  for  large  q,  in  analogy 
with  the  Debye-Porod  law.  In  this  paper  we  review 
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these  two  results  both  theoretically  and  experimen¬ 
tally. 

In  standard  diffraction,  or  elastic  scattering,  the 
intensity  pattern  comes  from  the  interference  of 
wavelets  coming  instantaneously  from  different  parts 
of  the  system.  Thus  the  scattered  intensity  is  related 
to  the  Fourier  transform  of  the  density-density  corre¬ 
lation  function.  By  contrast,  in  PGSE  experiments 
the  interference  is  between  signals  from  a  diffusion 
walker  at  two  different  space-time  locations.  The 
signal,  M(q ,  t\  is  given  by  the  Fourier  transform  of 
the  diffusion  propagator  and  is  thus  a  function  of 
time,  t ,  as  well  as  the  wave  vector,  q ,  both  of  which 
can  be  controlled  in  an  experiment.  A  feature  of  the 
diffusive  case  is  that  interference  can  only  occur 
between  two  points  that  are  visited  by  the  same 
Brownian  particle  and  thus,  for  example,  interference 
cannot  occur  between  disconnected  pores. 

In  any  experimental  PGSE  system,  one  can  also 
perform  standard  magnetic  resonance  imaging  (MRI). 
This  can  be  used  to  obtain  precisely  the  same  infor¬ 
mation  as  a  classical  diffraction  experiment  [6]. 
However,  as  we  see  below,  for  analysis  of  structure 
on  short  length  scales,  there  is  a  great  enhancement 
of  signal  to  noise  in  PGSE  experiments  as  compared 
with  MRI.  Structure  on  long  length  scales,  however, 
is  not  accessible  to  PGSE  which  is  limited  by  how 
far  a  particle  can  diffuse  during  the  lifetime  of  the 
experiment  (this  is  determined  by  the  NMR  relax¬ 
ation  time).  Thus  each  technique  has  its  natural 
domain. 


where  ^(r)  is  unity  in  the  pore  space  and  zero 
otherwise.  The  diffraction  signal  is  then  given  by 


/( A:)  =  (1/Vp0) /  dr  exp(ik  •  r)S2(r).  (2) 


Note  that  the  integration  above  is  over  the  entire 
sample  volume,  V,  and  the  normalization  is  chosen 
such  that  I(k  =  0)  =  1.  Here  Vp  is  the  pore  volume, 
V  =  4>V\  <j)  is  the  porosity.  In  periodic  structures, 
S2(r)  has  delta  function  peaks  when  r  equals  a 
lattice  vector,  Rlt  so  I(k)  has  peaks  when  k  equals 
a  reciprocal  lattice  vector.  Eq.  (2)  may  be  simplified 
in  an  isotropic,  homogeneous  medium  where  S2(r ) 
=  S2(  |  r  | )  =  S2(r).  We  then  obtain 


4  77  , 


r  r 


sin(  kr) 
kr _ 


^2  (T  )  ' 


(3) 


It  is  clearly  important  to  understand  what  informa¬ 
tion  about  the  pore  space  is  contained  in  S2(r).  In 
fact  S2(r)  has  several  interesting  features  which  are 
discussed  in  Ref.  [7].  For  example,  the  slope  at  the 
origin  is  proportional  to  the  surface-to-volume  ratio 
of  the  pore  space: 

as2(r)/3r|r_0=  -S/(4V).  (4) 

In  Fig.  1,  we  show  a  schematic  representation  of 
S2(r)  for  a  pack  of  spheres  and  the  geometrical 
information  contained  in  it.  Since  S2(r)  is  con¬ 
strained  at  r  =  0  and  °°,  one  can  factor  out  the 
limiting  behavior  and  define  a  new  function,  fir). 


2.  Diffraction  and  MRI 

In  this  section  we  review  the  theory  of  diffraction 
in  a  porous  medium.  For  simplicity,  and  ease  of 
comparison  with  PGSE,  we  define  a  porous  medium 
by  two  random  interconnected  spaces,  one  labeled 
pore  and  one  grain.  The  pore  space  is  taken  to  be 
filled  with  a  uniform  density  of  isotropic,  elastic 
scattering  particles  and  the  grain  space  is  taken  to  be 
transparent,  i.e.  neither  absorbing  nor  scattering. 

It  is  convenient  to  define  the  two  point  correlation 
function,  S2(r),  as 

S2(r)  =  (l/V)f  dr’  X(r')x(r'  +  r),  (1) 


Fig.  1.  Structure  factors,  S2(r),  f°r  model  materials  composed  of 
impenetrable  spheres. 
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containing  the  dynamic  range  of  S2(r): 

S2(r)  =  4>2  +  <f>(  1  -  4>)f(r), 

/(0)  =  1,  /(«>)  =  0.  (5) 

Clearly  f(r)  is  zero  beyond  a  distance  which  is 
much  larger  than  the  largest  relevant  length  scale, 
Amax,  of  the  porous  medium. 

We  can  easily  see  that,  if  S2(r)  has  oscillations, 
I(k)  will  have  bumps.  To  give  a  concrete  example, 
consider  a  random  pack  of  impenetrable  spheres,  a 
system  with  a  structure  factor  similar  to  Fig.  1.  It  has 
been  found  that  the  numerically  generated  S2(r)  for 
impenetrable  spheres  [4]  can  be  fitted  well  [8],  for  r 
up  to  the  sphere  radius,  R,  by 

f(r)  =e~r/a  sin(q]r)/(qir).  (6) 

Here  1  /a  =  -/'( 0)  =  [S/(4Vp]/(l  -<0  =  3/ 
(4 Rcf>),  and  qx  «  ir/R.  It  follows  that 

8tt  a3(  1  -  4 >) 

/(  _ _ v  _ 

[l  +  (k  -  qxy  a2^  [l  4-  (k  +  qx)2 a2^ 

X(l-5„)  +  8M.  (7) 

This  shows  a  bump  when  k~qv  Note  that,  in  a 
more  complicated  porous  medium,  S2(r )  will  not 
have  oscillations  and  hence  I(k)  will  not  show  any 
bumps.  For  example,  Debye  found  that  typically 
catalyst  support  materials  produce  a  diffraction  sig¬ 
nal  corresponding  to  f(r)  =  e~r/a ,  i.e.,  qx  =  0,  and 
the  ‘bump’  in  diffraction  has  disappeared.  In  these 
types  of  porous  media  where  the  diffraction  signal 
does  not  have  an  obvious  signature  of  the  porous 
medium,  Debye  [1]  used  the  large-/:  behavior  to 
probe  the  system. 

The  large-/:  behavior  is  brought  out  by  simple 
integrations  by  parts: 

8tt  9S2(r)  /  1  \ 

f=„  +  0M'  (8) 

Now,  using  the  identity  [1]  dS2(r)/dr  |  r=0  = 
—  S/(4V\  where  S  is  the  total  surface  area,  we  find 
that  the  coefficient  multiplying  k~ 4  on  the  right-hand 
side  of  Eq.  (8)  gives  the  surface-to-volume  ratio, 


~t~  O  —7 

U6 


Eq.  (9)  is  known  as  the  Debye-Porod  law  [1]. 


3.  Diffraction  in  diffusion 

The  PGSE  experiment  was  originally  proposed  in 
some  pioneering  papers  [9],  by  Stejskal  and  Tanner, 
who  clearly  showed  the  relationship  between  the 
measured  signal,  M(q,  t ),  and  the  diffusion  propaga¬ 
tor: 

M(<]>  *)  =  f  dr  dr\  exp(i<?  •  r)G(r],  r,  +  r,  t) 

Xffl(r„  r  =  0).  (10) 

Here  the  diffusion  propagator,  G(r,,  r2,  t ),  is  the 
conditional  probability  density  of  finding  a  Brownian 
walker  (in  fact  a  nuclear  spin  in  the  pore  space)  at  r2 
at  a  time,  t ,  given  that  it  was  initially  at  rv  and 
m(rv  t  =  0)  is  the  initial  density  of  magnetization. 
In  many  experiments  in  porous  media,  the  pore  space 
is  initially  uniformly  magnetized,  so  from  now  on  we 
assume  that  m(r{ ,  t  =  0)=1/Vrp,  where  Vp  is  the 
total  pore  volume.  We  shall  assume  that  there  are  no 
spins  contributing  to  the  signal  which  are  in  the 
grain.  The  experimentally  tunable  parameters  are 
wave  vector,  q ,  and  diffusion  length,  y/~6 Dt ,  where 
D  is  the  diffusion  coefficient.  For  water  filling  the 
pore  space  in  rocks,  the  diffusion  length  can  be  as 
large  as  100  p,m. 

Given  the  bulk  molecular  diffusion  constant,  D0, 
the  conditional  probability  density  function,  G,  satis¬ 
fies  the  equation 

3G(  rx ,  r2 ,  t) 

- yt - =Dov2G(r^,  r2,t),t>  0; 

G(r,,  r2,  t  =  0+)  =5(r, -r2),  (11) 

with  the  boundary  condition 

n  •  VG(  rx ,  r2,  /)  +  pG(r1?  r2 ,  ^)|re2  =  05 

at  the  pore-grain  interface,  2,  with  an  outward 
(from  pore  to  grain)  normal  h.  For  homogeneous 
isotropic  systems,  Eq.  (10)  reduces  to 

c  sin  (qr) 

M(  q,  t)  =  4tt  /  drr2  V  &(r,t); 

J  qr 

&(r,  t)  =  —  /  dr,  C(r,,  r,  +  r,  t).  (12) 

VP 

Note  that  isotropy  means  &(r,  t )  =  JT>,  t\  i.e.,  the 
probability  density  of  having  traversed  a  distance,  r, 
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after  a  time,  t,  averaged  over  all  initial  positions  is 
independent  of  direction. 

Stejskal  [9]  pointed  out  that  it  was  useful  to  study 
this  Fourier  transform  of  the  data.  In  the  case  of  a 
medium  of  isolated  pores,  such  as  the  yeast  cells 
studied  by  Cory  and  Garroway  [10],  the  diffusion 
propagator  becomes  flat  within  a  pore,  at  long  times. 
Each  spin  has  equal  probability  of  diffusing  any¬ 
where  in  the  pore,  independent  of  starting  position. 
&(r,  t)  becomes  the  density  autocorrelation  function 
of  a  pore,  averaged  over  the  distribution  of  pore 
shapes  in  the  sample.  For  well  connected  pores,  the 
diffusion  propagator  does  not  reveal  information  of 
interest  so  easily.  The  initial  papers  by  Callaghan  et 
al.  [2]  and  the  book  by  Callaghan  [3]  provide  many 
key  ideas  for  general  understanding  of  the  diffrac¬ 
tion-like  feature,  i.e.,  the  ‘bump’  in  the  context  of 
diffusion.  They  also  contain  substantial  theoretical 
discussions  about  obtaining  pore-structure  factors  in 


a  scattering  analysis  of  PGSE.  To  simplify  the  link 
between  PGSE  measurements  and  the  pore  geometry 
we  proposed  a  simple  ansatz  [4].  This  ansatz  links 
the  measured  amplitude  directly  to  the  two-point 
pore  space  correlation  function,  S2(r),  and  leads  to  a 
‘diffraction  bump’  in  the  PGSE  experiment,  as  we 
show  in  Section  3.1.  In  Section  3.2.,  we  present 
rigorous  results  for  the  large  q  asymptotics  of 
M(q ,  t). 

3.1.  Diffraction  bump  in  diffusion 

Previously,  numerical  calculations  in  Ref.  [4] 
showed  that  both  the  ansatz  as  well  as  the  random 
walk  simulations  with  a  numerically  generated  struc¬ 
ture  factor  for  a  pack  of  hard  spheres  exhibit  a 
‘diffraction’  bump.  To  show  analytically  the  origin 
of  this  bump,  we  use  an  ansatz  for  ^(r,  t),  which 
was  proposed  for  the  regime  where  the  diffusion 


Fig.  2.  PGSE  signal,  M(q,  t),  as  a  function  of  q  for  two  different  bead  packs,  one  with  diameter  in  the  range  380-515  fxm  for  diffusion 
times  t  =  1  s  and  2  s,  and  another  with  diameter  of  52  \xm  for  diffusion  times  t  =  160  ms,  500  ms  and  1.5  s.  The  dashed  line  marks  the 
large-g  asymptote.  A  clear  diffraction  peak  develops  at  a  wave  vector  qd  =  ti/R  =  1.21  X  105m  1  for  the  small  beads.  The  calculated 
signal,  A(k),  for  a  phase-suppressed  imaging  experiment  is  also  shown. 
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length  is  much  larger  than  the  structure  of  interest.  It 
is  the  product  of  an  effective  Gaussian 

C(  0  [exp{  -  r 2/4D,(  t)  r}]  /  [4tt£>j(  t)  t] 3/2 

and  S2(r),  the  structure  factor,  where  C(f)  is  a 
normalization  coefficient  and  Dx(t),  the  width  of  the 
Gaussian,  is  chosen  by  fitting  the  mean  square  dis¬ 
placement  of  Brownian  particles  in  the  pore  space  as 
predicted  by  the  ansatz  to  the  observed  value.  The 
mean  square  displacement  as  a  function  of  time  is 
simple  to  obtain  from  experimental  data  or  a  numeri¬ 
cal  simulation.  Dt(t)  equals  the  free  diffusion  coeffi¬ 
cient  for  the  geometries  considered  here  to  within  a 
factor  of  two  at  all  times.  Physically  the  ansatz 
expresses  the  fact  that  the  conditional  probability 
density  is  some  smooth  Gaussian-like  distribution  in 
the  pore  space  and  precisely  zero  in  the  grain  space. 

Using  this  ansatz  [4],  we  find  that  with  the  struc¬ 
ture  function  of  Eq.  (6),  MA(q ,  /)  is  given  in  terms 
of  error  functions.  In  the  limit  qlDi  »  1,  where 
6/Jj  =  6Dx(t)t  corresponds  to  the  mean  square  dis¬ 
placement,  we  find  in  this  case 

MA(q,  t) 

=  C(t)l<f>2  exp [-£>1(0‘7Zl]  +  — -h-  — 


(12)  gives  for  values  of  q  much  greater  than 
(D0t)~1/2  and  the  inverse  of  all  geometrical  lengths 
such  as  S/V p. 


M(q ,  0 


8tt  d &(r,  t ) 
q4  br 


TO 

r=  0 


(14) 


We  have  used  the  fact  that  &(r,  t)  goes  to  zero  at 
large  r ,  since  &(r,  t)  falls  off  at  least  as  fast  as  a 
Gaussian  of  width  ~  \/D0t .  The  exponent  of  q 
changes  to  2  and  3  in  ID  and  2D  systems,  and  to 
non-integers  for  fractal  systems.  The  generalization 
to  fractals  is  straightforward,  but  will  not  be  consid¬ 
ered  here.  Some  rocks  are  believed  to  be  fractal,  but 
only  at  the  10-100  A  level.  In  the  PGSE  experi¬ 
ments,  the  ruler  size  is  set  by  the  largest  value  of  q 
or  the  smallest  values  of  pulse  times.  For  currently 
available  experimental  conditions,  these  lengths  are 
typically  larger  than  1  \xm  if  water  is  the  fluid  filling 
the  pore  space. 

We  demonstrated  in  Ref.  [5]  that  the  derivative  of 
&(r,  t )  is  proportional  to  the  total  probability  of 
return  to  the  origin  at  the  surface: 


d&(r,  t) 


/  dT  G(rs,  rs,  t),  (15) 


x _ <f_ _ \ 

ZD,[l  +  (?-<?i)2«2][l  +  (<?  +  ^)2"2]  j 

(13) 

This  equation  shows  the  ‘bump’  at  q  ~  qx  and  that 
MA(q ,  t)  has  a  ^-independent  plateau  if  qa  <§:  1. 
The  height  of  this  plateau  decreases  as  ( a/lD  )3. 
This  dependence  eventually  rolls  over  to  q~4  behav¬ 
ior  as  qa  »  1.  The  height  of  the  ‘bump’  decays  at 
long  times  as  a/H^  ql).  In  Fig.  2  we  show  exam¬ 
ples  of  both  ‘bump’  and  q~4  behavior  for  data  on  a 
pack  of  beads.  We  discuss  the  data  in  more  detail 
below. 

3.2.  Large-q  asymptotics 

One  of  the  clearest  connections  of  the  diffusion 
problem  to  diffraction  theory  is  afforded  by  the 
large-g  behavior  of  M(q ,  t)  [5].  Following  Debye  et 
al.  [l],  a  straightforward  integration  by  parts  of  Eq. 


where  the  integration  is  over  all  the  surface  area  and 
rs  denotes  surface  points.  Although  the  surface  aver¬ 
age  of  the  return  to  the  origin  probability  is  not  an 
experimentally  known  quantity,  the  bulk  average  is 
simply  S?(r  =  0,  t)  =  [4tt/(2it)3]  /  d q  q2M(q,  t) 
[11].  We  define  the  ratio  of  these  two  quantities  to  be 
the  dimensionless  function 

v  /  dT  G(rs’  rs>  0 
r  (0  -  r(iD/{  a}  )  =  ^  - - . 

/dVG(r,  r,  f) 

(16) 

This  depends  on  the  diffusion  length,  /D,  and  the  full 
set  of  relevant  length  scales,  {A},  which  characterizes 
the  porous  medium.  Combining  Eqs.  (14)— (16),  we 
find  that  for  qlD  »  1,  ^Amin  »  1, 

M{q,t)^r{t)W{r  =  0,t)3-.  (17) 

*7  PD 
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This  equation  is  the  diffusive  analogue  of  the  De- 
bye-Porod  law,  Eq.  (9). 

It  is  obvious  now  that  one  could  estimate  S/Vp 
using  Eq.  (17),  if  JXf)  were  known.  However,  if 
S/V  is  measured  by  another  method,  it  is  also 
interesting  to  study  F(t)  instead,  to  probe  the  full  set 
of  relevant  length  scales  {A}.  We  have  shown  rigor¬ 
ously  that  r(t)  starts  out  with  a  value  of  2  for 
/D  Amin,  the  smallest  relevant  length  scale,  and 
reaches  unity  for  /D»Amax,  the  largest  relevant 
length  scale,  in  a  porous  medium  where  all  the  pores 
are  connected.  We  point  out  that  the  ansatz  discussed 
above  satisfies  Eq.  (17)  with  F(t)  =  1. 


4.  Comparison  of  MRI  and  PGSE 

Systems  which  may  be  studied  by  PGSE  may  also 
be  examined  with  MRI.  In  fact,  since  the  only 
difference  between  the  two  measurements  is  the 
NMR  pulse  sequence,  the  same  apparatus  can  usu¬ 
ally  perform  both  of  them.  It  is  therefore  worthwhile 
to  compare  the  two  experiments.  In  the  imaging 
experiment  the  spatial  information  is  encoded  by 
applying  a  single  magnetic  field  gradient  pulse,  VBZ 
of  duration,  5,  so  that  a  spin  at  a  given  location,  r,  is 
given  a  phase,  </>(r)  =  k  •  r,  where  k  =  yVBz8.  The 
measured  signal,  A(k\  is  the  total  magnetization,  or 
X  exp(i  </>(r)),  and  is  thus  the  Fourier  transform  of 
the  density  of  nuclei,  p(r).  As  emphasized  by  Bar- 
rail  et  al.  [6],  the  phase-suppressed  imaging  data, 

|  A(k)  |  2,  are  identical  to  what  is  measured  in  a 
classical  diffraction  experiment  and  its  Fourier  trans¬ 
form  is  related  to  the  two-point  density-density  cor¬ 
relation  function,  i.e.,  the  Patterson  function.  The 
loss  of  the  phase  information  makes  image  recon¬ 
struction  impossible,  but  they  have  emphasized  that 
these  NMR  Patterson  functions  can  be  acquired  at  a 
rate  which  is  orders  of  magnitude  faster  than  compa¬ 
rably  resolved  MRI,  because  fc-space  does  not  have 
to  be  sampled  as  densely.  More  precisely,  to  take  an 
image  one  requires  the  spacing  of  sample  points  in 
£-space  to  be  A  k-v/L,  where  L  is  the  sample 
size,  but  to  measure  the  two-point  correlation  func¬ 
tion  one  only  needs  Ak  ~  /rr/Amax,  where  Amax  is 
the  largest  correlation  length.  Because  the  structure 
function  can  decay  over  a  length  scale  much  smaller 
than  the  system  size,  A maxcL.  In  addition  the 


structure  function  is  often  isotropic,  which  greatly 
reduces  the  size  of  the  region  of  k- space  that  must  be 
sampled.  Thus,  this  type  of  phase  suppression  makes 
it  possible  to  acquire  statistical  information  about 
small  structural  features  that  could  not  be  imaged 
economically. 

The  unrefined  PGSE  experiment  consists  of  two 
gradient  pulses  instead  of  the  one  pulse  of  the  imag¬ 
ing  sequence.  As  with  imaging,  one  neglects  diffu¬ 
sion  during  the  pulse  itself  so  that  after  the  first  pulse 
a  spin  at  position,  rv  picks  up  phase,  q  •  r„  where 
the  wave  vector,  q  =  VBZ.  Now  we  wait  a  time,  t , 
and  let  the  spin  diffuse  to  position,  rx  +  r,  with  a 
probability  given  by  the  diffusion  propagator,  and 
apply  another  gradient  pulse  with  a  field  gradient  of 
the  opposite  sign  and  the  same  duration.  The  result¬ 
ing  signal  is  what  we  have  used  above.  The  main 
idealizations  in  this  derivation  are  that  we  can  make 
the  pulse  short  enough  to  neglect  movement  during 
the  pulse,  and  that  gradients  due  to  the  inhomoge¬ 
neous  Larmor  frequency  are  negligible  compared 
with  the  applied  gradients. 

Let  us  now  compare  the  signal  strengths  of  the 
two  measurements.  The  Debye-Porod  regime  is  best 
understood  and  thus  most  amenable  to  comparison. 
For  PGSE,  the  signal  at  large  q  per  unit  volume  of 
sample  is  given  by  Eq.  (17).  Neglecting  factors  of 
order  unity  we  obtain 

M(q,  t)  ~  (G(rs,  rs,  t))q~4S/V p, 

where  < G(rs ,  rs,  t ))  is  the  surface  average  of  the 
return  to  the  origin  probability.  The  probability  of 
return  to  the  origin  is  a  measure  of  the  height  of  the 
peak  of  the  diffusion  packet  emitted  from  a  given 
point.  A  good  estimate  for  this  is  given  by  an  inverse 
diffusion  volume,  ( r2(t ))  3^2,  where  (r2(0)  is  the 
mean  square  displacement.  At  short  times  this  is 
approximately  (6 D0f)"3/2,  at  longer  times  it  will  be 
determined  by  the  length  scale  of  geometrical  restric¬ 
tions.  Thus  we  obtain 

M(q,  t)  ~  (r2(t)y3/2q-*S/Vv. 

Now  consider  the  case  of  imaging.  From  Eq.  (9) 
above  we  have  the  form  for  the  square  of  the  mea¬ 
sured  signal,  |  A(k)\2  ~  k~4S/Vp2.  For  comparison 
with  PGSE  we  must  use  the  signal  itself, 

\A{k)\~k~2lS/Vv. 
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Comparing  this  with  M(q ,  t )  we  see  that 

M(q,  t)/\A{k)\~(ql{ryy'{s7CI)  , 

where  we  have  of  course  set  k  =  q.  Thus  at  large 
enough  q  the  imaging  experiment  actually  has  better 
signal-to-noise.  However  this  is  not  the  experimen¬ 
tally  observed  regime.  Consider  the  case  for  500  fxm 
diameter  beads  in  water.  To  observe  the  large-g 
behavior  one  requires  q(r2)l/2  1;  in  practice  a 

value  of  5  has  proved  ample  in  experiments.  Diffu¬ 
sion  lengths  longer  than  100  fim  are  uncommon  and 
sample  sizes  are  usually  not  much  less  than  1  cm. 
We  can  estimate  the  surface  area  as  the  ratio  of 
sample  volume  to  bead  radius.  Using  these  numbers 
we  expect  PGSE  to  have  better  signal-to-noise  by  a 
factor  of  25.  This  number  will  be  even  larger  if 
either  the  bead  size  or  the  diffusion  length  is  reduced 
compared  with  the  linear  dimension  of  the  sample. 

On  the  other  hand,  diffusion  lengths  do  not  ex¬ 
ceed  hundreds  of  fjim,  since  the  spin  relaxation  time 
limits  the  interval  between  the  PGSE  pulses.  Thus 
structure  functions  with  longer  length  scales  are  in¬ 
accessible.  If  one  is  interested  in  seeing  coherence 
peaks  at  distances  much  more  than  100  |xm  phase- 
suppressed  imaging  must  be  done.  For  the  case  of 
large-/:  asymptotics,  the  situation  is  less  clear-cut 
and,  although  the  PGSE  technique  is  clearly  the 
better  of  the  two  below  100  |xm,  both  techniques  can 
be  used  to  study  bead  packs  in  water  on  the  millime¬ 
ter  scale.  However  as  a  general  rule  the  imaging 
signal-to-noise  becomes  relatively  stronger  for 
coarser  systems  where  the  specific  surface  area  is 
reduced. 


5.  Experimental  results 

To  illustrate  the  Debye-Porod  behavior  and 
diffraction  bump  in  diffusion  experiments,  we  have 
performed  PGSE  measurements  on  two  different  un¬ 
consolidated  sphere  packs,  saturated  with  distilled 
water.  In  both  samples,  we  measured  M(q,  t )  as  a 
function  of  q  for  several  diffusion  times,  t.  All 
measurements  were  performed  at  a  Larmor  fre¬ 
quency  of  85  MHz  and  at  a  temperature  of  25.0°C. 
The  NMR  pulse  sequence  is  based  on  the  stimulated 
spin  echo,  so  that  the  diffusion  time  is  limited  by  Tv 
rather  than  by  the  shorter  T2  relaxation  time.  Effects 


due  to  background  gradients  are  attenuated  by  using 
the  sequence  of  Cotts  et  al.  [12]. 

The  diameter  of  the  beads,  2 R,  was  52  p.m  in  the 
first  sample  and  in  the  range  of  380-515  p,m  in  the 
second  sample.  The  values  of  S/V  were  determined 
by  an  analysis  of  the  short-time  behavior  of  the 
diffusion  coefficient  [4,13]  on  the  same  samples,  and 
found  to  be  S/Vp  =  ( 5.3  p.m)”1  and  5/^  =  (48.4 
txm)-1,  respectively.  These  values  are  in  agreement 
with  the  expected  values  for  mono-sized  sphere 
packs,  assuming  random  packing  and  a  porosity  of 
cj)  —  0.38. 

In  Fig.  2,  the  measured  amplitudes,  M(q,  f),  are 
plotted  as  a  function  of  In  q  for  the  different  diffu¬ 
sion  times  indicated.  The  echo  amplitudes  are  nor¬ 
malized  with  respect  to  the  extrapolated  amplitude, 
lim  q^0M(q,  /),  obtained  from  data  with  l^1  <^q 
^/q1,  where  ls  is  the  length  of  the  sample.  At 
small  q,  our  data  follow  a  Gaussian  function, 
M(q ,  t)  ~  exp{  —  q2lp}  with  a  diffusion  length,  /D, 
of  43.9  and  59.6  p,m  for  the  large  beads,  and  15.8, 
28.7  and  46.3  jxm  for  the  small  beads,  respectively. 
At  larger  q ,  the  magnetization  eventually  decreases 
as  q~ 4,  shown  by  the  dotted  lines  in  Fig.  2. 

In  the  measurements  on  the  small  beads,  the 
diffusion  length  becomes  comparable  with  the  bead 
diameter  for  the  longer  diffusion  times,  t.  In  this 
case,  a  clear  diffraction  peak  develops  at  a  wave 
vector  qd  =  ir/R  =  1.21  X  105  m~\  as  was  first 
observed  by  Callaghan  et  al.  [2].  For  the  large  beads, 
the  diffusion  length  is  always  significantly  smaller 
than  the  bead  diameter.  In  this  case,  the  Gaussian 
behavior  goes  smoothly  over  into  the  q~4  behavior. 

The  signal  of  a  phase-suppressed  MRI  experiment 
as  calculated  from  the  square  root  of  Eq.  (9)  is  also 
plotted  in  Fig.  2.  The  signal  from  such  an  experiment 
is  below  the  noise  level  for  the  beads  sizes  and  NMR 
apparatus  used  here. 

Additional  analysis  of  the  data  shows  that  the 
dynamic  range  of  F  is  small,  as  one  might  expect 
for  a  simple  bead  pack.  All  values  of  H,  determined 
experimentally,  fall  between  the  theoretical  values  of 
r( 0)  =  2  and  jT(qo)  =  1 . 

6.  Conclusion 

We  have  shown  that  the  diffusive  PGSE  measure¬ 
ment  bears  a  strong  resemblance  to  classical  diffrac- 
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tion.  In  porous  media  both  the  coherence  peak  and 
the  large  wave  vector  asyptotics  can  be  reproduced. 
However  a  major  qualitative  difference  between  the 
two  experiments  is  that  the  diffractive  behavior  in 
PGSE  is  cut  off  at  length  scales  larger  than  the 
diffusion  length.  This  is  both  a  drawback  and  an 
advantage.  Large  structural  features  cannot  be  stud¬ 
ied  by  PGSE.  However,  in  the  regime  where  PGSE 
does  exhibit  diffractive  behavior,  there  is  a  major 
enhancement  of  signal-to-noise.  For  the  case  of  pro¬ 
ton  NMR  in  water,  PGSE  provides  a  non-invasive 
probe  in  the  10-1000  |xm  range  -  a  range  of  length 
scales  which  is  not  readily  accessible  to  MRI  or 
other  standard  techniques  such  as  X-ray  and  small- 
angle  neutron  scattering. 

P.N.S.  is  grateful  to  his  former  supervisors  at 
Xerox,  the  late  Frank  Galeener  and  G.  Lucovsky,  for 
teaching  him  how  to  learn  physics  from  the  experi¬ 
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authors  are  grateful  to  L.  Latour  and  C.  Sotak  for 
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Abstract 


The  dynamical  effective  conductivity  for  a  model  of  periodic  columns  simulating  porous  silicon  is  analyzed  using  the 
volume  averaging  method.  The  results  are  compared  with  experimental  data  for  crystalline  and  porous  silicon  and  with  a 
theoretical  model  for  quantum  silicon  wires. 


1.  Introduction 

Porous  silicon  (PS)  can  be  produced  from  its 
crystalline  counterpart  by  electrochemical  dissolution 
in  hydrofluoric  acid  and  when  it  is  highly  porous  it 
presents  efficient  photoluminescence  of  visible  light 
at  room  temperature  [1].  This  feature,  which  can 
have  important  applications  [2],  has  generated  a  lot 
of  interest  in  the  subject.  Many  experimental  efforts 
have  been  made  to  characterize  the  structure  and 
properties  of  PS  using  a  wide  variety  of  techniques 
[3].  From  transmission  electron  microscopy  (0  0  1) 
oriented  silicon  columns  as  narrow  as  2  nm  [4]  have 
been  found.  The  surfaces  of  the  silicon  columns  are 
hydrogenated  as  a  consequence  of  the  production 
process;  it  could  be  said  that  PS  is  formed  by  three 
components  -  crystalline  silicon  in  the  bulk,  hydro¬ 
genated  silicon  with  a  certain  degree  of  amorphicity 
on  the  surface  and  air. 

An  interesting  debate  regarding  the  origin  of  the 
luminescence  is  taking  place.  On  one  hand  the  lumi¬ 
nescence  could  be  due  to  quantum  confinement  [5], 
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but  on  the  other  hand  it  could  be  due  to  new 
compounds  formed  on  the  surface  (in  particular 
siloxenes)  [6].  First  principles  electronic  structure 
calculations  of  silicon  quantum  wires  indeed  confirm 
that  the  gap  widens  and  shifts  to  become  direct. 
However,  surface  effects  cannot  be  ignored,  as  the 
efficiency  in  luminescence  in  PS  is  closely  related  to 
the  H  passivation  of  the  surface  and  aging  (oxida¬ 
tion)  of  the  samples  degrades  the  luminescence  [7]. 
Another  important  aspect  to  consider  is  the  possibil¬ 
ity  of  phonon-assisted  transitions  to  produce  lumi¬ 
nescence  [8]. 

Most  of  the  work  has  been  directed  to  optical 
properties.  Particularly,  from  the  above-mentioned 
first-principles  calculations  in  a  silicon  quantum  wire, 
the  imaginary  part  of  the  dielectric  function,  e2(oj\ 
shows  the  expected  peak  in  the  visible  region  [9]. 
The  conductivity  properties  are  experimentally  hard 
to  study  because  PS  is  a  very  fragile  material,  but 
there  are  a  few  results  that  indicate  that  the  PS  has 
high  resistivity  [10].  Theoretically,  we  have  calcu¬ 
lated  the  static  effective  electrical  conductivity  for  a 
periodic  array  of  crystalline  silicon  columns,  with  a 
classical  approach  called  the  volume  averaging 
method  [11].  From  our  results,  we  concluded  that  at 
low  porosities  (much  lower  than  the  luminescence 
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range)  the  surface  contribution  could  increase  the 
bulk  value  for  the  effective  conductivity.  Neverthe¬ 
less,  on  passing  the  percolation  threshold,  the  con¬ 
ductivity  decreases  with  the  porosity  to  reach  zero  at 
100%. 

Although  quantum  effects  are  undoubtedly  impor¬ 
tant  in  nanostructures,  transport  in  heterogeneous 
materials  can  be  studied,  in  our  scale,  in  an  analo¬ 
gous  description  to  that  of  a  homogeneous  material. 
With  this  idea  in  mind,  we  chose  the  volume  averag¬ 
ing  method,  which  has  been  successful  in  treating 
mass  and  energy  transport  in  porous  media  [12].  It 
averages  point  transport  equations  over  a  volume 
whose  radius  is  much  bigger  than  the  characteristic 
length  of  the  microstructure,  but  much  smaller  than 
the  macroscopic  scale.  In  the  case  of  PS,  this  situa¬ 
tion  is  clear,  since  it  presents  a  microstructure  at 
nanometer  level  while  the  macroscopic  scale  is  of 
the  order  of  millimeters.  The  average  transport  equa¬ 
tions  are  written  in  terms  of  effective  parameters 
which  include  physical  properties  of  the  components 
and  the  specific  geometry  of  the  microstructure. 

In  this  work  we  complete  our  study  of  the  effec¬ 
tive  conductivity,  X,  of  porous  silicon,  addressing 
this  time  the  problem  of  the  dynamic  conductivity.  In 
order  to  do  so,  we  use  the  linear  response  result 
which  connects  e2(u>)  with  X(co).  Our  goal  is  to 
analyze  the  dynamic  behavior,  which  can  be  very 
useful  for  certain  applications  as  frequency  filters, 
and  to  compare  it  with  the  crystalline  silicon  case. 
Finally,  we  compare  our  results  with  a  silicon  wire 
quantum  calculation  and  PS  experimental  results. 


2.  Model  and  method 

The  simplest  possible  geometry  is  to  consider 
porous  silicon  as  a  periodic  network  of  parallel 
cylinders  (see  Fig.  1).  These  cylinders  are  character¬ 
ized  in  their  bulk  by  crystalline  silicon  measurements 
while  for  their  surface  properties,  hydrogenated 
amorphous  thin-film  results  are  the  appropriate  ones. 
As  we  mentioned  in  the  Introduction,  PS  has  three 
components,  crystalline  silicon  in  the  bulk,  a-Si:H 
on  the  surface,  and  air.  Instead  of  having  a  fluid 
transported  through  the  voids,  as  we  normally  have 
in  porous  media,  here  the  transport  is  through  the 
solid  and  the  air  is  an  insulator. 


Fig.  1.  Geometrical  model  for  porous  silicon:  parallel  cylinders  in 
a  periodic  network. 


The  description  of  transport  in  heterogeneous  ma¬ 
terials  is  quite  complex,  since  it  varies  from  point  to 
point.  However,  under  certain  circumstances,  on  the 
macroscopic  scale,  it  is  justified  to  develop  an  analo¬ 
gous  description  to  that  of  a  homogeneous  material. 
This  approach  enormously  simplifies  the  mathemati¬ 
cal  complexity  of  the  problem  together  with  its 
physical  interpretation.  The  volume  averaging 
method  takes  this  approach.  Fig.  2  shows  the  rele¬ 
vant  scales  involved  in  a  two-component  system. 
The  average  is  performed  in  a  volume  characterized 
by  r0,  where  L  »  r0  »  /;  this  means  that  the  aver¬ 
ages  are  space-dependent. 

For  the  purpose  of  clarity,  let  us  repeat  part  of  the 
procedure  of  our  previous  calculations  [11].  The 
local  problem  is  given  by  the  equations 

(3ft/a0  +  r-/  =  o  (i) 

and 

(3ft/3<)  +  V  •  Ja  =  /  •  on  Acv  (2) 

where  pc  is  the  carrier  density  concentration  in 
crystalline  silicon,  pa  is  the  surface  carrier  density 
concentration  in  a-Si :  H,  /  is  the  current  density,  Ja 
is  the  surface  current  density  and  wcv  is  the  normal 
vector  to  the  cylindrical  Si-air  interface,  Acv.  For 
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Fig.  2.  Relevant  scales  in  a  two-component  system,  v  refers  to  the 
vacuum  and  c  to  the  medium:  air  and  silicon  in  our  case. 

Ohm’s  law  we  should  use  the  external  electric  field 
contribution,  given  by 

J=-(TcVcf>c ,  (3) 

where  <f>Q  is  the  electric  potential  and  ac  is  the 
electrical  conductivity  for  the  crystalline  silicon.  A 
similar  equation  must  consider  the  surface  region. 
The  effective  transport  equation  to  be  solved  can  be 
written  as 

/  ayK  \  a 

(1-P)(1  +  T-7j-<pc>  =  F.(^.  V( <pc)), 

(4) 

where  the  angular  brackets  <  )  indicate  the  spatial 
average,  P  is  the  porosity  (void/averaging  volume), 
«v  is  the  superficial  area  of  the  interface  per  unit  of 
total  volume,  K  =  pa/pc,  and  X  is  the  effective 
conductivity  tensor  given  by 

2  =  ( 1  -  P) oi ( 1  +  V- '  cJa|  +  avK<raI. 

(5) 


Here  f2=  l+(2HK  (ct/<jc)),  with  H  being  the 
curvature  of  the  cylinders,  is  the  conductivity  in 
a-Si :  H,  I  is  the  unit  tensor  and  /  is  a  vector  which 
depends  on  the  parameters  ac,  a.v  K  and  the  mi¬ 
crostructure  of  the  PS  (for  details  see  Ref.  [13]). 
Although  there  are  many  other  averaging  methods  to 
study  transport  in  heterogeneous  media  [14],  none  of 
them  can  deal  with  the  surface  contribution  in  a  way 
simple  as  the  volume  averaging  method.  Further, 
since  there  is  no  explicit  time  dependence,  this  rela¬ 
tion  is  valid  in  to  space. 

It  is  obvious  that  the  value  of  /  in  Eq.  (5)  is  not 
needed  in  the  axial  component,  because  the  product 
ncv  *  k  is  zero  for  any  microstructure  of  constant 
cross-section  in  the  k  direction.  However,  in  the 
transverse  direction  this  term  must  be  calculated  by 
solving  the  closure  problem.  This  solution  may  be 
analytical  if  the  representative  cell  is  taken  as  a 
cylinder  inside  another  cylinder,  the  so-called  Chang 
approximation  [13].  However,  in  the  Chang  model, 
the  percolation  limit  cannot  be  attained.  Thus,  for 
our  case,  that  is  a  cylinder  in  a  square,  the  closure 
equation  for  /  has  to  be  solved  numerically  for  low 
porosities. 

In  our  geometrical  model,  a  change  of  porosity 
means  a  change  in  the  cylinder  radius.  We  are 
considering  a  fixed  volume  and,  therefore,  to  in¬ 
crease  the  porosity  implies  a  reduction  in  the  cylin¬ 
der  radius.  Within  our  model,  a  cylinder  within  a 
cube,  the  percolation  limit  will  be  given  when  the 
circles  touch  the  square,  at  a  P=  1  -  7t/4.  Lumi¬ 
nescent  samples  of  PS  are  well  above  this  concentra¬ 
tion,  so  we  calculates  only  the  simpler  and  analytical 
axial  component,  in  porosities  over  70%. 

In  order  to  calculate  the  dynamical  conductivity 
for  different  porosities,  we  need  to  introduce  experi¬ 
mental  information.  There  are  results  available  for 
the  frequency-dependent  dielectric  function  of  c-Si 
[15],  a-Si :  H  [16],  PS  [17]  and  silicon  wires  [9];  the 
first  three  are  experimental  and  the  fourth  one  is  a 
first-principles  calculation  of  silicon  quantum  wires 
up  to  about  1.5  nm  using  density-functional  theory 
within  the  local-density  approximation  for  the  ex¬ 
change-correlation  energy,  where  the  silicon  dan¬ 
gling  bonds  at  the  surface  are  saturated  with  hydro¬ 
gen  atoms. 

From  the  dielectric  function,  e=e,  +ie2,  as  a 
function  of  the  frequency,  to,  using  a  well  known 
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result  from  linear  response,  the  real  part  of  the 
conductivity,  or,  can  be  calculated  as 

Re(  a  )  =  e2  coe0 ,  (6) 

where  e0  is  the  permittivity  in  vacuum.  One  has  to 
be  careful  in  interpreting  the  conductivity  calculated 
like  this  because  it  does  not  correspond  to  the  experi¬ 
mental  dc  conductivity,  since  this  relation  includes 
the  polarization  contribution. 

Once  all  the  ingredients  are  given,  we  proceed  to 
show  the  results. 


3.  Results 

As  we  have  already  explained,  the  advantage  of 
using  the  volume  averaging  method  is  that  the  sur¬ 
face  contribution  can  be  treated  explicitly.  However, 
we  will  start  by  only  considering  the  bulk  contribu¬ 
tion.  In  Fig.  3  we  show  the  effective  conductivity  for 
crystalline  silicon  (0%  porosity)  and  porous  c-Si 
obtained  from  Eq.  (5)  without  the  surface  contribu¬ 
tion;  we  are  comparing  this  result  with  that  of  a 
silicon  quantum  wire  using  Eq.  (6).  As  can  be  seen, 
the  plots  are  very  different,  not  only  in  shape  but  in 
the  range  of  frequencies  where  the  response  takes 
place.  In  Fig.  4  we  have  the  normalized  results  of 
introducing  the  surface  effect  as  the  frequency-de¬ 
pendent  conductivity  of  a  thin  a-Si :  H  film,  for  a 


Frequency  (Hz) 
(Times  10E15) 


Fig.  3.  Dynamic  effective  conductivity  of  c-Si,  porous  c-Si  and 
silicon  quantum  wire  [7]. 


Frequency  (Hz) 
(Times  10E15) 


Fig.  4.  Normalized  dynamic  conductivity  of  PS  at  AT  =  10 — 
compared  with  c-Si  and  silicon  quantum  wire  results  [7]  and 
experimental  PS  data  [15]. 


certain  value  of  K  which  characterizes  the  quality  of 
the  surface  (for  instance,  K=  10~7  is  a  well  satu¬ 
rated  surface)  and  we  also  compare  with  PS  experi¬ 
mental  data.  Clearly,  to  consider  the  surface  gives  a 
behavior  closer  to  the  silicon  quantum  wire  and  the 
experimental  PS. 

In  Fig.  5  we  plot  the  experimental  and  theoretical 
normalized  dynamic  effective  conductivity  of  PS 
with  different  surfaces  varying  the  K  values. 


(Times  10E15) 

Fig.  5.  Theoretical  and  experimental  normalized  effective  dynamic 
conductivity  of  PS  at  (a)  /C  =  10-10,  (b)  jK'^IO-8  and  (c) 
K  =  10"7. 
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4.  Discussion 

It  is  important  to  establish  the  limits  of  our  ap¬ 
proach.  As  in  any  spatial  integration  method,  our 
results  are  in  the  framework  of  mean-field  approxi¬ 
mation,  i.e.,  we  describe  global  behavior.  Moreover, 
our  results  use  the  linear  response  approximation  for 
the  relation  between  the  dielectric  function  and  the 
electrical  conductivity.  However,  because  our  analyt¬ 
ical  results  allow  us  to  study  the  volumetric  and  the 
superficial  contributions  independently,  we  can  ex¬ 
plore  the  role  of  the  surface  on  the  effective  re¬ 
sponse. 

When  the  quantum  Si  wire  result  for  the  dielectric 
function  [8]  is  compared  with  the  PS  experimental 
data  [17],  it  is  clear  that  quantum  confinement  could 
be  behind  the  peak  in  the  visible  range  which  ex¬ 
plains  the  luminescence  of  Si  wires.  If  quantum 
confinement  can  change  the  relevant  range  of  ener¬ 
gies  of  crystalline  Si  for  a  certain  response,  the 
question  is  then  whether  the  surface  contribution  can 
have  the  same  tuning  effect.  To  answer  this  question, 
we  start  comparing  porous  crystalline  Si  (without 
surface)  with  the  quantum  Si  wire  effective  conduc¬ 
tivity  calculation  (Fig.  3)  and  we  conclude  that  merely 
introducing  holes  in  a  crystalline  bulk  decreases  the 
height,  but  does  not  shift  the  response.  Afterwards, 
we  consider  the  surface  effect  (see  Fig.  4)  and 
observe  that  now  the  relevant  energies  can  be  shifted 
in  the  right  direction  for  a  certain  surface. 

To  compare  our  model  theoretical  results  with  the 
PS  experimental  plot,  we  try  different  K  values 
(Fig.  5)  and  we  again  observe  that  the  surface  plays 
the  role  of  tuning,  shifting  both  the  frequency  range 
of  the  response  and  the  peak  position.  It  must  be 
pointed  out  that  real  PS  samples,  particularly  the 
passivation  of  their  surfaces,  depend  heavily  on  the 
process  of  fabrication. 

5.  Conclusions. 

Quantum  confinement  calculations  in  silicon  wires 
are  consistent  with  many  observations  in  PS.  Even 
the  fact  that  the  highly  PS  has  a  very  high  electrical 
resistivity  can  be  explained  in  terms  of  very  local¬ 
ized  carriers,  separated  from  the  delocalized  states  by 
a  large  activation  energy  [5].  However,  our  results 


seem  to  indicate  that  the  surface  effects  might  have 
similar  consequences,  at  least  regarding  the  range  of 
relevant  frequencies  for  the  effective  dynamic  con¬ 
ductivity.  Also,  within  our  model,  at  high  porosities, 
PS  has  to  be  more  insulating  than  c-Si.  The  tuning 
role  of  the  surface  as  a  result  of  our  theoretical 
calculation  supports  the  possibility  that  the  surface 
effects  may  be  responsible  for  a  change  in  the  energy 
range  of  a  response.  This  goes  further  than  merely 
comparative  arguments  with  experimental  data  [6], 
which  have  been  used  suggesting  the  relevance  of 
the  surface  for  the  luminescent  PS. 

There  are  few  experimental  results  reported  at  the 
moment  for  the  effective  electrical  conductivity  of 
PS.  It  is  promising  that  PS  has  already  been  used  for 
a  solar  cell  although  with  a  very  high  series  resis¬ 
tance  [10].  It  would  be  interesting  to  explore  further 
the  effective  dynamic  conductivity. 

The  authors  acknowledge  enlightening  discus¬ 
sions  with  Frank  Galeener  during  his  visit  to  the 
Laboratorio  de  Energia  Solar,  UNAM,  within  a  joint 
collaboration  project  on  silicon  and  its  applications. 
This  work  has  been  partially  supported  by  DGAPA- 
UNAM  under  projects  IN103493  and  IN101894. 
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Abstract 

A  series  of  layer  double  hydroxide  carbonates  with  the  chemical  composition  [(C03)v/2  •><H20)]-[Ni1  _  tAl  v(OH)2], 
0  <x  <  0.4,  0  <y  <  1.2  has  been  prepared.  The  composition  dependence  of  the  basal  spacing  of  these  compounds  has  been 
determined  from  X-ray  diffraction  measurements  and  has  been  computed  using  an  extended  version  of  the  discrete 
finite-layer  rigidity  model  which  includes  both  intra-  and  inter-layer  rigidity  effects.  The  inter-  and  intra-layer  rigidity 
parameters  of  Ni(OH)2  were  found  to  be  ~  5  and  2.44,  respectively,  from  which  we  conclude  that  the  host  Ni(OH)2  spans 
class  II  and  class  III  layered  solids.  On  the  basis  of  our  X-ray  measurements  and  steric  considerations,  it  is  determined  that 
the  carbonate  ion  is  oriented  in  the  host  gallery  with  its  threefold  axis  essentially  parallel  to  the  host  c-axis. 


1.  Introduction 

1.1.  Rigidity  and  classification 

Layered  solids  have  been  qualitatively  classified 
into  three  distinct  subgroups  based  on  their  degree  of 
transverse  layer  rigidity  vis-a-vis  out-of-plane  distor¬ 
tions  [1,2].  According  to  this  classification  scheme, 
class  I  layered  solids  comprise  only  graphite  and 
boron  nitride,  the  layers  of  which  are  of  monatomic 
thickness  and  are  thus  ‘floppy’  with  respect  to  trans¬ 
verse  distortions.  Class  II  materials  include  the  lay¬ 
ered  dichalcogenides,  iron  oxychloride  and  several 
other  materials,  the  layers  of  which  are  typically 
composed  of  three  interconnected  planes  of  atoms. 
This  interconnectivity  enhances  the  layer  rigidity  of 
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Class  II  materials  relative  to  that  of  Class  I.  The 
most  rigid  layered  materials  known  are  those  falling 
into  Class  III  which  includes,  for  example,  layered 
silicate  clays  and  layered  perovskites.  They  typically 
consist  of  five  or  more  interconnected  planes  of 
atoms. 

The  weak  (van  der  Waals)  interlayer  interaction  in 
layered  solids  engenders  the  process  of  intercalation 
in  which  a  variety  of  guest  species  can  be  ingested 
into  the  galleries  between  host  layers.  In  Class  I  and 
II  solids,  intercalation  necessitates  charge  exchange 
between  the  guest  and  host  layer.  Thus  graphite, 
which  is  amphoteric,  can  accommodate  either  donor 
or  acceptor  guest  species  into  its  galleries  [3].  By 
contrast,  layered  silicate  clays  possess  a  fixed  (nega¬ 
tive)  layer  charge  and  intercalation  into  these  materi¬ 
als  typically  constitutes  ion  exchange  of  one  guest 
cation  for  another  [4]. 

To  establish  a  quantitative  measure  of  layer  rigid¬ 
ity  and  thus  justify  the  qualitative  classification 
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scheme  described  above,  Solin  and  co-workers  de¬ 
veloped  experimental  methods  and  supporting  theo¬ 
retical  models  which  are  based  on  the  variation  of 
the  c-axis  repeat  distance  or  basal  spacing  with  the 
composition  of  a  2D  disordered  solid  solution  inter¬ 
calated  into  the  galleries  of  the  host  solid  [5,6].  The 
generic  formula  for  such  a  system  is  A^B^L 
where  0<x<l,  A  is  the  smaller  guest  ion  or  a 
vacancy,  B  is  the  larger  guest  ion  and  L  represents 
the  host  layer.  In  layer  rigidity  studies  carried  out  to 
date  [5,6],  the  composition  of  the  host  layer  was 
independent  of  the  composition  of  the  intercalated 
2D  solid  solution.  In  this  paper  we  report  the  first 
systematic  study  of  the  layer  rigidity  in  a  layered 
solid  for  which  the  host  layer  composition  depends 
on  that  of  the  guest  layer.  We  show  that  the  solid 
of  interest  here  [(C03)a/2  •  y(H20)]-[Ni1_xAl^- 
(OH)2],  a  layer  double  hydroxide  (LDH)  clay  (where 
the  entities  in  square  brackets  represent  the  [guest]- 
[clay]  layers),  exhibits  several  novel  features  in  its 
layer  rigidity  (including  dual  classification)  and  we 
account  quantitatively  for  those  features  with  an 
augmentation  of  previously  developed  layer  rigidity 
models  [5,6].  Although  several  authors  [7-9]  have 
previously  studied  the  structural  properties  of  the 
Ni-Al  LDHs,  a  quantitative  explanation  of  their 
composition-dependent  properties  has  not  been  given. 

1.2.  Structural  properties  of  Ni-Al  LDHs 

Pure  Ni(OH)2  crystallizes  in  the  cadmium  iodide 
(or,  equivalently,  the  brucite)  structure  and  belongs 
to  the  hexagonal  space  group  P3ml  (No.  164)  with 
cell  parameters  a  =  3.126  A  and  c  =  4.065  A.  [10,11] 
The  structure  is  composed  of  close-packed  planes  of 
hydroxyl  ions  which  themselves  lie  on  a  triangular 
lattice.  The  Ni  ions  occupy  the  octahedral  holes 
between  alternate  pairs  of  OH  planes  and  thus  oc¬ 
cupy  a  triangular  lattice  identical  to  that  adopted  by 
the  OH  ions.  The  unit  cell  of  this  structure  contains 
one  formula  unit  of  Ni(OH)2  and  thus  one  layer  of 
the  host  structure.  We  consider  Ni(OH)2  to  be  a 
brucite-like  clay  host. 

Using  the  sample  synthesis  techniques  described 
below,  Ni2+  ions  in  nickel  hydroxide  can  be  substi- 
tutionally  replaced  by  Al3+  ions  with  the  concomi¬ 
tant  insertion  of  carbonate  ions  and  water  into  the 
gallery  to  provide  overall  charge  neutrality  in  the 


o  C 

©  o 
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Fig.  1.  Schematic  illustration  of  the  structure  of  [(C03)v/2‘ 
y(H70)]-[Ni1_vAlA.(0H)2].  The  orientation  of  the  carbonate  ion 
about  its  C3-axis  is  not  fixed  but  its  planar  arrangement  is 
correctly  depicted.  Residual  water  in  the  gallery  is  not  shown.  The 
circles  depicting  the  ionic  constituents  are  not  drawn  to  scale. 


presence  of  the  positively  charged  host  layer.  The 
resultant  compound,  [(C03)a/2  •  y(H20)]-[Ni1_JC- 
A1a(OH)2],  a  cationic  clay,  is  a  member  of  the 
pyroaurite-sjogrenite  group  of  hydroxy  carbonates 
[7-9]  which  possess  the  characteristic  structure 
shown  schematically  in  Fig.  1  (gallery  water  is  not 
shown).  The  aluminum  distribution  on  the  triangular 
metal  ion  lattice  depends  on  composition  and  may  or 
may  not  be  random  [7-9].  The  carbonate  and  water 
are  presumed  to  randomly  occupy  the  octahedral 
sites  between  the  clay  layers  and  the  rotational  orien¬ 
tation  of  the  carbonate  about  its  c-axis  is  undeter¬ 
mined.  The  planar  orientation  of  the  carbonate  ion 
shown  in  Fig.  1.  is  justified  below. 

2.  Experimental  procedure 

2.1.  Sample  synthesis 

Reagent-grade  chemicals  Ni(N03)2  •  6H20,  Al- 
(N03)3  •  9H20  and  NaOH  from  Aldrich,  and 
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Na2C03  from  Fisher  together  with  deionized  water 
were  used  for  the  preparation  of  all  aqueous  solu¬ 
tions  used  in  sample  synthesis.  The  reaction  pH  was 
controlled  by  a  Fisher  selective  ion  analyzer  Model 
750. 

2.1.1.  Ni(OH)2 

Into  100  ml  H20  pre-adjusted  at  pH  8.5  at  40°C 
was  slowly  added  1M  Ni2+  nitrate  solution  (100  ml) 
with  vigorous  stirring.  The  reaction  pH  was  kept  at 
8.5  (±0.1)  by  a  2M  NaOH  solution  through  the 
delivery  of  Ni2+  nitrate  solution.  After  complete 
delivery,  the  resultant  suspension  was  further  stirred 
for  1  h  under  the  same  conditions.  Following  40  h 
digestion  of  the  suspension  with  vigorous  stirring  at 
70°C,  the  suspension  was  cooled  to  room  tempera¬ 
ture.  The  green  Ni(OH)2  product  was  then  filtered, 
washed  repeatedly  with  water  and  dried  in  air  at 
room  temperature. 

2.1.2.  [(C03)x/2  •  y(H20)]-[Ni 2  _  x  Alx(OH)2] 

A  series  of  Ni-Al  LDH  carbonates,  [(C03)x/2  • 
^(H  2  0)]-[Nij  _  *  Al  x(OH)2  ],  ((1  -x)/x  =  1.10, 1.50, 
2.00,  2.33,  3.00,  4.00,  5.00),  were  prepared  by  a 
modification  of  the  coprecipitation  method  [12].  A 
150  ml  portion  of  1M  mixed  metal  nitrate  solution  of 
Ni2+  and  Al3+  (Ni2+/Al3  +  =  1.10,  1.50,  2.00,  2.33, 
3.00,  4.00,  5.00)  was  slowly  added  into  150  ml 
water,  pre-adjusted  with  NaOH  to  pH  8.5,  with 
vigorous  stirring  at  40°C.  The  reaction  pH  was  kept 
at  8.5  (±0.1)  by  the  addition  of  a  mixed  base 
solution  of  2M  Na2C03  (C02"/Al3  +  =  1.5)  and  2M 
NaOH.  After  complete  delivery  of  the  mixed  nitrate 
solution,  the  suspension  was  further  stirred  for  1  h. 
Following  40  h  digestion  at  70°C  with  vigorous 
stirring,  the  suspension  was  cooled  to  room  tempera¬ 
ture.  The  greenish  precipitate  was  then  filtered, 
washed  repeatedly  with  water  free  of  the  sodium  ion 
and  dried  in  air  at  room  temperature.  For  the  pre¬ 
paration  of  [(COg)^^  •y(H20)]-[Ni1_xAlx(0H)2], 
((1  —  x)/x  =  9.00),  the  same  experimental  procedure 
was  adopted  except  that  0.5M  solutions  of  mixed 
nitrate  and  base  were  used  instead  of  2M  solutions. 

2.1.3.  Chemical  properties 

Elemental  analyses  of  all  samples  were  performed 
by  inductively  coupled  plasma  (ICP)  emission  spec¬ 
troscopy  [13]  at  the  Toxicology  Lab  at  Michigan 


Table  1 


Composition  parameters  for  the  Ni/Al  LDH  carbonates 
[(C03)jC^2' jCH^Qjl-tNi^^Al^CQH),] 


Ni/Al 

X 

<  +  i%) 

(±5%) 

Tmax 

£„(A) 

(±5%) 

M A) 
(±5%) 

1.5 

0.400 

1.03 

1.7148 

80 

43 

2.0 

0.333 

0.86 

1.7770 

121 

79 

2.33 

0.303 

0.84 

1.8053 

109 

53 

3.0 

0.250 

0.72 

1.8547 

109 

89 

4.0 

0.200 

0.69 

1.9013 

97 

58 

5.0 

0.167 

0.65 

1.9324 

_  a 

37 

9.0 

0.100 

0.55 

1.9945 

_  a 

15 

00 

0.000 

0.06 

2.0878 

267 

118 

Not  determined  because  the  (110)  reflection  is  not  resolved. 


State  University  (MSU).  About  30  mg  of  the  samples 
were  dissolved  in  100  ml  HN03  solution  (20  vol.%) 
for  each  analysis.  Energy-dispersive  X-ray  analysis 
in  a  scanning  electron  microscope  (Hitachi  Model 
S-2700)  equipped  with  a  detector  system  (PGT  Model 
1M1X)  was  used  to  test  for  microscopic  phase  sepa¬ 
ration.  All  particles  of  all  solid  solution  samples  in 
the  range  1.1  <(1  -  x)/x  were  found  to  exhibit  the 
same  morphology  and  to  contain  both  nickel  and 
aluminum  and  showed  no  evidence  of  phase  separa¬ 
tion.  We  found  it  impossible  to  prepare  homoge¬ 
neous  solid  solutions  of  Ni-Al  LDH  carbonates  with 
lower  concentrations  of  nickel  as  such  samples  would 
always  contain  phase-separated  aluminum  hydroxide. 
We  also  found  that  water  cointercalated  with  the 
carbonate  ion  in  all  the  samples  but  the  pure  Ni(OH)9 . 
The  water  content  (y  value)  was  determined  from 
thermogravimetric  analysis  (TGA)  measurements 
which  are  described  in  detail  elsewhere  [14].  The 
results  of  these  determinations  for  each  of  the  sam¬ 
ples  studied  are  shown  in  Table  1. 

2.2.  X-ray  diffraction 

X-ray  powder  patterns  were  acquired  using  an 
Enraf  Nonius  rotating-anode  X-ray  generator  with  a 
vertical  tube  tower.  A  bent  crystal  graphite  mono¬ 
chromator  selected  a  horizontal  line  source  of  Cu 
Ka  radiation.  This  radiation  was  incident  on  a  sam¬ 
ple  mounted  on  a  four-circle  diffractometer  (Huber). 
The  diffractometer  was  in  a  horizontal  configuration 
and  was  controlled  by  a  motor  controller  (Klinger 
Motion  Master).  A  Nal  scintillation  detector  was 
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mounted  on  the  20  arm  of  the  diffractometer  and 
was  connected  to  electronics  (Ortec).  The  motor 
controller  and  electronics  were  computer-controlled 
using  Spec  X-ray  diffraction  software  which  ran 
under  UNIX  on  a  386/20  MHz  PC.  The  maximum 
resolution  of  this  instrument  is  0.0024  A-1  as  deter¬ 
mined  from  the  width  of  the  [111]  reflection  of 
single-crystal  silicon.  The  basal  spacing  of  each  solid 
solution  (  x  >  0)  sample  was  obtained  from  a  g-plot 
[15]  containing  at  least  three  (00/)  reflections. 


3.  Results 

The  powder  X-ray  diffraction  patterns  of  each  of 
the  samples  studied  are  shown  in  Fig.  2.  As  can  be 
seen  from  that  figure,  the  (00/)  reflections  dominate 
the  diffraction  patterns  of  the  solid  solution  samples. 
Those  powder  patterns  are  consistent  with  the  py- 
roaurite  3R  polytype  structure  of  the  pyroaurite- 
sjogrenite  group  [7-9]  and  have  been  indexed  ac¬ 
cordingly.  The  pattern  for  pure  Ni(OH)2  is  indexed 
to  the  brucite  structure,  the  unit  cell  of  which  con¬ 
tains  only  one  nickel  hydroxide  layer  [16].  Although 
several  of  the  reflections  from  the  solid  solutions  are 
broad  they  are  still  sufficiently  well  developed  to 
preclude  microscopic  phase  separation.  There  is  also 
no  evidence  of  interstratification  [18]  which  would 
be  indicated  by  multiple  sets  of  basal  reflections. 
Thus,  the  X-ray  results  support  the  SEM  analysis. 
The  X-ray  data  of  Fig.  2  have  been  used  in  conjunc- 
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Fig.  2.  The  composition,  x,  dependence  of  the  room-temperature, 
Cu  Ka  powder  X-ray  diffraction  patterns  of  [(C03)x/2- 
y(H90)]-[Ni1_;cAlx(0H)2].  These  patterns  were  acquired  with  an 
instrument  resolution  of  0.006  A-1. 


Fig.  3.  The  composition,  x,  dependence  of  the  measured  room- 
temperature  basal  spacing  of  [(C03)x/2  •  y(H20)MNij  _XA1V- 
(OH)2l  obtained  from  a  g-plot  of  the  (00/)  reflections  of  the 
powder  patterns  shown  in  Fig.  2.  (See  text.) 


tion  with  the  Scherrer  formula  [17]  to  determine  the 
in-plane  and  c-axis  correlation  lengths,  La  and  Lc , 
respectively.  These  correlation  lengths  are  listed  in 
Table  1.  Note  that  the  in-plane  correlation  lengths 
are  consistently  larger  than  those  of  the  c-axis. 

The  composition  dependence  of  the  basal  spacing, 
d,  of  the  Ni-Al  LDHs  is  shown  in  Fig.  3  together 
with  the  inset.  (For  the  pyroaurite  3R  polytype, 
d  =  c /3,  where  c  is  the  c-axis  lattice  constant.)  This 
basal  spacing  response  is,  to  our  knowledge,  unique 
since  it  exhibits  a  distinct  maximum  in  contrast  to 
other  2D  solid  solutions  which  exhibit  a  monatonic 
increase  in  the  range  0  <x<  1  [5,6],  The  expanded 
scale  of  the  inset  of  Fig.  3  shows  that  the  actual 
maximum  in  the  basal  spacing  occurs  at  about  x  = 
0.2.  Also  noteworthy  in  Fig.  3  is  the  unusually  large 
jump  in  basal  spacing  at  x  between  0  and  0.1. 

In  order  to  relate  the  composition-driven  c-axis 
expansion  of  all  layered  solids  including  the  Ni-Al 
LDHs  to  one  another  we  defined  [5]  the  normalized 
basal  spacing,  dn(x ),  as 


d(  x)  -  d(0) 

=  rf(l)  -rf(0)  ■ 


(1) 


Thus  dn(0)  =  0  and  dn(  1)  =  1  by  the  definition  of 
Eq.  (1).  For  the  Ni-Al  LDHs,  d(0)  is  the  basal 
spacing  of  pure  Ni(OH)2  while  d(  1)  is  the  basal 
spacing  of  (C03)1/2Al(OH)2,  a  compound  which,  to 
our  knowledge,  does  not  exist  in  nature  but  whose 
basal  spacing  if  it  did  exist  can  be  determined  from 
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Fig.  4.  The  composition,  x,  dependence  of  the  normalized  basal 
spacing  of  the  Ni-Al  LDH  carbonates  (♦)  (see  Fig.  3  for  error 
bars)  compared  with  that  of  other  characteristic  layered  solids  [19] 
(o,  Li A.C6 ;  A,  LiA.TiS2;  □,  Cs^Rbj^  -  vermiculite  (error  bars 
are  smaller  than  the  size  of  the  datapoints)).  The  solid  lines  are 
non-linear  least-squares  fits  to  the  data  using  Eq.  (8)  for  the  LDH 
and  Eq.  (4)  for  the  others.  The  parameters  p  and  q  yielding  these 
solid  lines  are  also  shown  in  the  figure.  Inset  -  schematic 
illustration  of  layer  puckering  in  the  discrete  finite  layer  rigidity 
model  (see  text). 

the  data  of  Fig.  3,  as  we  show  below.  The  composi¬ 
tion  dependence  of  the  normalized  basal  spacing  of 
[(C03)_r/2  t(H20)]— [Nij _^A1  v(OH)2]  is  shown  in 
Fig.  4  together  with  the  normalized  basal  spacings  of 
other  layered  solids  [19]  which  have  been  previously 
studied. 


4.  Discussion 

4.1.  The  finite  layer  rigidity  model 

4.1.1.  Composition-independent  host  layer  thickness 
In  previous  studies  of  the  layer  rigidity  of  interca¬ 
lated  layered  solids,  Solin  and  co-workers  [5,6]  have 
developed  the  finite  layer  rigidity  (FLR)  model  in 
both  a  discrete  and  a  continuum  version  to  account 
for  the  observed  composition  dependence  of  the 
basal  spacing.  Because  the  physical  parameters  of 
the  continuum  FLR  model  such  as  the  elastic  stiff¬ 
ness  constants  are  not  known  for  the  Ni-Al  LDHs 
we  focus  here  on  the  discrete  FLR.  We  briefly 
review  this  model  and  show  how  it  can  be  extended 
to  encompass  the  unique  behavior  of  the  Ni-Al 
LDHs.  Before  proceeding,  however,  it  is  important 
to  note  that  the  discrete  FLR  model  incorporated  two 


key  assumptions.  First,  the  host  layer  composition 
was  independent  of  the  composition  of  the  solid 
solution  in  the  gallery.  Thus,  when  jc  is  changed  in 
Aj^B^L,  L  is  unaffected.  Second,  the  host  layer 
may  pucker  in  the  region  around  a  large  (B)  ion  but 
its  thickness  remains  constant. 

The  discrete  FLR  model  as  originally  formulated 
[20]  is  based  on  the  two-layer  construction  shown  in 
the  inset  of  Fig.  4.  If  hB  is  the  height  of  the  B  ion 
( =  twice  the  radius  if  the  ion  is  spherical)  and  hA  is 
the  height  of  the  A  ion,  then  a  pillbox-like  distortion 
will  occur  in  the  upper  layer  in  the  region  around  the 
B  ion.  The  puckered  area  around  the  B  ion,  called 
the  catchment  area,  will  contain  an  average  of,  say, 
p  lattice  sites  and  is  dependent  on  the  layer  rigidity. 
Thus  p  is  defined  to  be  the  rigidity  parameter.  Then 
the  effective  height  of  the  gallery  between  layers, 
[20]  h(x)  is 

h{x)=hA{\-x)p +  hf[\-(l-x)p]  (2) 

and  the  basal  spacing  is 

d(x)  =t  +  hA(l-x)p  +  hB[  1  -  (1  - x)p ] ,  (3) 

where  t  is  the  composition-independent  host  layer 
thickness.  Upon  substituting  Eq.  (3)  into  Eq.  (1)  to 
obtain  the  normalized  basal  spacing  in  the  discrete 
FLR  model,  we  find  that 

dn(x)=  1-(1  -*)'’•  (4) 

Note  from  Eq.  (4)  that,  within  the  formulation  of  the 
FLR  model,  the  rigidity  parameter  can  be  obtained 
directly  from  the  slope  of  dn(x)  as  x  ->  0.  Also  note 
that  for  p  =  1,  which  corresponds  to  zero  rigidity 
since  the  large  ion  puckers  only  its  own  site,  dn(x) 
=  x.  This  is  Vegard’s  law  [21]  which  is  the  expected 
result  for  perfectly  floppy  layers.  (In  the  discrete 
FLR  model,  the  A  and  B  ions  are  assumed  to  have 
zero  width  and  thus  cause  point-like  vertical  distor¬ 
tions  of  the  host  layers.) 

4.1.2.  Composition-dependent  host  layer  thickness 
For  the  Ni-Al  LDH  carbonates,  both  the  gallery 
height  and  the  host  layer  thickness  are  composition- 
dependent.  Let  the  latter  be  designated  r( jc).  In  the 
spirit  of  the  discrete  FLR  model,  we  write  the  thick¬ 
ness  of  the  hydroxide  layer  as 

K  x)  ~  *Ni(OH)2  —  2(  rNi  —  rAI)  xq,  (5) 
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where  fNi(0H)i  is  the  thickness  of  the  pure  Ni(OH)2 
which  for  the"  structure  of  that  compound  discussed 
above  is  equal  to  its  basal  spacing  of  4.75  A,  rNi  = 
0.69  A  [22]  is  the  ionic  radius  of  Ni2  +  ,  and  rM  =  0.51 
A  [22]  is  the  ionic  radius  of  Al3  +  .  The  parameter,  q, 
can  be  thought  of  as  an  intralayer  rigidity  parameter 
which  measures  the  rigidity  against  puckering  due  to 
substitutions  within  the  layer  itself.  In  Eq.  (5)  it  is 
explicitly  assumed  that  the  basal  spacing  of  the 
fictitious  compound  (C03)1/2A1(0H)2  can  be  com¬ 
puted  by  subtracting  the  differential  height  of  Ni  and 
Al  from  the  basal  spacing  of  Ni(OH)2. 

The  composition  dependence  of  the  gallery  height, 
h(x),  can  be  obtained  directly  from  the  discrete  FLR 
model  if  we  view  the  guest  pair  as  the  C03  ion  plus 
a  vacancy.  If  we  let  5  be  the  fraction  of  available 
carbonate  ion  sites  that  are  filled,  then 

h{s )  =hc oj1  -  (1  -  S)P ]  +/*Ni(OH)2  (6) 

where  hco  is  the  effective  height  of  the  carbonate 
ion  in  the  LDH  gallery  and  ANi(0 H),  is  the  gallery 
height  in  Ni(OH)2.  There  are  two  possible  choices 
for  the  relation  of  5  to  x.  The  chemically  defined 
relation  is  s  =  x/2  since  only  one  carbonate  is  re¬ 
quired  for  every  pair  of  nickel  ions  replaced  by 
aluminum  ions.  However,  from  the  point  of  view  of 
the  FLR,  the  maximal  occupancy  of  the  gallery  by 
carbonate  is  achieved  when  the  nickel  in  the  host 
layer  is  completely  replaced  by  aluminum.  More¬ 
over,  the  water  that  necessarily  cointercalates  with 
carbonate  ions  into  the  gallery  may  contribute  to  the 
propping  apart  of  the  host  layers.  Unfortunately,  the 
amount  of  water  present  is  not  a  known  analytic 
function  of  x  (see  discussion  below).  We  therefore 
make  the  approximation  that  the  gallery  is  fully 
occupied  when  nickel  replacement  is  complete  in 
which  case  s  =  x.  With  this  definition  we  find 

d(  *)  =  ^Ni(OH)2  +  ~  xp] 

(7) 

where  dNi(0Hh  =  *n«oh)2  +/»nkoh)2  is  the  basal  sPac' 
ing  of  pure  nickel  hydroxide.  From  the  substitution 
of  Eq.  (7)  into  Eq.  (1)  we  find 

V,[(l  _  X?)  -  l}-2 (rNi  -  rA1)[(  1  -X)q-1] 


4.1.3.  Applying  the  model  and  interpreting  the  re¬ 
sults 

We  have  used  Eq.  (8)  with  the  above  specified 
values  of  rNi  and  rAl  and  with  hCOy,  p  and  q  as 
adjustable  parameters  to  obtain  a  non-linear  least- 
squares  fit  to  the  data  of  Fig.  4  for  the  Ni— Al  LDHs. 
The  model  yields  an  excellent  fit  to  the  data  as  can 
be  seen  from  the  solid  lines  in  Fig.  4  and  the 
corresponding  adjusted  parameters  are:  hco ?  =  3.09 
±0.02  A,  p  =  35.31  ±  2.80  and  4  =  2.44  +  0.73. 
The  corresponding  fit  to  d(x)  obtained  by  inserting 
these  parameters  into  Eq.  (7)  is  shown  as  a  solid  line 
in  Fig.  3.  We  now  interpret  these  results. 

The  carbonate  ion  must  be  oriented  in  the  gallery 
with  its  threefold  symmetry  axis  essentially  parallel 
to  the  c-axis  of  the  host  structure.  Such  an  arrange¬ 
ment  leads  to  a  value  of  hco 3  close  to  the  van  der 
Waals  diameter  of  oxygen,  2.80  A  [22],  in  agreement 
with  observation.  The  analogous  height  if  the  three¬ 
fold  axis  was  perpendicular  to  the  c-axis  would  be 
twice  the  effective  radius  of  the  C03  ion  or  5.35  A 
(see  discussion  following  Eq.  (9)  below).  Such  a 
height  is  clearly  incompatible  with  the  measured 
value  of  h^  . 

We  believe  that  the  interlayer  rigidity  parameter, 
p,  has  been  fictitiously  enhanced  for  the  following 
reason:  the  water  which  is  present  will  tend  to 
solvate  (bind  to)  the  charged  carbonate  ions  and  thus, 
given  its  similar  height,  contributes  to  the  propping 
apart  of  the  host  layers.  However,  account  for  this 
effect  is  not  explicitly  expressed  in  Eq.  (8)  because 
the  observed  functional  dependence  of  y  on  x  which 
is  shown  in  Fig.  5  is  not  known  analytically.  We 
have  used  a  steric  model  to  calculate  the  maximum 
value  of  y  as  a  function  of  x  assuming  the  gallery 
area  per  Ni  ion  is  fully  occupied  by  a  monolayer 
containing  water  molecules  and  carbonate  ions.  Then 

^Ni  =^Max  ^H20  +  (  X/^)  ^C03’  (^) 

where  ANi  =  25.45  A,  AHi0  =  12.19  A  and  Aco 3  = 
22.73  A  are  the  areas  per  Ni  site,  per  water  molecules 
and  per  carbonate,  respectively,  in  Ni(OH)2.  The 
latter  two  values  were  determined  from  the  radius  of 
the  smallest  circle  that  could  inscribe  the  molecule 
whose  dimensions  were  obtained  from  the  known 
bond  lengths  [11],  bond  angles  [11]  and  the  Van  der 
Waals  radii  [22]  of  the  constituents. 
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Fig.  5.  The  composition,  x,  dependence  of  the  water  content  in 
the  Ni-Al  LDH  carbonates  (diamonds)  and  the  percentage  of  host 
layer  area  that  is  buckled  between  solvated  carbonate  pillars 
(squares). 


The  values  of  yMax  deduced  from  Eq.  (9)  are 
listed  in  Table  1  for  all  of  the  samples  studied.  In 
every  case  they  significantly  exceed  the  actual  water 
content  which  is  thus  apparently  not  controlled  by 
planar  steric  hindrance.  In  further  support  of  the  lack 
of  planar  steric  hindrance,  we  note  from  Fig.  5.  and 
Table  1  that  y  increases  with  x  over  the  range 
studied.  However,  if  planar  steric  hindrance  controls 
the  water  content,  as  more  C03  is  added  to  the 
gallery,  the  area  available  for  water  and  thus  y  is 
reduced.  To  understand  the  contrasting  observed  be¬ 
havior,  recall  that  in  the  FLR  model  the  host  layer 
can  collapse/ buckle  somewhat  to  yield  a  reduced 
gallery  height  in  the  lateral  space  between  solvated 


carbonate  pillars.  The  amplitude  of  this  buckling 
necessary  to  vertically  exclude  additional  water  can 
be  quite  small  (<0.1  A).  We  estimate  the  percent¬ 
age  of  host  layer  area  that  is  buckled  to  be 


%Buckled  = 


Mh2o  +  (  x/2)  ^co3 

^Ni 


X  100. 
(10) 


This  function  is  plotted  in  Fig.  5.  using  the  data  from 
Table  1.  As  can  be  seen  from  that  figure,  the  buckled 
area  decreases  with  increasing  x ,  thus  resulting  in 
increased  water  incorporation  in  qualitative  agree¬ 
ment  with  observation.  In  this  analysis,  Ni(OH)2  is 
fully  (100%)  collapsed  and  contains  no  gallery  wa¬ 
ter. 

The  effect  of  the  ficticious  enhancement  of  the 
interlayer  rigidity  parameter  can  be  roughly  approxi¬ 
mated  by  a  re-scaling  of  the  composition  axis  for  the 
interlayer  rigidity  parameter  as  shown  previously  by 
Lee  et  al.  [6]  for  the  case  of  H2  and  D2  physisorbed 
into  KC24.  In  effect,  the  gallery  expansion  reaches 
and  retains  its  maximum  value  when  very  few  car¬ 
bonate  ions  are  present,  i.e.,  at  x  lower  than  that 
deduced  from  the  chemical  formula.  As  can  be  seen 
from  Figs.  3  and  4,  this  value  of  x  is  approximately 
0.15  where  the  rapid  increase  in  dn  terminates.  Thus 
the  actual  interplanar  rigidity  parameter  is  approxi¬ 
mated  as  p  ~  0.15  X  34.85  =  5.22.  This  is  the 
(rounded)  value  we  have  entered  into  Table  2  where 


Table  2 

Classification  and  relevant  parameters  for  layered  solids 


Host 

Class 

Intersite 

distance 

a  (A) 

Site 

ratio 

a 

Inter-layer 

Intra-layer 

rigidity 

parameter, 

P 

±5% 

healing 

length, 

i  inter 

Ad 

±3% 

rigidity 

parameter, 

<7 

±5% 

healing 

length, 

i  intra 

Ad 

±3% 

Graphite 

I 

2.4704 

±0.0001 

3 

2 

3.16 

- 

- 

Titanium  disulfide 

II 

3.410 

±0.005 

1 

3.5 

3.35 

- 

- 

Nickel  hydroxide 

II-III 

3.126 

±0.005 

1 

~5a 

~  3.7 

2.44 

2.56 

Vermiculite 

III 

5.344 

±0.003 

1 

7 

5.34 

- 

- 

a  This  is  the  corrected  value;  the  measured  value  is  35.31;  see  text. 
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we  compare  our  results  for  nickel  hydroxide  with 
previous  measurements  on  other  layered  solids. 

The  discrete  version  of  the  FLR  model  relates  the 
interlayer  rigidity  parameter  to  the  interlayer  discrete 
healing  length,  A^nter,  through  the  relation 

p  =  tt(  Ajj"cr)2/aA0.  (11) 

The  analogous  expression  for  the  intralayer  rigidity 
parameter  is 

q  =  7r(\^f/aA0,  (12) 

where  a  is  the  ratio  of  the  area  per  site  of  the 
saturated  (x  =  1)  guest  layer  to  the  area  per  host  site 
and  A0  is  the  area  per  lattice  point  of  the  host.  The 
numerator  in  Eq.  (11)  is  just  the  area  of  the  puckered 
region  around  the  large  guest  ion.  For  Ni(OH)2,  the 
Ni  and  Al  ions  occupy  a  triangular  lattice  so  a  =  1 
and  A0  =  2(^3  /4 )a2  where  a  =  3.13  A  is  the  in¬ 
plane  lattice  constant.  The  inter-  and  intra-planar 
healing  lengths  of  Ni(OH)2  deduced  from  Eqs.  (11) 
and  (12)  are  compared  with  the  inter-planar  lengths 
of  other  layered  solids  in  Table  2. 

On  the  basis  of  inter-layer  rigidity,  graphite  is 
much  more  floppy  than  nickel  hydroxide  while  ver- 
miculite  is  more  rigid  as  expected  from  their  class 
designations.  The  comparison  with  TiS2  is  more 
interesting  because  it,  like  Ni(OH)2,  crystallizes  in 
the  cadmium  iodide  (or  brucite)  structure.  The  metal 
chalcogen  bond  distances  in  the  two  compounds  are 
3.692  and  3.331  A,  respectively.  Therefore,  one 
would  expect  the  Ti-S  bonding  in  TiS2  to  be  weaker 
than  the  Ni-OH  bonding  in  Ni(OH)2,  which  would 
yield  a  larger  rigidity  parameter  for  the  latter,  in 
agreement  with  observation. 

Nickel  hydroxide  is  the  only  layered  solid  for 
which  the  intra-layer  rigidity  parameter  has  been 
determined.  Like  the  parameter,  p,  the  parameter,  q , 
will  depend  in  a  complex  way  on  the  elastic  stiffness 
constants  but,  unlike  the  case  for  p,  the  explicit 
dependence  of  q  on  these  constants  has  not  yet  been 
deduced.  Moreover,  the  stiffness  constants  of  Ni- 
(OH)2  have  not  been  measured.  Nevertheless,  it  is 
apparent  from  Table  2  that  the  rigidity  of  the  Ni(OH)2 
layer  with  respect  to  transverse  contraction  caused 
by  replacement  of  Ni  ions  by  smaller  Al  ions  is 
considerably  less  than  the  rigidity  of  the  layer  to 
externally  induced  puckering. 


5.  Conclusions 

The  Ni-Al  layer  double  hydroxide  carbonates 
constitute  a  novel  system  with  which  to  study  the 
transverse  layer  rigidity  of  intercalated  layered  solids. 
They  offer  the  versatility  of  changing  both  the  com¬ 
position  of  the  host  layer  itself  as  well  as  that  of  the 
intercalated  layer  which  allows  for  the  first  determi¬ 
nation  of  the  intra-layer  rigidity  parameter,  q  -  2.44. 
While  that  parameter  has  been  determined  with  rea¬ 
sonable  accuracy,  the  inter-layer  rigidity  parameter, 
p  ~  5,  can  only  be  roughly  estimated  due  to  the 
necessity  of  rescaling  the  measured  value  to  approxi¬ 
mate  the  pillaring  effect  of  water  in  the  gallery. 
Within  the  limits  of  this  rescaling  approximation,  the 
Ni-Al  layer  double  hydroxides  exhibit  an  interlayer 
rigidity  which  spans  that  associated  with  class  II  and 
class  III  layered  solids.  They  therefore  appear  to 
represent  one  of  the  least  rigid  clay  systems  and  at 
the  same  time  one  of  the  most  rigid  chalcogenide-like 
layered  solids.  We  plan  to  develop  a  quantitative 
model  of  the  composition  dependence  of  the  water/ 
carbonate  ratio  in  order  to  more  accurately  establish 
the  value  of  p. 

The  layer  rigidity  model  which  we  have  employed 
here  assumes  a  random  distribution  of  both  the 
intra-layer  metal  ions  and  the  gallery  cations.  The  Ni 
and  Al  adopt  a  lattice-gas-like  arrangement  on  the 
triangular  metal  ion  net  but  there  is  new  preliminary 
magnetic  evidence  [14]  and  older  structural  evidence 
[7]  for  (subtle)  non-random  correlations  in  the  Ni 
sites.  Such  correlations  are  clearly  sufficiently  short- 
range  and  mild  so  as  to  not  perturb  the  validity  of  the 
FLR  model  as  employed  here.  The  random  arrange¬ 
ment  of  the  carbonate  ions  and  water  molecules  in 
the  gallery  is  best  characterized  as  a  2D  solvated 
liquid  with  a  large  excluded  volume  associated  with 
the  lateral  regions  where  the  host  layers  are  buckled. 
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